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EXECUTIVE SUMMARY

I. MATERIALS

The University Research Initiative on High Temperature Structural Composites,
supported by DARPA/ONR over a five—y.ar period, had several objectives related to the
materials. The first was to identify intermetallic and ceramic matrix materials and
suitable fiber reinforcements for new composite systems. The second objective was to
develop suitable processing techniques for composite production. Finally, a major portion
of the program was devoted to modeling and characterization of composite systems

fabricated in our laboratories.

A. INTERMETALLIC COMPOUNDS

Several intermetallic compounds were identified early in the program as suitable
candidates for composite matrix materials. These included NijAl, TiAl, NbjAl, Al;Ta,
MoSi,, NiAl, FeyAl and TaTiAl;,. Theoretical predictions of thermodynamic stability of
these compounds with various oxide, carbide and boride reinforcements indicated that TiB,
and Al,03 were stable in contact with most of these compounds. In the latter stages of the
program ductile niobium reinforcements were selected for study due to the ineffectiveness

of ceramic reinforcements a8 toughening agents.

1. Processing

A major accomplishment in the early stages of our program was the identification of
reactive sintering or self propagating high temperature synthesis (SHS) as a reliable means




of prepaning appreciable quantities of the intermetallic compounds from their elemental
constituents. Once the process variables (principally powder size and shape) were
optimized, and the magnitude of the exotherm was measured for each system, preparation
of composites reinforced with ceramic particles or fibers was easily accomplished. A
variant on the technique, known as reactive hot isostatic pressing (RHIP), was developed
to improve densefication of the composites. However, when it was clearly established that
these particulate or short, randomly oriented fibers were ineffective for improving ductility
or toughness, a new powder technique was introduced. Powder injection molding (PIM), a
process well known for polymeric materials, was adapted to the intermetallic systems, and
we were successful in producing aligned short fiber components of NiAl and MoSiz; with
Al;05. Later work with continuous fibers (principally Nb) incorporated with MoSiz was
accomplished by hand :ay—up techniques.

Another approach to preparing intermetallic matrix composites utilized a plasma
spray unit to co—deposit MoSi; and Al;Os layers. Another vapor phase technique,
chemical vapor deposition, was carried out under subcontract to prepare MoSi,y/SiC
laminates. Plasma spray of several other intermetallic compounds and their composites

was carried out as follows:

NisAl; Ni;M/MgO; laminates
FesAl; FesAl/Al;04 laminates
Ni; Ni/Al;04 particles

In general little oxidation was noted, densities between 85 and 100% of theoretical
were obtained and numerous non—equilibrium defects were observed by transmission

election microscopy.




In conjunction with the experimental work on plasma spray, a numerical model has
been developed to simulate the plasma process. This code aids in the determination of
proper particle sizes and plasma conditions which need to be satisfied to produce dense
deposits.

2. Mechanical Properties

Limited evaluation of mechanical properties was carried out on both matrix and
composite materials. Hardness, compression, bend, tensile, fatigue and creep—fatigue
studies were carried out on several systems. Significant toughening of the intermetallics
was achieved only when continuous, aligned metallic fibers were incorporated into a MoSi;
matrix. However, substantial strengthening of NiAl was achieved with TiB; particles and
with several solid solution alloying elements, principally Hf. It was shown that dispersion
weakening could occur when TiB; particles were added to a Hf—alloyed NiAl matrix,
confirming work reported elsewhere on different composite systems. Compression creep
experiments on MoSi; reinforced with Nb particles showed a sharp increase in creep rate
due to the particles. Temperatures ranged from 1323—1724K and stress levels studied were
10—-100 MPa. Linear creep with time was noted for the MoSi; matrix.

3. Environmental Effects

Intermetallic compounds often display appreciable sensitivity to gaseous or liquid
environments. In particular, NijAl, Fe;Al and TizAl are severely embrittled by hydrogen
at low temperatures, and NijAl is embriitled by oxygen at high temperatures. Therefore,
several investigations of the influence of hydrogen on particulate—reinforced intermetallics,




including a NisAl,Cr,Zr alloy, Fe;Al and a model NisFe system were carried out. These
tests showed that particulate or fibrous reinforcements do not significantly alter
environmental susceptibility. Similarly, oxygen at elevated temperatures was found to be a
severe embrittler of the Ni3Al,Cr,Zr alloy at elevated temperatures. Fatigue crack growth
measurements were carried out at several test temperatures and at several test frequencies.
The relative importance of creep and environmental effects on crack growth rates was

established.

4. Oxidation

Isothermal and cyclic oxidation experiments were carried out on 9TiAl , NbAl, ,
NiAl , MoSi; and their composites. These studies are described below:

a. TiAl and Compogites

The oxidation behavior of gamma TiAl containing 40 wt.% (54 at.%) aluminum
was studied at 950 to 1070°C in air. The effects of niobium and alumina reinforcements on
the oxidation of TiAl also were studied over this temperature range.

Alumina was chosen as a reinforcement because of a low CTE mismatch with the
matrix (8x10-08 /°C vs. 11x1096 /*C) and an inherent chemical compatibility with gamma
TiAl. Three types of Al;O; fibers were used, as were Al;O4 particles. FP and PRD166
(Al;03 + ZrO;) fibers were chopped to lengths of 3mm and Saffil fibers were supplied in
lengths of 200im. The chopped fibers were mixed with the elemental titanium and
aluminum powders, cold isostatically pressed, pre—reacted at 800° C, and then consolidated




by hot isostatically pressing at 1350°C. After fabrication, the composites were fully dense

and X-ray diffraction confirmed that the matrix was gamma TiAl.

The specific weight gain of the PRD166 reinforced composites was greater than that
of the monolithic TiAl and increased proportionally with the volume fraction of
reinforcement. It is believed that stress—assisted diffusion, occurring at the high
fabrication temperature and pressure, produces a zirconia sheath at the perimeter of the
fibers and dopes the matrix with zirconium. Zirconia, in which oxygen diffuses rapidly,
allows rapid oxygen diffusion along the fibers and subsequent oxidation of the surrounding
matrix. This localized oxidation is responsible for the increased weight gain in the
TiAl-PRD166 composites.

A fiber—matrix reaction occurred at some of the fibers, predominantly at fiber
clusters, during oxidation at 950, 1020 and 1070°C in air. The reaction grows at a
parabolic rate, produces AlO; precipitates in the matrix and dopes the matrix with

zirconium.

The matrix~PRD166 reaction results from localized internal oxidation at fiber
clusters, not from an inherent chemical fiber—matrix incompatibility. Electron microscopy
shows that the fiber ends are not covered by an oxide film, thus allowing a constant supply
of oxygen to the reaction zone surrounding the fibers. Zirconium, which diffused into the
matrix during fabrication, increases the oxygen diffusion in TiAl and, consequently,
promotes internal oxidation. The internal oxidation along the PRD166 fibers may be
suppressed by heat treating in vacuum or increasing the aluminum content of the matrix
from 40 to 48 wt.%.




In contrast to the PRD166—containing composites, TiAl reinforced with FP fibers,
Saffil fibers, or Al;03; powder did not exhibit increased weight gain during oxidation, as
compared to monolithic TiAl, or any internal oxidation. The lack of internal oxidation in
these composites indicates that the fiber—matrix reaction is dependent on zirconium for
enhanced oxygen diffusion along the fibers and in the TiAl matrix. In composites
containing FP or Saffil fibers, the alumina reinforcement reduces the matrix surface area

available for oxidation and, thereby, improves their isothermal oxidation resistance.

The oxide adherence on monolithic TiAl during cyclic oxidation is poor, as indi~ated
by the spalling and subsequent rapid weight gain. In contrast, none of the composites
exhibited any spalling. Oxide adherence on Ti—Al alloys appears to be associated with the
ability to form a continuous alumina film and the absence of a thick external TiO; scale.
Alumina reinforcements in TiAl promote the formation of a continuous Al;Oy film, which
leads to improved oxide adherence and superior cyclic oxidation resistance, as compared to

monolithic TiAl.

b. NbAI. and Composites

The oxidation characteristics of reactively sintered NbAly were analyzed.
Reactively sintered NbAl; has parabolic oxidation behavior at 1000°C and forms a layered
oxide, with alternating bands of Al;Oy and NbAlO4. A phase transformation to NbjAl
occurs as the NbAlj; is oxidized. This result is in agreement with those of Perkins and
others who examined pack aluminised and cast NbAl,.

The oxidation behavior of reactively hot isostatically pressed (RHIP) NbAl; and
RHIP NbAl; reinforced with Saffil was studied between 1000 and 1400°C. The oxidation




resistance of the composites is improved at 15% Saffil but harmed at 5% Saffil compared to
the monolithic RHIP. Hot pressed NbAls; was found to be more oxidation resistant than
the RHIP materials.

c. NiAl and Composites

The oxidation behavior of NiAl and NiAl matrix composites was examined between
800 and 1200°C. The mass changes were detected with a continuously recording Cahn

microbalance.

The mass change after 50 hours for RHIP NiAl and RHIP NiAl and RHIP NiAl
reinforced with 10 and 20% random FP alumina fibers was determined. These results show
that the oxidation resistance is not affected by the inclusion of the fibers, although the bulk
surface area was used for the calculations rather than the effective surface area of the NiAl.
Use of the effective surface area would have resulted in an increase of the specific mass

change.

The mass change after 50 hours for the RHIP NiAl is not deleteriously affected by
the inclusion of H{B, at 800 and 1000° C. However, at 1200° C the composite exhibits a two
times increase in weight compared to the monolithic material. The composites reinforced
with 26% HfB; have a two times weight increase at 800 and 1000°C and a 10 times
increase at 1200° C compared to monolithic NiAl.

NiAl reinforced with TiB3 has worse oxidation resistance at all volume fractions and
temperatures when compared to monolithic NiAl. There is also an apparent discontinuity
in the weight change data that occurs between 1000 and 1200°C. This discontinuity is




most likely due to a change in the oxide that is formed since the phase diagram indicates
liquid phase formulation at 1050° C.

The oxidation data were fitted to a parabolic equation and a rate constant was
determined. The rate constants were in agreement with the mass change data for all the
samples examined. Al;O3 has a negligible effect on the rate constant. The rate constant
for NiAl/10% HfB, is lower at 800 and 1000° C than monolithic NiAl. The rate constants
for the TiB; reinforced composites scale with the volume fraction of the reinforcement.

d. MoSi> and Composites

Cyclic oxidation experiments were carried out on MoSi; and MoSiz—Nb fibrous
composites at 1200°C. Initial degradation of the composites were a result of Nb fibers on
the surface oxidizing. As time progressed, cracks developed in the matrix due to the

volumetric expansion associated with the formation of niobium oxide.

B. CERAMIC MATRIX COMPOSITES

1. Thermochemical Calculations

The thermochemical computations during the course of this program developed
programs based on the principles of free—energy—minimisation for the systems involved.
The number of different high temperature materials investigated exceeds 100, and the
associated reactions, thermochemically analysed, amount to several hundred different

processes.




A computational thermodynamic analysis of group IV, V and VI transition metal
borides, carbides, nitrides, and oxides established the thermal stability limits of these
materials. For selected boundary conditions, these computations yielded the relative
stabilities of compounds in the different classes investigated. The results of this analysis
provided the basis for a large number of specific investigations dealing with critical

processes of high temperature ceramic materials. These are summarized in the following.

* Evaluation of thermal stabilities and surface recession rates of borides, carbides,
nitrides, and oxides of boron, aluminum and silicon and of MgO, BeO, Y303, and

CeO 2.

The results of this work revealed the expected lifetimes of materials under various

temperature conditions.

* Computation of volatility (partial pressure) diagrams for various oxides and

nitrides, e.g., Al;0s, Mg0O, BeO, Z10,, SiO,, BN, AIN, and SisNq.

The resulting phase diagrams established quantitative boundary conditions in terms

of temperature and atmospheric conditions.

* Computation of phase stability diagrams for the systems Si~-N-O, B-N-O,
Si—-C-N-0, and others.

This is an application of stability computations to important ternary aad
quarternary systems.




* Computation of environmental stability (oxidation, nitridation, vaporization) for

borides, carbides, nitrides, and oxides of various refractory metals.

This analysis is concerned with the simultaneous occurrence of oxidation,

nitridation, and mass loss (vaporization).

* Thermochemical compatibility of C, SiC, SisN4, TiB,, and Al;O3 reinforcements

with various oxides, borides, and nitrides based matrices and coatings.

* Chemical compatibility and environmental stability of TiB2, ZrB,, and HfB; with
A.le;, TiOz, ZrO:, and HfOz.

* Analysis of chemical compatibility of SiC, TiBj, and Al;O; reinforcements with
nickel aluminides (TisAl, TiAl, and TiAly).

* Environmental stability and chemical compatibility of various reinforcements in

molybdenum disilicide matrix.

The above topics deal with important interfacial reactions which determine the
practical limitations of composite materials.

* Estimation of thermal expansion behavior of various refractory carbids and
nitrides, e.g., TiC, ZrC, HIC, VC, NbC, TaC, TiN, and ZtN.

The last topic provided the basis for the further development of equations for the
estimation of the thermal expansion of selected materials.
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The combined results of the thermochemical analysis of high temperature ceramic
materials and ‘nteractions provided important and new insights into the thermal and
environmental behavior of these materials. The results also demonstrate the importance
and practical value of thermochemical computations for the application and modification of
existing materials, and for the synthesis of new materials. The agreement between
predicted behavior and experimental observations of investigated systems supports the
validity of our theoretical approach and of the thermodynamic data employed for these

computations.

2. Th ili P i

A brief summary of the key results obtained for the several different projects

conducted with organometallic precursors follows:

Our work in this area has focused on the preparation of polymeric precursors to SiC
that contain a stoichiometric ratio of Si to C hydrogen as essentially the only additional
component. Two different routes to polymers having the approximate formulae,
"[SiH,CH,]", were discovered, leading, respectively, to highly branched and linear
polycarbosilanes. Both polymers were found to have high ceramic yields, after thermal

processing, and gave near-stoichiometric SiC on pyrolysis under nitrogen.
The first approach developed employs Mg as a coupling agent and Cl3SiCH,Cl as

the starting material. The resultant "chloro polymer" (nominally, "[SiC];CH,|" was
converted to the hydridopolymer "[SiH,CH,J", by reduction with LiAlH,. A patent
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application covering this process and the hydrido polymer as a new composition of matter
was submitted on behalf of Rensselaer to the US Patent Office in July 1990 by the AKZO

Corporation in exchange for an exclusive license.

A structural analysis of this polymer by NMR methods have revealed a complex,
highly branched structure, resulting from the ternary functionality of the ClSi end of the
monomer unit. Despite this branching, the polymer is not appreciably crosslinked and
remains liquid and highly soluble in hydrocarbon solvents. This "[SiHyCHj)" polymer
undergoes crosslinking through loss of H; above ca. 200°C, eventually forming a gel, and
then a glass, which is insoluble and exhibits a high char yield on pyrolysis under N3 to
1000° C (ca. 80%).

The second approach that we have developed to obtain a "[SiHyCH,|" polymer
involves the ring—opening polymerization of tetrachlorodisilacyclobutant, {SiCl;CHa]2. The
resultant "chloropolymer" is again reduced to the hydridopolymer with LiAlH,. In this
case, however, the product polycarbosilane is a high molecular weight linear polymer that
contains the [SiH,CHj]n repeat unit. This polymer is also a liquid at room temperature, is
soluble in hydrocarbons, and undergoes pyrolysis under N3 to give stoichiometric SiC in
yields approaching the theoretical value (up to 91%) by 1000°C. This polymer is currently
available only in small quantities by a relatively low yield process and is not expected to be
competitive in the short term with our branched "[SiHsCH,]" polymer as a source of SiC
for composite fabrication. In the longer term this may change, as we are continuing to
explore alternative, low cost, high yield approaches to the [SiCl;CHj]; monomer.

Both of these methods are fundamentally new approaches for SiC precursor
preparation. The new polycarbosilanes s0 obtained undergo a novel thermally induced
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crosslinking process that involves elimination of Hy from SiH, groups on the polymer
backbone. They show considerable promise as high yield precursors to stoichiometric SiC
and, in the case of the branched polymer, as a viable source of SiC coatings and matrices

for composites.

b. ies of Pr ic Pol P

These studies have focused on two different organosilicon precursors, a vinylic
polysilane (Y—-12044) previously marketed by Union Carbide, and the "{SiH,CH3)" polymer
described above. Pyrolysis of both polymers gives an amorphous "SiC" ceramic on
pyrolysis under N; to 1000°C; however, the SiC obtained from the commercial vinylic
polysilane contains ca. 17% excess C and undergoes a significant weight loss on heating in
air above ca. 700° C whereas the "[SiH;CH3]" polymer gives a virtually pure SiC product
that shows no weight loss on heating in air at high temperatures. In our studies of the
polymer—to—ceramic conversion process, solid state NMR, as well as other chemical and
microstructural analysis methods were used to follow the micro— and macroscopic changes
occurring in the sample on heating in N2. The NMR studies were aided by collaboration
with Prof. G. Maciel of Colorado State University and a joint postdoctoral associate, Dr.
Paul Marchetti, both of whom are experts in solid state NMR spectroscopy. In these
studies 29Si, 13C, and 'H NMR spectroscopy was used to follow the local structural changes
occurring during the curing (thermosetting) and subsequent pyrolysis stages during the
conversion. Key findings include the identification of vinyl coupling initiated by Me,Si
radical formulation as the main thermosetting mechanism in the case of the
vinyl-substituted polymer, whereas the "[SiH,CH,|" polymer apparently thermosets
through interchain Si—Si bonding after loss of H; from the SiHy groups on heating. At
higher temperatures in both polymers the "SiC" network structure develops through
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radical coupling reactions after loss of Hy (and, in the case of the winylic polysilane,
hydrocarbons and volatile organosilanes) from both the Si and the C atoms of the polymer.
Among the important practical consequences of this study is the finding that loss of H,
from SiHy (x > 2) groups can provide an effective crosslinking mechanism above 200°C
and, therefore, that C—containing functionalities such as vinyl groups are not necessary for

effective thermosetting of SiC precursors.

We have found that both homogeneous solid solutions and nanoscale composite
mixtures of SiC with AIN can be obtained on pyrolysis of mixtures of the polycarbosilanes
and dialkylaluminwm amides (as the AIN precursor) and that the ceramic yield of the
polvcarbosilane is generally enhanced in the presence of the AIN precursor. This opens up
the possibility of using the "[SiH;CH,J" precursor not only as a source of SiC coatings and
matrices for ceramic composites but also for the preparation of other mixed—component
ceramic systems that may be more advantageous than SiC alone as a matrix, coating of
fiber material. In particular, alloying of SiC with AIN has been reported to improve its
microstructural stability, inhibiting the exaggerated grain growth that is known to
contribute to the loss of strength typically observed for commercial "SiC" fibers at high
temperatures (1200—1800° C).

We also have explored the use of both precursor mixtures and specially prepared
single component precursors in the preparation of nanocrystalline composites of AIN/SigNy,
BN/SisN4, and BN/TiN. We have demonstrated that such precursors can be used to
obtain extremely fine-grained, homogeneously mixed composite powders of these
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crystalline ceramic phases. Such mixed—phases ceramics may have application as matrices

for SiC—reinforced composites or as tough monolithic materials in their own right.

d. CVD of Interphage Layers for Composites

In the area of CVD of fiber coatings for high temperature composites, we have
developed an effective process for coating SCS—6 SiC fibers with yttria and have
demonstrated that such a coating is effective in inhibiting reaction of the SiC with Ni
during the fabrication of SCS—6—reinforced NijAl matrix composites by reactive sintering.
In this study, the conditions for obtaining a uniform adherent coating of yttria on the
SCS—6 fiber by using a tris—betadiketonate complex as the CVD source were determined
and SiC/NisAl composites were prepared by reactive sintering from Ni and Al powder
mixtures. The presence or absence of a reaction between the fiber and the matrix was
determined by means of SEM and scanning electron microprobe methods after sectioning
the composites both perpendicular to and along the length of the SCS—6 fibers. This
approach to the production of protective fiber coatings using betadiketonate complexes
should be generally applicable to a wide range of other oxides, such as ZrO,, Al;0s, and

SCQO 3.

We also have explored the use of cyclic orgamosilicon and organcaluminum
compounds as single—source precursors *-, SiC and AIN respectively, both of which ceramic
materials hold promise for fiber coatings or CVI—produced matrices in high temperature
structural composites.

Detailed studies have been initiated of the gas phase chemistry occurring on
deposition of AIN using the cyclic organoaluminum amide, (Me,AINH,];, a compound
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which we had previously identified as a suitable single source precursor to AIN. Our
objective is to understand the precursor—~to—ceramic conversion process, 80 as to enable the
effective use of this precursor in the deposition of AIN on SiC fiber. Key results include the
development of a molecular beam apparatus for time—of—flight measurements on the base
phase species and its application in the identification of a dimeric form for this precursor in
the gas phase at elevated temperatures. These results indicate a rapid equilibrium between
monomer, dimer and trimer analogous to that which we had previously observed in

solution.
3. Mechanical Properties of Ceramics and CMC

Mullite (3A1;0y , 25i0;) was selected for study as a matrix for ceramic matrix
composites because of a high melting point, 1890°C, and a low density, 3.15 g/cc. High
purity mullite with and without glass at the grain boundaries and second—phase alumina
was synthesized by a sol-gel method.

Three compositions of chemically pure mullite powders were synthesized with
controlled phase compositions, densified into pellets, and creep tested at temperatures in
the range of 1200 to 1600°C. Apparent creep activation energies of 740—820 kJ/mol and
stress exponents of 1.2-1.6 were measured in air on the fine grained (< 1m) mullites.
Mullites containing glass crept about an order of magnitude faster than the crystalline
compositions. Samples of "single crystal” mullite were found to contain impurities and
glass, and crept at approximately the same rates as the polycrystalline mullite~with—glass
composition. Mullite creep literature has been reviewed and related to microstructure and
test technique.
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The compressive creep behavior of three aluminosilicate compositions containing
fine—grained (< 1ym) muliite were measured in air at 1470—1725K and 15-100 MPa. The
mullite with second phase corundum was the most creep resistant, closely followed by the
single—phase mullite, which was about an order to magnitude slower than mullite
containing second phase glass. The creep activation energies (740-820 kJ/mol), stressA
exponents (1.2-1.6), the magnitudes of the creep rates and the microstructural
observations by SEM and TEM were used to interpret the likely controlling creep
mechanisms: diffusional control in the crystalline compositions, and viscous flow of the

glassy grain boundary phase in the composition containing glass.

Primary creep was observed except at the highest temperatures before the creep rate
decreased to a steady state, linear creep rate. Significant changes in density or grain size
did not occur during the tests, which were maintained at total strains of less than 5%. At
approximately equal grain sizes (~0.8 um) and densities (92—95% of theoretical), the
samples containing glass crept more rapidly than the single phase samples, which crept
more rapidly than the sample containing a—Al;0s. The observation that the creep of
mullite containing corundum is slower than that of single phase maullite is in contrast to
previous results probably due to differences in microstructure. Our samples contained
elongated corundum particles 6 ym long by 0.5—1 uM diameter; previously tested samples
contained roughly equiaxed corundum particles with grain sizes approximately equal to
that of the mullite matrix.

Selected creep measurements were made on samples prepared from commercial
mullite powders from the United States (VISTA), France (Baikowski) and Japan
(Chichibu). The creep rates for these glass—containing maullites were the same or slightly
faster than those of the RPI samples containing glass, and the commercial samples are less
chemically homogeneous according to EDS back—scattered electron results.
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Mullite "single crystals" grown by a Czoch;.lski process were obtained. Glass
pockets were found by optical microscopy. Creep tests showed a pronounced primary creep
stage under most conditions, and a creep rate close to that of the polycrystalline mullite
containing glass. Samples have been annealed in order to dissolve the glass in mullite,

which has a 2:1 composition.

A study of the microstructural evolution of single—phase mullite and
mullite/ @~Al,O3 under load free conditions was made at 1423K, 1840K and for 1-80H.
The significant changes in the microstructure were a small increase in density (<1% TD),
and a small increase in mullite grain size. After a 100h hold, the mullite grain size in the
single~phase mullite should increase from an initial 0.5 um at 1423K and to 2.0 um at
1840K. The elongated a—Al;0; grains decreased in aspect ratio (from ~9—4) during the

heat treatments.

Microstructural examination of the samples containing glass with SEM and TEM
revealed equiaxed, rounded mullite grains surrounded by the intergranular glass at grain
boundaries and triple points. The mullite grains in the single phase and mullite plus
corundum samples were equiaxed and occasionally elongated, with straight or slightly
curved grain boundaries. No second phase glass was found in the single phase samples or in
the mullite containing corundum. The corundum was located at grain boundaries.
Occasional dislocations were observed in all of the compositions in both the deformed
samples and in the undeformed samples. Evidence of cavitation was not observed, except
in the crept samples containing glass at higher strains.

The evolution of the grain size distribution of mullite samples was studied after
heating at temperatures up to 1700°C. The grain sise distributions were log—normal both
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before and after heating. The activation energy for grain growth was found to be about 260

kj/mole, and the grain size grew proportional to square root of time.

The mullite creep literature has been reviewed. The test and characterization
procedures have been documented, since small differences in the procedures as well as the
samples may have a pronounced effect on the creep rate. Literature data for mullite
containing glass were replotted after reducing the literature data to a common grain size
and temperature or stress. Nearly all of the replotted data for mullites containing glass
were found to fall on a single line which had an activation energy close to the activation
energy of viscous flow. The reduced data for the single phase maullites showed more scatter
than did the mullites containing glass. Evidence exists that some of this difference is due
to differences in microstructure, specifically chemical homogeneity and grain structure,
which can be affected by processing.

C. FIBER PROCESSING AND PROPERTIES

1. Processing

Direct measurements of transverse coefficients of thermal expansion have been
performed on single carbon fibers. Although axial properties of carbon fibers are well
known, only "guesstimates" of the transverse properties were used in the past for
micromechanical modeling. The usual assumption of transverse isotropy was found
experimentally to be invalid for higher modulus pitch precursor carbon fibers, as the
thermal expansion was found to differ by as much as a factor of three in various radial
directions. While the transverse coefficients of thermal expansion could be
semiquantitatively predicted from a fiber’s microtexture, the inability to properly account
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for the pores/cracks requires that the coefficients still be determined experimentally at
present. This phase of the program has allowed the determination of the transverse
properties of carbon fibers.

Chemical vapor deposition has been used for fabrication of creep resistant fibers,
and the infiltration of higher strain to failure matrices. Extensive efforts have been made
to properly model the flow, temperature, and concentrations for fiber fabrication. At
present, a complete calculation from first principles cannot be made because of excessive
computational time. However, within five to ten years, the computational capability
should be available. For infiltrated matrix depositions, the research has shown that design
fiber architecture for manufacturing as well as mechanical properties could drastically
reduce deposition time. The complete description of fiber architectures, designed for
manufacturing, was not completed. However, even with present 2—-D fabric composite
preforms, a two—step deposition procedure, optimized for the two main void distributions,
reduced deposition times to tems of hours from hundreds. Finally, infiltrations using
multiple crack stopping interfaces, such that an internal lamellar microstructure resulted,
produced a doubling of the matrix failure strain.

The goals of this project were to develop advanced techniques for the mechanical
characterization of fibers at elevated temperatures, and to utilizse these techniques for the
detailed characterization of candidate fibers for high temperature reinforcement of
composite materials. Two original instruments were designed, constructed and utilised.
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The first instrument consists of a six station high temperature fiber creep facility
which utilizes direct ohmic heating of the fibers. The fiber temperature is measured using
a two wavelength optical pyrometer with a computer interface. The pyrometer is mounted
on a precision, stepper motor driven, rotary table which is also interfaced to the computer.
This setup enables the use of a single pyrometer for the simultaneous creep data acquisition
on up to six fibers. In addition, the rotary table provides a precise means by which to
automatically aim the pyrometer at the fiber. This feature eliminates a major source of
errors associated with fiber temperature measurements. A closed loop PID control scheme
is implemented whereby the temperature error signal is fed to a high voltage DC power
supply which controls the current passing through the fiber. In practice long term
temperature stability of + 1 C is achieved at temperatures of 1600 C. Fiber deformation is
measured directly by fixing one end of the fiber to the core of an LVDT, which is also
interfaced to the computer. The ends of the fibers are secured in water—cooled aluminum
quench blocks. The temperature gradient over the entire length of the fiber (which is 15
inches) is less than 30 C at an operating temperature of 1600 C. This provides an
exceptionally long isothermal gage length and contributes to the high precision of the

instrument. Creep experiments were generally conducted in an argon environment.

The second instrument is a heated wall, dynamic mechanical apparatus which is
capable of resolving both the in—phase (storage or elastic modulus) and out—of~phase (loss
or viscous modulus) components of the dynamic modulus as a function of both temperature
and frequency. A linear motor with a DC bias to maintain fiber tension is connected to
one end of the fiber, and is driven by a DC coupled power amplifier, whose drive signal is
derived from a computerized Fourier transform type of phase angle analyser. This
apparatus has an operating range of from room temperature to 1600 C and frequency range
from 0.1 to 25 Hs. The resolution on loss factor is 0.0005 or better, as confirmed by
completely elastic fibers run at room temperature.
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Both systems have been used to characterize SCS—6 SiC fibers. A complete set of
creep curves have been obtained between 1100 and 1500 C, at several levels of stress. It is
found that the creep is a linear viscoelastic process, and is fully recoverable within certain
limits of stress and temperature. In addition, the coefficient of thermal expansion has been
obtained vs. temperature. It is found that there is an anomalous contraction at ca. 1370 C,
for heating rates of 15 C/min. The kinetics and hysteresis in length associated with this
phenomenon have been studied extensively. It is believed that the anomalous contraction
is due to the melting of excess silicon within the SIC structure. Dynamic data on these
fibers have been obtained from 1100 to 1500 C using a variety of heating and loading paths.
It is found that the viscous component of the modulus begins to grow rapidly above 1200 c.
An algorithm has been developed for the determination of isothermal gage length data from
the parabolic temperature profile data obtained in the heated wall system. The dynamic
data emphasize the short time scale responses of the fiber, whereas the creep data
emphasize the long time scale behavior. Taken together, these data provide a
comprehensive data base for the evaluation of these fibers as a suitable high temperature

reinforcement.

It is noted in closing that the techniques we have developed are now being used to
evaluate new fiber systems, including YAG fibers and alumina fibers.

D. INTERFACES

Several studies were carried out aimed at characterizing and understanding the
factors involved in the kinetics and enmergetics of the formulation and stability of
fiber~matrix interfaces. The results of three studies, one on the Al-SiC system, one on Ti
Alloy-Al;,0, systems, and ome on interface formation by sputter deposition, are

summarized below.
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1. Aluyminum on Silicon Carbide

The interface studied was formed by the deposition of aluminum on the (0001) faces
of SiC single crystal platelets. The process was carried out in ultrahigh vacuum, with
aluminum being deposited by physical vapor deposition onto the clean SiC surface.
Depositions were carried out for a range of deposition times and surface temperatures. The
deposition process was characterized by in sity Auger electron spectroscopy, measuring the
Auger peaks for Al, Si and C after increments of aluminum deposition. After deposition,
temperature programmed desorption (TPD) was used to characterize the binding energy of
the aluminum to the substrate, and the deposit was depth profiled using argon ion
bombardment to determine the extent of Al penetration into the SiC lattice. Annealing
studies were also carried out, using Auger electron spectroscopy to characterize changes in
the Al binding states at the surface.

At low substrate temperatures (below 300°) the deposit grew by the
Vollmer—Weber mechanism, with islands of solid Al forming on an otherwise nearly clean
SiC surface. Plots of the intensity of the various Auger peaks ys deposition time, show
that, as surface temperature increases, fewer nuclei form, leading to a more gradual
decrease in Si and C Auger features as deposition proceeds. At temperatures above 300°C,
there is a reaction between the Al and the SiC. This is shown by a shift in the Al LVV
Auger transition energy. Depth profiles taken after disorption of the unreacted aluminum
showed that this reaction involved only the top most atomic layer of the SiC, with Al
atoms replacing Si in this layer. TPD studies showed sero—order desorption kinetics, with
a desorption energy of 148 Kj/mol for desorption from heavy deposits of aluminum, while
light deposits showed first—order kinetics with a desorption energy of 178 Kj/mol. This
behavior is also consistent with the evaporation of an island deposit on top of a reacted

layer.
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While this study provided significant information on the kinetics and energetics of
the interface formation, it was not capable of forming thick layers that would be useful in

studying the long—term stability of the Al/SiC interface, and was not pursued further.

2. Titaniym Alloys on Al.Os

This study was aimed at characterizing interface stability in titanium
aluminide/sapphire composites. Samples were prepared by sputter deposition of the
desired metal or interm: ‘lic onio flat, single crystal samples after sapphire. Typically,
the layer deposited was 1000 — 2000 A thick. After deposition, samples were annealed for a
range of times and temperatures. The annealing process was carried out in ultrahigh
vacuum to avoid introducing oxygen into the sample from the free surface. After
annealing, the samples were analyzed by Rutherford backscattering spectroscopy (RBS)
and by Auger depth profiling to characterize the extent of reaction or interdiffusion at the
metal-oxide interface. Results for the various combinations studies are summarized below.

Auger spectra taken in the course of the depth profile run on an annealed Ti/Al,0y
sample indicated that the aluminum Auger peak in the 60 eV region was split, showing
contributions from both metallic aluminum and oxidized aluminum, Al3*. Accordingly, all
depth profile studies recorded these two contributions independently.

There was a general trend for the reactions to become thermodynamically more
favorable as the oxidation state of the titanium in the oxide product decreased.

The results obtained clearly indicate that the titanium—Al;O; interface is highly
reactive, even at relatively low temperatures. Use of intermetallic matrixes such as TiAl or
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TiTaAl; greatly reduces the tendency toward interfacial reactions, with the interface
stability increasing with the addition of tantalum.

3. Fiber Coating by Sputter Deposition

A preliminary study was made to determine the feasibility of depositing protective
coatings on fibers or fiber tows by reactive sputter deposition using a hollow cathode
configuration. In this technique, a magnetically confined discharge produces ions that
remove material from a target by ion bombardment. In physical sputtering, the material
removed is redeposited on the growth surface. In reactive sputtering a second gas that will
react with the material being deposited is added to the system, to produce a deposit of the
reaction product. This technique makes it possible to deposit refractory materials such as

nitrides or borides at temperatures close to ambient.

This system was tested in the deposition of titanium onto 3mm diameter carbon
rods, and onto the fibers of a carbon fiber tow, containing approximately 1000 fibers, each
about 7 um diameter. Deposition onto the carbon rod resulted in the formation of a
deposit of pure titanium at a deposition rate of 750 nm/minute. In the case of the fiber
tow, it was found that fibers separate from one another due to the electrostatic repulsion
associated with surface charge buildup during exposure to the plasma in the hollow cathode
cell.

An initial study of reactive sputter deposition was also carried out in this system,
using N as the sputtering gas to produce a TiN coating. Results indicated the formation
of a non—stoichiometric TiNy, with x less than unity. It is felt that this non—stoichiometry
is due to inadequate control of the N3 gas pressure during the sputtering process.
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4. Facilities Development

During the course of the program a major effort was made to upgrade our facilities
for the production and characterization of samples containing metal—-refractory interfaces,
including lamellar composite samples, coated fibers and samples for the study of interface
strength and stability.

Two systems have been constructed for sample fabrication. One of these, a research
CVD system optimized for deposition using organometallic precursors, was developed using
funding provided as part of a grant from the New York State Energy Research and
Development Agency. The second, a research sputter deposition system, was developed
under DARPA funding.

The sputter system is a tree—target system, capable of both rf and dc magnetron
sputtering. It is equipped with facilities for pumping into the ultrahigh vacuum range,
rapid switching from one material to another using a shutter system, sample introduction
without breaking vacuum, and feedback control of deposition rate and sputtering gas
composition. This system has been used successfully to deposit MoSis/Al;03 multilayer
structures, and can be used with the hollow cathode configuration described previously for
reactive sputter coating of refractory materials onto fibers or fiber tons.

In this characterization area, an x—ray photoelectron spectroscopy (XPS or ESCA)
system has been installed, and is currently being used to analyse both the MoSia/Al;04
multilayers mentioned above, and to extend the previous studies of interfaces between
intermetallics and refractory materials.
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5. Soft Layer Interfaces

The focus of this study is the analysis of "soft layers" interfaces in ceramic matrix
composites as a mean of improving strain to failure capability. The approach taken here is
to first evaluate the stress field for various crack configurations, then the compliance of the
sample can be computed. Several conclusions were drawn from this study: 1) for the "soft
layer" interface concept to be effective the maximum maximum interface strength should
be very low. For instance in a ceramic with a fracture toughness of 0.3 Pa.m1/2 .. a soft
layer distance of a = 10 microns the maximum interface strength was found to be 60 MPa.
2) A limiting soft layer disbonding length can be determined for a given interface strength.
For instance, for the same ceramic with an interface strength of 33 MPa, the toughening
mechanism will be effective if the interface debonds over a length 4a. 3) For a given crack
size and interface spacing the stress at which the crack will propagate to the interface can
be determined based on the J—Integral concept. 4) using a finite element model of the
matrix with a crack having propagated to the interface, significant improvement in
compliance can be demonstrated. For example, when the interface has debonded one third

of the length of the sample, a 50% improvement in sample compliance can be obtained.
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II. MECHANICS

The mechanics program was conducted, in part, to support the material selection
and predict the behavior of different material systems. Both micromechanical and

macroscopic studies were conducted on ductile and brittle matrix systems.

A. MICROMECHANICAL MODELING

The micromechanical analysis work was concerned with the behavior of ceramic and
intermetallic systems subjected to mechanical loads and to thermal cycles. The general
objective was to examine the thermomechanical compatibility, to develop methods for
reliable prediction of overall properties and of local stress and strain fields in the phases
under prescribed thermomechanical loads, and to explore techniques for reduction of local

stress concentrations.

With regard to brittle systems, we have developed analytical approaches to
modeling of coated fiber systems. Both exact and approximate techniques were used. For
example, using Dvorak’s discovery of the properties of uniform fields in heterogeneous
media, we were able to derive exact connections between mechanical and thermal stress
and strain fields in two and three—phase fibrous systems. These connections proved useful
in the understanding of such diverse phenomena as evaluation of coefficients of thermal
expansion, response of yield surfaces to thermal changes, and conversions of thermal
changes to mechanical loading in inelastic deformation. Among the approximate
techniques we have chosen the Mori—-Tanaka approximation in studies of coated fiber
systems. We extended the original formulation to three—phase systems and incorporated
cylindrically orthotropic fiber properties, as well as changes of elastic constants with
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temperature. To make the results useful to designers, we have extended the above results
to laminates and outlined a technique for constructing failure maps that define a
permissible loading range in the laminate overall stress space such that a specified
magnitude of fiber, matrix, or interface strength is not exceeded. The maps are
constructed in a dimensionless stress space in which the laminate stresses are normalized
by the assigned strength values. Therefore, the maps can be easily adjusted to reflect
different values of local strengths. Specific examples of the maps were constructed for the
SCS6-TisAl, (0/+45), laminate.

For the purposes of thermomechanical compatibility, the fiber coatings of choice
should have a high coefficient of thermal expansion in the transverse plane, and a low
transverse Young’s modulus. Thicker coating are more officient in reducing thermal
stresses, but they also elevate local stress concentrations in the matrix under transverse

normal loads.

In a related study, we examined several approximate methods for evaluation of
overall elastic properties of composite materials, and established limits to their
applicability that were not defined previously.

In our studies of ductile systems, we developed the novel transformation field
analysis technique for elastic—plastic, viscoelastic, and viscoplastic composite systems. In
this method, all inelastic as well as thermal strains, phase transformation, and any other
such deformations are regarded as eigenstrains, or transformation strains applied to an
otherwise elastic composite. Their effect is superimposed with mechanical load effects.
Both the transformation and mechanical strains are analysed with certain influence
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functions derived from elasticity solutions, which are therefore constant during inelastic
deformation. The influence functions permit formulation of governing equations for
incremental solutions of inelastic loading problems. The procedure has been used both
with such approximate techniques as the self—consistent and Mori—Tanaka methods, and
the finite element method associated with unit cell models. In the approximate methods,
we have identified and corrected errors in the widely used self-consistent model originally
proposed by Hill. In the finite element method, we found greater efficiency with the new
formulation. Also, since the governing equations are written as a separate system, there is
no need to program specific inelastic constitutive equations into the finite element program
used in the composite analysis. At most, one needs an elastic program for finding the

transformation influence functions.

These analytical techniques were applied to evaluation of local fields caused by
fabrication in unidirectional and laminated SCS6/TisAl and SCS6/NisAl systems. For the
unidirectional materials, we performed a simulation of the HIP process of the two systems
with and without coated fibers. The coatings reduced initial stresses, but also elevated
local stresses in the matrix for certain mechanical loading directions, such as transverse
tension and shear. Moreover, we examined the effect of the ratio of the axial and
transverse stresses applied in the HIP process. Significant reduction of internal stresses
was found for a modified HIP process that applied a high transverse and low or absent
axial pressure. In the laminates, we described the shape, position and kinematic motion of
bimodal yield surfaces during cooling from the fabrication temperature in the two systems
with the (0/445), layup. No inelastic deformation was detected during unconstrained
cooling from a stress—free state in the SCS6/TijAl, but there was a significant
rearrangement of the yield surfaces that would affect inelastic deformation in the plies
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under subsequent mecharical loading. The more extensive matrix—dominated yielding was
favored at high temperatures.

B. THERMOVISCOPLASTIC ANALYSIS OF MMC

The objective of this task was to develop analysis tools using a "unified"
constitutive equation, the viscoplasticity theory based on overstress (VBO). In unified
theories all inelastic deformation is considered rate dependent, and creep and plasticity are
not separately accounted for. Unified models have been developed during the past two
decades and have been used with success to model the high temperature deformation

behavior of isotropic materials.

A thermal orthotropic VBO was developed which allowed for variable Poisson’s
ratio and was shown to have desirable properties for thermal cycling. The theory permits
specialization to cubic symmetry, transverse isotropy, and isotropy. It has been applied to
simulate the behavior of single crystals made of a Nickel base superalloy. With the basic
representation of material behavior accomplished, application to composite laminates
followed.

In a modification of classical laminate theory, each ply is represented by the
orthotropic VBO. To show the capability of the theory, the material constants of the
theory were adjusted to approximately simulate composite behavior. One metal matrix
composite called MMC2 we- patterned afier the Al;0,/NijsAl composite which shows an
increase in transverse strength with temperature before the strength decreases. MMCI has
the same properties as MMC2 except that the strength continuously decreases with
temperature. Thermal and mechanical behavior was simulated for in—phase and
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out—of—phase cycling by numerically integrating the resulting nonlinear first order
differential equations and plotting the results.

We introduced a comparably simple analysis tool which could be used for high
temperature design in the same manner as the classical laminate theory is used for elastic
behavior. Owing to the continuum representation of each ply, the theory is not capable of

reproducing thermal—inelastic coupling which was shown to be important by Dvorak.

1. VBO and the Vanishing Fiber Diameter Model

To avoid this deficiency a simple composite model, the vanishing fiber diameter
model (VFD) of Dvorak and Bahei—El-Din was introduced and combined with VBO.
Although all of the published work deals with VFD, other composite models have been
combined with VBO, such as Mori—~Tanaka and Dvorak’s bimodal theory in the PhD thesis
of Yeh. The difficulty of applying advanced constitutive equations to high temperature
composites lies in the small number of experimental data for fibers and the matrix, such as
the effect of loading rates on the stress—strain bebavior, the creep, and the relaxation
behaviors. To perform numerical experiments, it is necessary to make reasonable guesses
to be able to represent the constitutive behavior.

The theory of VBO and VFD is given by Yeh and Krempl (1992a). In this paper,
the governing equations for thermal analysis of a single ply of fibrous metal matrix
composites are derived. VBO is for cyclic neutral behavior (under symmetric cycling the
hysteresis loop closes after one cycle) and for limited (primary) creep in the quasi linear
region of the stress—strain diagram. The prediction of VBO is compared to that of an
equivalent rate-independent plasticity theory and correspondence in simple tests is
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established. It is also shown that the viscoplasticity theory models path dependent
hardening, a typical plasticity phenomenon, although no yield surface and no loading and
unloading conditions are used. In a companion paper, Yeh and Krempl (1992b), the theory
is specialized for simple tensile or shear tests to show the predicted influence of volume
fraction on the stress—strain and primary creep behavior. As expected, very little time
dependence was predicted in the fiber direction. In the transverse direction creep is
significant. Also, the variation of total Poisson’s ratio during monotonic loading and
during creep has been computed and there is general agreement with sparse experimental

results.

2. VBO/VFD with Static Recovery of State

All the analyses reported so far were for a VBO model which exhibited only primary
creep at stress levels corresponding to the quasi linear region of the stress—strain diagram.
It is known from the high temperature creep behavior of monolithic materials that in these
regions secondary and tertiary creep can occur. Under a separate program we have been
developing a VBO theory which can model such behavior. A static recovery of state term
must be introduced in the growth law for the state variables following the Baily/Orowan
concef ; of hardening/recovery competition in secondary creep. This has been done by
Majors and Krempl (1991) for modified Cr—Mo steel. It is shown that secondary creep in
the quasi elastic regions can be reproduced together with other phenomena found in our
experiments. These experiments include strain rate changes and repeated relaxation tests
at 538°C. If such tests would have been available for the matrix of a metal matrix
composite, the theory could have been applied. However, such tests could not be found.
To shown the capability of the theory, a hypothetical composite MMC3 was created
consisting of the Cr—Mo steel matrix with a tungsten fiber. With this composite,
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numerical experiments were performed which simulated the behavior of the unconstrained
composite during cool-down. The residual stresses between fiber and matrix were shown
to depend on cool-down temperature history. Hold—times at temperatures where recovery
of state is active were most beneficial in reducing residual stresses at room temperature.
An optimal temperature history was found which led to a residual stress reduction of 20%
compared to uniform cooling (Yeh and Krempl, 1993).

In preparation for life-time analyses of metal matrix composites, a
three—dimensional incremental damage accumulation law was developed. Its correlation
and predictions compared favorably with scarce experimental data (Yeh and Krempl,
1993a). Such incremental laws can be combined with incremental constitutive laws such as

VBO for life—predictions of composites under low—cycle fatigue conditions.

Additional references:

"The Influence of Cool-Down Temperature Histories on the Residual Stresses in Fibrous
Metal Matrix Composites," N.-M. Yeh and E. Krempl, 1993, to appear in J. of Composite
Materials.

"An Incremental Life Prediction Law for Multiaxial Creep—~Fatigue Interaction and

Thermomechanical Loading," N.-M. Yeh and E. Krempl, 1993a, to appear in American
Society for Testing and Materials STP 1191.

34




II. DEGREES GRANTED UNDER DARPA PROGRAM

David E. Alman, Ph.D., December 1992.
"The Effect of Ductile Phase (Nb) Reinforcement Morphology on the Mechanical
Behavior of an Intermetallic Matrix (MoSi;)," (Stoloff).

C. Amato, Ph.D., January 1993.
"The Thermal Decomposition Chemistry of an Aluminum Nitride Precursor,
[(CH3)2AINH;)3, Revealed by Molecular Beam Mass Spectrometry,” (Interrante).

John Beale, M.S., 1989.
"High Temperature Dynamic Mechanical Characterization of AVCO SCS—6 SiC
Fibers," (Sternstein).

Ronald P. Boisvert, M.S., May 1988.
"Ceramic Matrix Composites Via Organometallic Precursors," (Diefendorf).

Tungya.nsgelChen, Ph.D., July 1990.
"Selected Problems in Micromechanics of Fibrous Composites," (Dvorak).

Sharathchandra Dakshinamurthy, Ph.D., (not completed).
(Rajan).

John Fish, Ph.D., August 1992.
"Oxidation of Aluminides," (Duquette).

Richard B. Hall, Ph.D., October 1990.
"Matrix~Dominated Thermoviscoplasticity in Fibrous Metal-Matrix Composite
Materials," (Dvorak).

Anne Hynes, Ph.D., expected 1993.
"Creep of Mullite," (Doremus).

Andrea Kazmer, Ph.D., December 1992.
"Oxidative Stabilization of Bulk Carbonaceous Materials," (Diefendorf/Stoloff).

Paul Korinko, Ph.D., December 1992.
"Oxidation Behavior of Ti and Nb Aluminides," (Duquette).

Bryan Lagos, M.S., May 1991.
"Studies in Reactive Spatter Deposition onto Carbon Fiber Tows Using a
Cylindrical Hollow Cast Cathode Magnetron," (Hudson).

Edgar Lara—Curzio, Ph.D., 1892.
"High Temperature Mechanical and Structural Characterization of Composite CVD
SiC Fibers," (Sternstein).

D. Larkin, Ph.D., March 1991.
Part 1. "Application of CVD—ypbria for the Protection of SCS-6 Silicon Carbide
Fibers and a Reactively Sintered Nickel Aluminide Matrix Composite."
Part II. "CVD—Pyrolysis Studies of Various 1,3—Substituted 1,3—Disilacyclobutanes
and Applications as Single~Source CVD Precursors to Silicon Carbide,"
(Interrante).

35




Carolyn Lee, M.S., 1988.
"Microstructure and Grain Growth of Mullite Prepared by the Sol—gel Method,"
(Doremus).

K.D. Lee, Ph.D., August 1989.
"An Orthotropic of Theory of Viscoplasticity Based on Overstress for
Thermomechanical Deformation and Its Application to Laminated Metal Matrix
Composites," (Krempl).

- Lazhar Mazlout, Ph.D., December 1391.
"Synthesis of High Performance Titanium Diboride Fibers by Chemical Vapor
Disposition," (Stoloff).

Joseph Montrym, M.S., September 1988.
"Oxidation of Ni3Al Intermetallics," (Duquette).

Dung A. Ngo, M.S., December 1987.
'('gna.(l:yﬁsis)of Thermal and Mechanical Properties of High Temperature Composites,"
auchau).

Lisa A. Puleo, M.S., 1987.
"Grain Growth and Microstructural Observations of Hydroxylapatite and Silicon
Nitride," (Doremus).

James J. Scott, M.S., May 1992.
"Hydrogen Embrittlement of Intermetallic Based Composites," (Duquette).

Rahul S. Shah, Ph.D., May 1991.
"Modeling and Analysis of High Temperature Inelastic Deformation in Metal
Matrix Composites," (Dvorak).

Karl Shaw, Ph.D., December 1992.
"Particle Size [Effects During Plasma Spraying and Atomization,"
(German/MacCrone).

Robert Shinavski, Ph.D., (not completed).
(Diefendorf/Hillig).

Shainn—-Shyong Tzeng, Ph.D., November 1992.
"Structure and Property Relationship in Carbon Fibers," (Diefendorf).

C.W. Whitmarsh, Ph.D., July 1991.
"Synthesis and Characterization of Si—H Containing Polycarbosilanes as Precursors
to Silicon Carbide," (Interrante).

H.J. Wu, Ph.D., December 1992.
"The Preparation of Poly(silapropylene) and Poly(silacthylene) via Ring—Openin
%’olymeriza.)tion and the Study of Pyrolysis of Poly(silaethylene) to Silicon Carbide,
Interrante).

N.M. Yeh, Ph.D., December 1991.
"Thermoviscoplastic Analysis of Metal-Matrix Composites,”" (Krempl).

36




INTERMETALLIC COMPOUNDS

PROCESSING




e e ey

- ' ) ' In Advances in Powder
Metallurqy - 1991, pp.159-166

THE PROPERTIES OF PLASMA ATOMIZED NiAl POWDERS
K. G. Shaw, W. 2. Misiolek, and R. M. German’

Reasselaer Polytechnic Instituce
Department of Materials Engineering
Troy, NY 12180

‘effective summer 1991, Brush Chair in Materiales,
tngineering Science and Mechanics Dept., Pennsylvania State University
University Park, PA 16802

.

Nickel aluminum powders have been fabricated using two different plassa
cmization techniques: spheroidization of pre-alloyed powders and agglomeration
wmchanical alloying and subsequent spheroidization of elemental powders. These
pviezs have also been fabricated by reactively sintering elemental powder and
sut-tantrifugation. The properties of thess powders are compared with resepect
= mrphology, size and microstructure using electron microscopy, laser light
mrtering particle size determination and X~-ray diffraction. Measurement of the
i size and diffraction pattern is used to estimate the rapid solidification
i possible formation of glassy phases.

As the technology and processing of NiAl advances there is a need for setal
upection molding grade NiAl powders. These powders should have a mean particle
tseter of approximately 10 um, be spherical, and possess a fine microstructure
Qick enhances sintering. The mechanical properties, specifically the ductility
4 HAl, aze known to improve as the average grain sise remaine delow 8 um (1).
% is the intent of this study to characterise the properties of plasma atomiszed
il powders with respect to creation of the desired particle size and fine
usrostructure.

It is well known that plasma atomization is a technigque which produces
agidly solidified powders (2-S). The cooling rates involved with this technology
ws generally slightly higher than gas atomization (6] and can exceed 1x10° K/eec.
artaialy at this cooling rate a fine microstructure will davelop, however it is
m clear whethar an ordered, disordered or glaesy microstructure will form as the
£A re-solidifies. The effect of the rapidly solidified microstructure on the
amering behavior is also not well documented. To gain some ineight to the
ssers of these questions various WiAl powders have been fabricated and analysed
<tk tespect to the phase stability of the ordered NiAl structure.

159




EXPERIMENTAL

Commercial NiAl powders (mean particle diameter of 83 um) were ball millm
in hexane for 48 hours with zirconia balls at 100 RPM. The milling procem
decreased the size of the powder to a mean diameter of 14 um. The milled powdars
were then plasma atomized subsonically with a 28 kW argon plasma. The configurs
tion of the plasma atomizer is shown in Fig. 1. The atomization chamber was keg
under an inert argon atmosphere. The oxygen content of this atmosphers wa
measured during the atomization using an oxygen detector and found to be 4 ppa.
The apparent and tap densities were measured. The shape of the powders vas
determined using electron microscopy and the size of the fabricated powders wa
determined using laser light scactering.

Alternatively, elemental nickel and aluminum powders were mechanically
alloyed using an attritor mill. This mechanical alloying process was used to bosd
the elemental powders together for subsequent reaction induced in the plamm
without the use of organic binders as denoted in the PRMS (Plasma Melt and Rapu
solidification) process used by Johnson et. al. (7). These agglomerated elemental
powders were then plasma atomized using the same atomization conditions as above,
The last group of powders were fabricated by reactively sintering elemental nicksl
and aluminum powders at 973 K in vacuum and using ultra-centrifugation to mill the
powders down to the appropriate size. Consequently five types of powders say
compared with the above fabrication sequence; commercial, ball milled, BMPS (ball
milled and plasma spheroidized), MAPS (mechanically alloyed and plasma spheroi¢
ized), and RSUC (reactively sintered and ultra-centrifuged) powders.

RESULIS

Shown in Fig. 2 are the electron micrographs of the fabricated powders. M
can be seen a dramatic size reduction has occurred in the processed powders. ™
BMPS process has crsated the desizred spherical particle shape. The MAPS powden
have not adequately reacted as evidenced by the non-spherical shape of them
powders. The RSUC powders are faceted indicative of the Dbrittle fractun
occurring from the action of the high speed rotor against the feedstock material.
One may also ses some fragmented fine particles produced by the high enerpy
collision between the rotor and NiAl. The laser light scattering size distribu-
tions of the fabricated powders are compared in Fig. 3.

To check for the formation of glassy phases diffractometer patterns wvers
taken for each of the fabricated powders. These results are shown in Pig. 4.
Observation of the low scattering angle intensities reveals that no glassy phase
are present. One may measure the strain caused by the milling by measuring the
line broadening. All of the powders except for the MAPS powder have diffractim
patterns common to the CeCl structure.

The microstructures of the rapidly solidified BNPS and commercial powdan
were determined by electron microscopy after cross-section, polish and etchim.
These micrographs are illustrated ia Fig. S. One can eee that the rapid
solidification has decreased the grain sise to approximatsly 4 um from 33 ua ia
the commercial powders. PFor the rapidly solidified powders, the grain eize is
smallest near the particle surface indicative of the high cooling rate at ta
surface. .

Finally, to check the sintering behavior of the powders, the powders wen
capped into an alumina crucible and sintered at 1673 K for 1 hour {in vacuum. ™
densification was determined. These results are shown in Pig. &. A susmary of the
measured powder properties is given in Table 2. These results indicate that th
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aternal strain caused by milling has a greater effect on sintering than the fine
sicrostructure caused from the rapid solidification. The RSUC powder exhibited
us best sintering behavior and also possessed the greatest internal strain as
sisured by X-ray diffraction. ) '

1
’

It is possible to form MIM grade powders using the plasma atomization
socess. Currently the MAPS process is not producing the desired material,
arhaps dus to the volatilization of aluminum prior to the reactive formation of
SiAl causing lack of stoichiometry in the fabricated MAPS powder or because of
taansient effects during °he reactive sintering between the nickel and alumsinua.
%s RSUC produces a desirable powder of approximately the proper morphology,
lwever the grain structure of these powdere is not refined in the process.

Nickel aluminide re-solidifies in a columnar microstructure. No glasey or
disczdered phases were observed. The refined microstructure does aid sintering,
wvever the magnitude of this effect is not greater than any enhanced sintering
mchanisns caused by the cold work during milling or ultra-centrifugation. It is
folt that to take full advantage of the plasma atomized powders densification
#uld be aided by hot isostatic pressing at relatively lower tesmperatures and
oLt times to reduce grain growth and preserve the fine grain size present in the
fbzicated powders.
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Figure 1
Schematic of the plasma atomization system. The atomizer is approximst
8 feet tall and supports an inert atmosphers.

L Table 1 c:mgnuon of fabrication gmuno
Abbreviated Expanded Process Name Process Description
Process Name
BM Ball-Milled Ball mill in hexans
* with zirconia balls
BMPS Ball-milled Plasmsa Inject milled powder
Spheroidized into a D.C. plasma jet
MA Mechanically Alloyed Mechanically alloey
in an attritor mill and
with hexane blanket
MAPS Mechanjically Alloy Inject mechanically
Plassa Spheroidized alloyed powder into a
D.C plasma jet
RSUC Reactively Sintered Reactively sinter and
Ultra-centrifuged ultra-centrifuge the
powder at 20000 RPM
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Figure 3
Electron micrographs of the fabricated powders.
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Comparison of Size Distributions
Laser light scattering analysis

707 MAPS powde:
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Figure 3

Laser .ight scattering analyeis of the particle sizes of the fabricated powien
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X-ray diffractometer powder patterns of the fabricated powders.
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Commercial Powder

Figure §

Crosas sections of BMPS (ball-milled and plasma spheroidized) and commercia
powders showing refined grain structure from the plasma atomization.

Table 2
of Powder Characteristics
Powder Mean Linewidth | Apparent Tap Sintered Densiti-
Diameter (428) Density Density Density cation
{um) at 20 (g/em) (g/cm) (g/car) \
Commer -~ 83 0.2° 1.78 2.65 2.70 1.6
cial 81.75°
Milled 17.5 0.6° 2.39 2.94 3.58 20.9
82.10%°
Atomized 17 Q.2° 1.94 2.50 3.2% 22.)3
aMPS 81.90S°
RSUC 12 0.8° 2.3% 3.09 3.92 30.0
82.08°

Densification defined as (p, ~ p,)/(p. = p,), where p, is the sinterd
density, p, is the green density and p, is the theoretical density.
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Economical Aspects of Expefiment Design for Compaction
of High Temperature Composites

W. Z. MISIOLEK AND R. M. GERMAN

ABSTRACT

This paper focuses on the application of an factorial
experimental design method to the fabrication of an advanced
material. A high temperature composlte NiAl/30voliTiB, was
compacted using hot isostatic pressing (HIP). Due to the HIP
process variables, a full factorial approach to these studies
would be very labor intensive. The powder price and the high
cost of processing were other reasons to employ an economical
experimental design method. This method allows the comprehensive
investigations of the densification process based on the Taguchi
method. It considers material parameters, such as, particle
size, particle size ratio, and hot isostatic pressing variables
of pressure, temperature, and time. The subsequent statistical
analysis of the results permitted conclusions based on results
of 9 instead of 81 tests.

INTRODUCTION
Intermetallic compounds have great potential in structural
engineering applications due to their oxidation resistance and
high strength at elevated temperatures. Among all
intermetallics, the aluminides have received the most attention
because of their low density. Extensive research has been done
on nickel aluminides to improve their intrinsic brittleness and
evaluate possible fabrication methods [1-5). Compounds based on
N1A1 including alloys and composites, show more potential than
Al because of their higher melting temperatures (1911 K for
N1 1 versus 1663 K for Ni,Al) and lower density (5.86 g/cm’ for
NiAl versus 7.50 g/cm® for Ni,A Extensive studies have been
undertaken on NiAl [2,6-14) wLich show possible improvements of
its properties by using composites technology. The addition of
a ceramic phase like TiB, improves mechanical properties, such
as high temperature strength and hardness [2,7]}. The objective

W. 2. Misiolek, Materials Engineering Department,
Rensselaer Polytechnic Institute, Troy, New York 12180-3590
R. M. German, Engineering Science and Mechanics Department,
Pennsylvania State University, University Park, PA 16802
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of this work was to study fabrication, microstructure, and
mechanical yi:operties of a NiAl matrix composite with 30 vol %
of partlculate TiB, as a reinforcing phase. The choice of 30 vol
% of re1nforc1ng phase was made to achieve continuity of the
ceramic phase within the consolidated microstructure. Although
this composite material has poor oxidation resistance at
elevated temperatures, nevertheless, expected improvement of
mechanical properties offset the need to coat the final product
with monolithic NiAl. This study concentrates on hot isostatic
pressing (HIP) of prealloyed powders as the production
tecknolojy. Variables such as particle size and particle size
ratio were studied in the material system. The experimental
matrix was based on orthogonal array method proposed by Taguch1
(15]. Hot isostatic pressing was conducted under various
temperature, pressure, and time parameters, which enable
optimization of the densification process (16].

EXPERIMENTAL PROCEDURES

The powders used for this investigations are described in
Table I. They were purchased with average particle sizes of 82
um for NiAl and 13 um for T18 , and then ball milled to smaller
partlcle sizes. The average partlcle sizes  after milling are
given in parentheses. They were measured using a laser light
scattering particle size analyzer. To form the composite, NiAl
and TiB, powders of the desired sizes were weighed to form
comp051te with 30 vol% of reinforcing ceramic phase and mixed
for 30 minutes in a turbula mixer.

Table I
Powder Characteristics

Nial TiB, I

Vendor Cerac Inc. ICD Group Inc.
Shape blocky, irregular sponge, irregular
Average Particle 82 (52, 13
Size (um) 49, 44, 36, 27, (6)
‘ 18)

The NiAl powder was milled to mean particle sizes of 49 um,
36 um and 18 um, while the TiB, powder particles were reduced to
6 um. The milling used bal z].s made of partially stabilized
zirconia. Hexane was used to minimize oxidation during milling.
The particle size ratios (NiAl/TiB,) for these samples were 8.2,
6.0, and 3.0, respectively. To avoid difficulty with compaction,
ejection, and sample handling, the powder was compacted directly
in stainless steel cylinders used later as HIP cans. These HIP
samples of 12.6 mm outside diameter were degassed for several
hours at a temperature of 570 K prior to being welded under
vacuum.

The experiment was designed using the orthogonal array
method proposed by Taguchi [i15]). Key process parameters, such as




1004 PROCESSING 1

particle size, particle size ratio, and hot isostatic pressing
variables such as temperature, pressure, and time were selected
as the main factors in the densification process. These
controllable process factors and their levels are shown in Table
I1I. The TiB, average particle size was constant at 6 um. The
NiAl powder was 49 um, 36 pm, and 18 um, and as a result the
powder particle size ratio (NiAl/TiB,) also varied.

Table II _

Controllable Factors of HIP Process
Controllable Factor Levels
NiAl particle size (um) 49 36 18
Temperature (K) 1373 1423 1473
Pressure (MPa) 100 135 170
Time (h) 1l 2 4

RESULTS

A typical microstructure for the fully dense composite is
presented in Figure 1. The results of density and hardness
measurements together with HIP process parameters are shown in
Table III. The results for experiments 1 to 9 are representative
for the experiment designed for the three levels of studied
factors (See Table II). This allows analysis of the I, orthogonal
array since it is the most efficient orthogonal design to
accommodate four factors at three levels. This array specifies
nine experimental runs, but the aim is to find the best of 3‘=81
combinations that exist. This way the designed experiment is
statistically balanced and its results are presented in Tables
III and IV. The experiments 10 to 12 were run as confirmation
tests for the proposed model and their results are also
presented in Table III. The relationship between predicted and
measured density is presented in Figure 2.

Statistical analyses permit building a mathematical model
for HIP compaction of NiAl + 30 vol% TiB,. Density (g) is a
function of NiAl particle size (TiB, powder average size was
constant and equal 6 um) and the HIP parameters of pressure,
temperature, and hold time. The equation representing this




Fig. 1. Microstructure of test #3 HIP sample; 49 um NiAl and
6 um TiBz, at 1473 K, under 170 MPa, for 4 h, with 100%

of theoretical density.

. predicted density, %

O main test
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Fig. 2. The relationship between predicted and measured density
for HIP NiAl + 30vol% TiB, composite.

measured density, %
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relationship is as follows:

ln (0) = 0.106 1n (P) + 0.037 1ln (t) - 0.056.ln (D) (1)
- 1168/T + 5.0 '
where:
P = HIP pressure (MPa) T = HIP temperature (K)
t = HIP hold time (h) D = NiAl particle size (um)
Table III
Experimental Results
Nial HIP
Test Powder Percent of
# Size Temp. Press. Time Theoretical HRC
Density
D [um] T (K] P [MPa] ¢t (h] 3
1 49 1373 100 1 83 6.5
2 49 1423 135 2 95 36.2
3 49 1473 170 4 100 47.0
4 36 1423 135 4 94 42.5
5 36 1473 170 1 94 48.0
6 36 1373 100 2 89 22.3
7 18 1373 170 2 97 44.9
8 18 1423 100 4 96 47.4
9 18 1473 135 1 99 49.9
10 18 1473 170 1 98 53.3
11 18 1473 170 2 97 53.1
12 18 1473 170 4 98 51.5
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Table IV
Statistical Parameters of the Experiment
Parameter Density Hardness
Function Function
Correlation Coefficient 0.946 0.934
Significance 0.0001 0.0000
A

Standard Error of Estimate 1.8% 5.3%

The mathematical formula for hardness (H) in HRC as a function
of NiAl particle size, HIP variables ‘temperature, pressure,
hold time) and composite density basec on the results of the
twelve tests (1 to i2) can be presenzed in the form of a
logarithmic equation:

In(H) = -0.143 1n(D) - 1930/T + 0.105 1n(P) + (2)
0.064 1n(t) + 9.07 1ln (o) - 36.4

where: 0 = composite density (%), and P, D, T and t are defined
in Equation (1).

The relationship between predicted and measured hardness for the
HIP NiAl/BOvoltTiB composite is presented in Figure 3. Equation
(1) is a very functional formula and can be used for calculation
of composite final density. It also can be employed to find an
interaction between two process variables for a certain final
density when two other process parameters are constant. For
example, for a definite material system it is possible to
calculate pressure - temperature conditions, which for a
particular hold time, will result in certain final density.
Three curves are presented on the pressure vs. temperature graph
in Figure 4. They represent hold times of 1 hour, 2 hours, and
4 hours, which for given pressure - temperature conditions
result in a final composite density of 98%.

DISCUSSION

The results obtained in this study give valuable
information on the densification of NiAl/TiB, composites using
the HIP process. Analysis of the results presented in Table III
shows the evident role of the NiAl particle size. The
combination of pressure, temperature, and time variables can
lead to good quality material with a final density of 97% of
theoretical or higher. This material was obtained in
confirmation experiments (test #10, #11, and #12). The hardness
measurements (See Table III) showed a good correlation with the
density results and processing temperature. A higher hardness
was achieved with higher processing temperatures (test #3, #5,
and #9) with a large role of particle size. NiAl powder with an
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average particle size of 36 um was consolidated at the same
temperature (1473 K) and under the same pressure (170 MPa) as
the 49 um NiAl powder, and gave the same hardness readings of 47
to 48 HRC even though it was held at a high temperature and
pressure for only 1 hour instead of 4 hours, as was used for the
49 um NiAl compound. A sample made of 18 um NiAl powder and
consolidated for only 1 hour at 1473 K, under a lower pressure
of 135 MPa resulted in a higher hardness, 49.9 HRC.

A mathematical model represented by Equation (1) allows
design of a HIP experiment in such a way as to obtain the
desired density as presented in Figure 4. The plot in Figure 2
and the statistical analysis data presented in Table IV show the
accuracy of the model, which was built on the base of nine
statistically design experiments. By knowing the effect of the
HIP parameters, such as temperature, pressure and time on the
densification process and by using different NiAl powder sizes,
one can tailor the process parameters to achieve the desired
mechanical properties. This model was confirmed by experiments
listed in Table III as 10, 11 and 12. For these temperatures and
pressures the final densities are very close or below the
calculated values. For example, the density calculated for 10
test is 98.5% while the measured value is 98%, for tests 11 and
12 the calculated densities are above 100% while the measured
values are 97% and 98% respectively. There is a physical
limitation of 100% density which is not incorporated into the
mathematical relationship. Nevertheless, this equation is
valuable and gives general information about densification of
composite materials over a wide range of process variables. The
mathematical model can be built for any desired variables and in
the case of a small variable range it will match the
experimental results accurately. Figure 2 shows good
correlation between measured and predicted density in the range
from 80% to 100%. Equation (2) allows us to calculate hardness
of fabricated composite material when material data and process
variables together with final density are known. This model
shows good correlation up to a predicted hardness of 55 HRC.
Above this value the calculations are higher than measured
mainly due to a 1longer HIP hold time, which at elevated
temperature favors the recovery process. As a result the
material, which was held for longer time shows lower hardness.

CONCLUSIONS

1. The experimental design method allowed us to perform a
significantly reduced number of tests in order to achieve
vital information about densification of a NiAl/TiB, composite
by the HIP process.

2. Mathematical models for the HIP densification process and for
final hardness of the NiAl + 30 vol% TiB, composite have been
proposed.

]
3. A significant impact of HIP temperature on the
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densification mechanism and composite hardness has been
noted.

§
4. The powder size has a dramatic influence on the densification
of the NiAl/30vol3TiB, composite.
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Abstract

This study investigates the application of powder injection molding and
reactive sintering to the fabrication of Mi,Al. Low density and good resistance
to corrosion and oxidation at high temperatures make Ni,Al an attzactive material
for sany applications. 1Injection molding permits a large degree of flexibility
in shaping a component, but places tight size and shape restrictions on the metal
powder in question. Prealloyed Ni,Al powder with the required particle size and
shape is not available, €0 elemental nicksl and aluminum powders with suitable
picticle characteristics were mined with binder and injection molded. The
compacts were debound using a combination of solvent vapor and thermal debinding
treatments and densifliled using reactive sintering in either a dry hydrogen
atmosphere or under vacuum. Initial experiments showed severe shaps distortion
during sintering in either atmosphere. Purther investigation revealed that the
shape distortion is a strong function of the thermal dedinding cycle and of
thermal gradients set up in the compacts during sintering. FPinal densities for
anples sintered in hydrogen are low at approximately 708 of theoretical, but the
ssples sintered under vacuum are significantly more dense.

{atroduction

The high oxidation resistance at elevated temperatures and low density of
intermetallic NisAl mske it a sultable candidate for applications such as heat
mngines which require good high temperature performance and low weight. The
wmszous small and complex shaped components likely to be encountered ia such an
wplication lend themselves to forming by powder injection molding (PIN), which
‘offers good shaping flexibility without the large energy expenditure and waste
usociated with traditional machining processes. Cost and energy savings are also
demonstrated advantages of reactive eintering, a relatively eisple and
mezgetically undesanding consolidation process which uses readily availabdle
slemental powders. The msotivation for this work is to combins these processing
svantages of PIM and reactive sintering in fabricating NiAl components.

fssctive Sintering
Self-propagating high-temperature synthesis (SHS) operates on the principle
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that an exothermic reaction may drive itself to completion if it produces
sufficient exothermic energy'’. Once the reaction is initiated, a combustion wave
propagates through the reactant compact, leaving behind the product. If &
transient liquid phase forms during the reaction, synthesis and densification caa
be manipulated to occur li.mul.ntm::ull.y.l This special case of SHS is called
reactive sintering. Figure 1 shows four consecutive moments in the combustics
wave propagation through a compact of nickel and aluminum powders. The violencs
and speed of the reaction make acceptable shape retention difficult to achieve.

Figure 1. Propagation of the combustion wave through a Ni,Al compact. Frames are
separated by 2 sec.

In this work the reactant compact is a mixture of elemental nickel asd
aluminum powders near the Ni,Al stoichiometry. Ignition is achieved by heating the
mixture to & temperature where the reaction occurs spontanecusly. As the compact
is heated to the first sutectic temperature at approximately 910 K, intermetallis
phases are generated around the nickel particles by solid-state diffusion. Liquid
Al is formed at the first eutectic temperature and this liquid surrounds asd
consumes the nickel particles in the combustion wavefront. The aluminide
precipitates behind the wavefront, forming the final densified product. ™
highly. exothermic character of the resaction is manifested in a temperature rim
of approximately 1300K in the reaction zone.

Methodology

The nickel and aluminum powdere were chosen on the basis for their
suitability for injection molding and reactive sintering. The injection molding
process dictates a spherical particle shape and a size smaller than 23ua for gosd
flow characteristics. Reactive sintering requires small particle sizes to aid
intermixing and to sustain the connectivity of phases in the combustion wave'. B
date two Ni Al stoichiometry powder systems have been combined with an orgasls
binder, described in Table I; System 1 is a 64 volt powder feedstock with 15.5m
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Al and 8.5um Ni powders (1.8 : 1 particle size ratic), and System ? is a 55 vol®
pwder feedstock with 4.0um Al and 4.0um Ni particle eizes (1 : 1 particle size
ratio). Powder characteristicCs are listed in Table II.

Table 1
Binder Composition
Component Weight Percent
(wt.\)
paraffin wax 69
polypropylene 20
carnauba wax 10
stearic acid 1
Table II ~
Powder Characteristics
Material Vendor/Designation Particle size (um)
Nickel Novamet 4SP 8.5
Aluminum Valimet H-10 15.5
Nickel Novamet 4SP -10um 4.0
Aluminum Valimet H-3 4.0

Tensile test and bend test specimen pairs of both systems were produced with
2 Techmire Model CEM-01 injection molding machine. Two different setup geometries
wre considered for the subsequent processing steps, the specimens being either
placed flat on a porous alumina substrate, or embedded in Sum alumina wicking
powder within a crucible. Debinding was achieved using solvent vapor debinding
vith heptane followed by thermal debinding under hydrogen. A dilatometry test
confirmed the onset of the combustion wave ag 910 K, and reactive sintering was
performed under either hydcogea or vacuum,

fesults

After sintering the influence of the setup geometry on the final product was
visually striking, as demonstrated in Figure 2. Apparently the low thermal
conductivity of the porous alumina substrate delays the reaction initiation in the
lower part of the compact. Thus, densification and shrinkage occurs first along
the top surface, causing the samples to bow upward. By embedding the specimens
in alumina wicking powder such temperature gradients are avoided, resulting in
such better shape retention, and so the substrate approach was abandoned. Shape
retention needs to be improved further by manipulation of the remaining processing
pacametecrs.

A major problem with simply heating the compacts to the reaction temperature
was controlling the location of the reaction initiation. Figure ) depicts a pair
of test specimens whose sintering cycle resulted in pronounced surface features,
and it shows clearly the random nature of the starting point. A passive ignitor
in the form of a small copper plate was the solution. The plate is embedded
alongside the compect with one end touching the compact at the desired ignition
point and the other end protruding above the alumina powder into the furnace
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substrate wicking powder

Figure 2. The effect of setup geometry on overall shape retention.

reaction
_initiation
10mm‘ 3

Figure 3. Photograph of specimens showing points of reaction initiation.

atmosphere. The high thermal conductivity of the copper plate causes the contact
point to reach the desired temperature first and the reaction procseds from there.

The highest densities achieved for either system with eimilar debinding asd
sintering processes were approximately 84% of theorstical, falling well short of
the 95%+ desired. The pertinent debinding and sintering profiles are shown i
Figure 4. Despite its nine percent lower loading, System 2 with a 1 : 1 alusinm
to nickel particle sise retio densified as much as System 1 with a 1.8 : )
particle size ratio. This indicates that System 2 with the small aluminum would
densify somewhat more Lf its volume fraction of powder were equivalent to that of
System 1 with the large Al particles. This bears out previous results? whick
showed that with sluminum particles lazger or equivalent in size to the nichksl
particles, the network of liquid sluminum during combustion is discontinuous sat
consequently densification is localized and accompanied by pore formation. '
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Meure 4. Temperature profiles used to achieve 84% of theoretical density. (a)
thermal debinding under dry hydrogen. (b) Sintering under vacuum.

figurs 3. Pore structure of reactive sintered NiAl, 82% dense.

Those compacts sintered under vacuum consistently exhibited a density 108
higher than those sintered under hydrogen. This indicates that pockets of gas
inhibit densification, but since hydrogen is soluble in Ni,Al, the resulting pores
were expected to be rather small?. Pores too large to be attributed to particle
size ratio considerations or entrapped gas were observed in all the sintered
compacts. A sample micrograph is shown in Pigure 3. The wost likely origin of
thease pores is vaporizing pockets of residual binder, probably polypropylene, in
the combustion wave. A 1.3 hour hold at 773K was incorporated into the sintering
cycle in an attempt to purge the polymer. However, at only 130 K bealow the
sutectic temperature, solid-state diffusion was greatly accelerated and no
reactants remained at the end of the hold. The path being followed now is the use
of a binder whose components will be removed from the compacts below about $SOOK.

Conclusions

Combining powder injection nldtn& and reactive sintering to produce
intermetallic Ni,Al is proving to be quite a challenge. Control has Dbeen
establishad over shape retention and reaction initiation. Sintering under vacuua
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seems tO be a requisite for higher densities. However, a shortfall in density
remains an open issue, with particle sizes and binder choices seeming to be the
key to the solution. Current work is focusing on the use of a lower temperature
binder and smaller aluminum particles to aid the connectivity of the liquid phase,
and the application of pressure to the! compacts during the reactive sintering
process.
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INTRODUCTION

Although intermetallics based upon aluminum or silicon tend
to have & very attractive combination of lov density and excellent
oxidation resistance, they suffer from lack of adequate creep strength
and, in most cases, from inadequate ductility and toughness. It
has been recognized for several years that an approach which could
simultanecusly solve both problems, without degrading other properties,
is to utilize the intermetallics as matrices for composite materials.
The consequence has been an explosion of interest in two-phase intermetallic-
based alloys, as is manifested in the current symposi

With the exception of some sarly work by Sbeolc?T]. intermetallic
matrices have been utilized for composites only for the past 5-6
years; the first published reference to systematic studies of fibrous
co-le tes dates from the proceedings of an MRS conference in Dec.
1986(2], Thus the published literature is much sparser than, for
example, on ceramic matrix composites vhich have been under development
for a much longer period. MNevertheless, there are nov an appreciable
number of intermetallic matrices that have been reinforced with fibers
or particles. This paper introduces a session on processing of intermetallic
matrix composites, and is intended to survey a broad range of innovative
processing techniques. Purther details will be provided in the individual
papers of this and other sessions.

OVERVIEW OF PROCESSING TECHNIQUES

Becsuse of the relatively high melting points and extreme brittleness
of most intermetallic compounds utilized as matrices, as well as
other significant advantages, there has been enormous effort devoted
to powder metallurgical techniques. In this category we include
resctive sintering of o}c-.ncal or elemental Tluo prealloyed povdTrs[3'7],
reactive hot pfcnstn,(‘ , reactive HIPingl5-7], 1njoftion Toldlng 4-9)
the XD pfococu 10-14 , dynamic co-pacttfn of ersl15-181 gechanical
alloying{19-21] the powder cloth lcfhod +26,25] gnd, of course,
traditional hot pressing techniques 22,231, Most recently a process
consisting of mixing a combination of alloy rod or tubing with matrix
alloy powder to provide mscroscopic plus microscopic tougheaing has
been dcvnlfgcf by UTRC and labelled. Microstructurally toughened
composites 61, Among all the powder processes, only injection molding,
reactive hot pressing and the microstructural toughening procedure
have produced aligned composites.

In order to overcoms the inherent limitations of most powder
techniquas in providing aligned composites two other major categories
of composite preparation have been studied and are rcvtruod t? this
paper. These are vapor deposition processing (CVD, CVI 27-29] or
plasma epraying 30]) ¢o produce lonoltthlf fibioua or laminated
structures, and liquid metal infiltration 31-34),

Met. Res. Soc. Symp. Proc. Vol. 194. 21990 Maierisis Research Saciety
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POWDER PROCESSING

Rea:tive Consolidation

Several variants of reactive sintering have been employed to
consolidate intermetallic matrix composites. All incorporate fibers
or particles in a mixture of at least some elemental powders, although
prealloyed powders also may be present to dampen the reaction .

The basis of all reactive sintering processes is the formation of

a liquid phase as a result of an exothermic reaction between elemental
powders present in the mixture. The liquid phase accelerates consolidation,
and is consumed during the process 3], The reaction may proceed

vith no pressure (reactive sintering, RS), with isostatic pressure
(reactive hot isostatic pressing, RHIP) or unidirectional pressure
(reactive hot pressing, RHP). A flow chart for RHIP of NiAl is shown
in Fig. 1. This procedure generally has been utilized to produce
particulate-reinforced and random-fiber reinforced :n’:rmetallics.

A typical microstructure of NiAl-20viTiB; composites shown in

Fig. 2, while compressive flow stresses vs temperatu: *r several
composites are shown in Fig. 3 71, Al3Ta composites . 10v% safill

1 NisAl were mixed to stoichiometric
proportions.

2 CiPed
Cbmp.unwuﬁm“l 10 8 green denaity of

3 Vacuum encapeuisted in 304 stainiess steel.

Fig. 1 Flow chart for RHIF of NiAl. Fig. 2 Microstructures of NiAl-
20viTiB;.

e 100% Elomomen
oAl (10% Prossaveny
1AN1S v TR (10% Prosssven
NAY20 v, T2 (10 Prestoyen
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6.2% Camgressive Pow Sivass (P}

Fig. 3 Compressive flov stresses vs temperaturse
for NiAl-TiB,.




fibers, randomly oriented, have been consolidated by RHIP at 1200°C,
with a pressure of 172MPa. However, damage to the fibers occurred
during processing; this can be alleviated by reducing pressure during
the RHIP cycle[6-’].

With NbAlj, best sintering densification occurs vith a 9um niobium
powder formed by hydride-dehydride and a 30um aluminum (helium atomized)
powder!®: I, The mixed povders are compacted at 200MPa giving a
77% green density, heated to 500°C for degassing, then heated at
15 K/min to 1200°C and held at that temperature for 1 h. The resulting
product {s 95% dense and essentially pure NbAlj. Reactive HIPing
follows a similar processing route with a 170MPa pressure giving
98% density. The incorporation of 30 v% short randomly oriented,
Saffil Al703 fibers gives a composite with a Rockwell hardness of
87 HRA in contrast with HRA 72 for the monolithic NbAlj. However,
the composites are almost as brittle as NbAlj.

Anton(8] has employed RHP to produce both continuous and random
fiber Al703 reinforced Al3Ta. Toughness and strength improvements
were achieved with the former only.

In some cases reactive sintering has been used as a precursor
to conventional HIPing in order to produce prealloyed powders. For
example, attempts to form y-TiAl directly by RTS were frustrated
by formation of Al3Ti, which inhibited diffusion and full consolidation!4:36],
Therefore, RS was used to prepare prealloyed Al;Ti+Ti+Al mixtures
which were subsequently consolidated to nearly full density.

The key to successful reactive consolidation is the use of fine
povders, the existence of s finite controllable exotherm and the
lack of formation of intervening compounds (as in the Al-Ti system
cited above). When full density is not achieved by RS, subsequent
consolidation by HIP can be employed, although in these cases a single
stage RHIP operation is more efficient.

Processing conditions which influence the reaction between the
constituent powders alter the amount, distribution, and duration
of the 11qu1d[373. However, unlike in other sintering studies, time
at temperature is not a significant factor since the process occurs
rapidly once the liquid forms. The role of the various process parameters
can be explained in terms of their effects on the liquid phase.

Sintering atmosphere plays a role in determining the sintered
density is explained by heat conduction and entrapped gas effecesld],
Heat is carried avay from the compact during reaction by the higher
thermal conductivit of s gas vs vacuum. Vacuum is the best environment,
especially for TiAl136}, NbA13[35]. and TlA136.

Injection Molding

Reactive consolidation may slso be applied to injection molding,
a process increasingly bttn¥ applied to wonolithic and composite
metallic based materials(37]. 1In injection molding a mixture of
powders, short fibers and a binder is extruded through a tapered
die to achieve fiber alignment. Extrusion must be performed above
the softening temperature of the binder. After extrusion the binder
is removed (thermally or by wicking action) and the .ompact is comsolidated
to approximately full density by HIPing. Apart from the alignment
of fibers, which is achieved only vhen particles snd fibers are very
ssall in diameter (v10um), this process offers the possibility of
producing complex P/M parta. However, the principal disadvantages
are the difficulty of complete binder removal and the inability to
produce continuous fiber-reinforced composites. Nevertheless, fully
dense Al;03-reinforced composites of NiAl and H081i have been produced
successfully by this method, as shown in Fig. 4[39],




Mechanical Alloying

Mechanical alloying is a powder process involving high energy
milling of (dry) powders of a generally ductile matrix with ceramic
particles. Although mechanically alloyed nickel and aluminum alloys
have been widely studied and commercially applied, relatively little
work has been done on mechanical alloying of intermetallics.

Seybolt 1 » in 1966, first produced dispersions of Al203, ThO,
or Y503 in NiAl and Al303 in FeAl by ball milling. The latter alloy
displayed a 400% increase in rupture strength over the matrix alloy
alone.

Later work at Oak Ridge National Lab was done with B-doped NijAl,
mechanically alloyed with 1% Al;03 40l. The resultant fine grain
size actually caused a weakening of the base alloy at high temperatures.
Later work on mechanical alloying of the same NijAl-base allo¥ with
several oxides produced a brittle alloy when tested at s10°cl19],

These early attempts at mechanical alloying all suffered from an

excess in size and quantity of oxide particles relative to that needed
for dispersion strengthening. With better process control Strothurs

and Vedula{2l] vere able to mechanically alloy FeAl with Y;03, resulting
in a good combination of strength and ductility at room temperature.

More recently still, Benn et al 20} have consolidated several
intermetallics based upon the NijAl, NiAl or NijAl+NiAl matrices.

The use of elemental powders in the initial charge led to the production
of very fine mechanically alloyed powders which were canned and extruded
at 1150°C in preparation for mechanical testing. ~

Reaction milling has been described as a hfbrid process combining
both mechanical alloying and chemical reactions!4ll. A composite of
NiAl with vtrg small AIN particles was inadvertently produced by
Luton et all42] vhen they attempted to mill NiAl with Y203 in liquid
nitrogen. Compressive tests at 1300°K showed that the NiAl/AlN composite
is at least twice as strong as NiAl-102TiB; over a strain rate range
of 1077 to 2x10"%s"L. Hhittcnbcrgcrtal] has suggested that high
energy milling in different liquid or gaseous environments should
be studied as a means of producing other reaction milled composites.

XD PROCESSING

The XD process developed by Martin Marietta has generally been
utilized to produce multiphase alloy powders which are subsequently
hot pressed to full density at temperatures of the order of 1450°C
in graphite dies 10-14], Tne process can incorporate both hard (strengthening)
and soft (toughening) phases of vailous sizes. Morphologies ranging
from vhiskers to platelets can be obtained by appropriate process
control. The XD process also is compatible with casting and fabrication
techniques; investment casting, forgings, extrusions and rolled sheets
have been produced. The most commmon reinforcement has been TiB;,
which has been incorporated as 1 um dismeter particles into TiAl,
TLAL+Ti3Al, NiAl, NiAl/N{i7AlTi and CoAl matrices in the form of a
weakly bonded compact. After synthesis the samples usually are broken
up, milled and then consolidated by hot preseing or HIPing 41],
Typical microstructures and mechanical zropertlco of hot pressed
NiAl-TiB; compacts are shown in Fig. 5[41],

A method that appesars to be similar to the XD 7?06... of Martin
Marietta has been developed by GTE Products Corp(‘3 .

Powder Cloth Process
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Fig. 5 Microstructure and mechanical properties
of XD-NiAl-TiB,.[41]

The powder cloth method was the first reported to fabricate
intermetallic matrix composites. Brindley described che technique
and provided some mechanical propert; data for continuous fiber (Tt3A1+Nb)/SiC[2
and Fe~40ALl/W and NiAl/W composites(d1].

In this method, see Fig. 6, the intermetallic alloy powder (which
may be produced by atomization or by pulverization of meltspun ribbon)
is mixed with a powdered Teflon binder (most successful results wvere
obtained in the range 4-11%) and Stoddard solution (high grade kerosene).
The aixture, sfter most of the Stoddard solution is evaporated, has
a dough~like consistency. The dough is rolled into thin sheets with
a stainless steel rolling pin. The balance of the Stoddard solution
is evaporated from the rolled sheet, which is then trimmed to size
for hot pressing.

The fidber matrix {s fr‘T‘r‘d by winding a continuous fiber on
a drum mounted in a lathe!51], When the desired fiber spacing and
mat width have been achieved, the lathe is stopped and the mat {is
coated with a polymer-base binder such as polymethyl methacralate
(PMMA) in & solvent base. After evaporation of the solvent the fiber
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Fig. 6 Powder cloth method(24],

mat is removed from the drum and cut to size in preparation for hot
pressing. The desired number of fiber plies is obtained by stacking
alternate layers of powder cloth anc fiber mat. Vacuum hot pressing
is used for final consolidation; a dynamic vacuum and liquid nitrogen
cooled trap to retain organics during binder removal are necessary
for best results. As in injection molding, complete binder removal
is required to avoid contamination of the composite with carbon or
other constituents such as flourine in the binder.

Most of the work reported for the powder cloth method has involved
a two phase Ti{jAl+Nb matrix with up to 40vZ SCS6 SiC fibers. Although
these composites can be produced with no contamination from the binder
and have superior strength/density ratios to wrought and to single
crystal superalloys from room temperature to 1000°C, several problems
have been encountered. A complex sulti-layered reaction zTnc containing
T1C, Ti3AlC and TigSij forms at the fiber-matrix interface 25],
This brittle region may cause degradation of properties when the
composites is operated for extended periods of time at eslevated tamperstures.
When oxygen contents of matrix powders are high, e.g. 0.llw%k, composite
tensile strengths are reduced at room temperatures. Also, thermal
cycling of oxygen-rich (0.15w%) composites results in the formation
of cracks at the fiber-matrix interface after three thermal cycles
from 23 to 985°C. This is a consequence of the high thermal expansion
mismatch and limited room temperature ductility of fibers and matrix.
Lov oxygen content (0.052-0.06w2) composites showed good strength
retention at 23°C after 5 to 10 thermal cycles between 85 and s1s5°cl2s],
In summary, the powder cloth method can be successfully used to produce
a variety of continuous fiber reinforcements, including varied orientations
of the plies, with little or no binder contamination. However, composite
performance is sensitive to the depth of any reaction zone and to
high residual interstitial contents.

HIGH ENERCY RATE FORMING

Pulsed power, high energy kinetic energy storage devices, eg.
rail guas, have been used to fabricate monolithic aj and vy titanium
aluminides as well as c sites containing ceramic or intermetallic
particulate reinforcements!*’” Processing is generally achieved
by discharge of a single high energy pulse through a pressurized
powder blend. Both solid-state and liquid phase assisted conlolidcttfn
of TijAl with AN, T#B; and TiAl reinforcements has been accomplished(17,18]
Applied pressures ranged between 210 and 420MPa and the specific
energy inputs varied between 3200 and 4800 kJ/kg. The fairly uniform
interface (about Sum thick) between an 80-20 sixture of Nb-stabilized
a2 and vy, respectively, is shown in Pig. 7017),  TEem microanalysis
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Fig. 7 1Interface between a7 and y in kinetic
energy discharge compact(17],

showved depletion of Nb in the matrix and Nb transport forwvards the
particles of y. This techrique has been used also to consolidate
T13Al4+Nb/SiC particulate composites. Reaction products in this case
wvere analysed to be TiC and TiSij, the latter associated with regions
of localized matrix melting at high energy inputs. At lower inputs
this product could be avoided.

MICROSTRUCTURALLY TOUGRENED composITes(26]

The last powder technique to be described in this paper involves
the mixing of alloy tubing with a particle-reinforced matrix blended
as powders. Final consolidation is accomplished by extrusion or
forging. A schematic of the process is shown in Fig. 8. The principal
advantage of this system is the potential for large energy absorption
due to the two dimensional crack stopping ability of the macroscopic
tubing 26]. There is also the potential for relatively isostropic
propertiss. Finally, the composites are easily fabricable to final
shape. Examples of composite systems produced at UTRC by this method
is & matrix consisting of B4C particles in NiAl, reinforced by tubes
of 304 stainless sceel. The overall composite density is equal to

Longitudinal section

Cross-section

Fig. 8 Microstructurally toughened composites{26],




that of NiAl alone, v6g/cc. The composite had a notched bar impac
energy of 74 ft lbs (100J) compared to 0.2 ft lbs (0.27J) for mnizﬂ.
This alloy displayed 287 elongation at room temperature and 21% at
825°C. This composite system has been scaled up to l.25¢cm thick

x 150cm long plate. Recently, the technique has been successfully
extended to MoSij and 25v% Al,03 particles as the matrix, reinfprced
by 50v% tubes of Nb-1Zr. The calculated toughness K =35ksi/in =
32MPavm is about 10x higher than that of MoSij.

MELT PROCESSING

Pressure Casting

Pressure casting is one of the few techniques that have been
successfully utilized to produce continuous fiber-reinforced composites.
TiAl, Fe3Al and NijAl base composites, reinforced with Al;03 fibers,
have been prepared by Nourbakhsh and co-workers 31-34] | The process
involves melting of the matrix alloy under vacuum in a crucible placed
above a preform cortaining up to 60 vol% fibers. The fibers and
matrix alloy are heated simultaneously but separately. When the
desired tempersture (100°C above the matrix melting point) is reached,
the liquid metal is poured onto the fibers. Argon gas is then admitted;
gas pressure forces the melt, usually with an additive to facilitate
wetting, to infiltrate the fibers. A typical cross section of a
composite produced by thias method is shown in Pig. 9 for a NijAl/Al203

Fig. 9 Cross section of pressure cast
Ni3A1/Al203 continuous compositel38],

co-polito[3‘]. Interfacisl reactions are more likely with this process
than with most powder processes due to the higher temperatures involved.
Reactions in T13Al/Al1203 lead to the formation of dislocations within
the matrix nesr the interface and penetration of fidber grain boundaries
by the liquid. vaovcr, NijAl-base alloys (IC-50 and IC-218) displayed
no resction layer!32},

A key issue in all composite consolidation proc.sses is the
nature of the bond between reinforcement and matrix. Ni3Al/A1503
particulate composites prepared from powder dtlslayod very poor bonding
and consequently poor mechanital prop.rticl(3'5 . The sddition of
small amounts of TL to Ni-base melts provides good bonding with Aly03
fibers such as PRD-166 or FP, unless substantial unts of aluminum
are present in the melt, as in the case of NijAl 32], piffusion
of T{ into the fiber is suggested to be responsible for good dbonding
and Al apparently inhibits such diffusion{32]. additions of Y also




have been tried with some lucce-l[33]. Therefore, the problem of
poor bonding with intermetallic matrices has not been fully solved
even vith the pressure casting technique.

Directional Solidification of Butectics

Preparation of intermetallic matrix composites by directional
solidificacion of Tutoctic alloys had, in the past, been reported
by several wvorkers 44,45}, There is now reneved interest in eutecti:
solidification to zrcparc composites with high -cltin; constituents
such as Mo-MogSi3(%6], Nb-NbgS13(47,48] sn4 NiaL-Re[47].

VAPOR PHASE PROCESSING

‘Arc Spray Method

NASA-Lewis Research Center developed the arc-spray method for
composite fabrication 50]. The process begins with winding of &
continuous fiber on a drum mounted in a lathe. Fiber spraying is
obtained by movement of the lathe crosshesd relative to the drum.

The drum is placed in the arc-spray chamber, which is evacuated and
back-filled with argon. An arc is struck between vwires of matrix
wmaterial, causing tips of the feed wire to melt. The molten metal

is atomized by high pressure argoun and sprayed on the drum surface.

To provide an even coating, the drum is rotsted and translated during
service. The drum is then removed from the arc chamber; the arc-sprayed
monotype is removed and cut to size for subsequent consolidation

by hot pressing.

This process eliminates the need for organic binders, which
are sources of comtamination, but the necessity to provide matrix
material as & wire is a serious limitstion for most intermetallics,
vhich are typically brittle. Also, contamination during spraying,
especially by oxygen, is possible.

Chemical Vapor Deposition

Thin films of seaveral intermetallic compounds: WNbjAl, NbjAl,
NbAlj and MoSi; as well as two phase alloys of NbAl+NbALlj and MoSi;
on SiC laminates have been made by chemicsl vapor syanthesis.

MoSij; has been produced by CVD under atmospheric and reduced
pressure conditions, with the following reaction:

MoClg(g)+281C14(g)+6. SH(g)+MoS17(e)+130C1[28,29], (1
Deposition can be accomplished in the range 700-1400°C. Similarly,
SiC can be produced by CVD using any one of several reactions, including
the following:

CH381C13(g)+Ho(g) + S1C(s)+HC1(g)+H(g) (2)
The deposition range of 1100-1400°C is compatible with that for HoSt;.

Recently, laminates of MoSiz and SiC have besn produced by cvpl 28l
and are undergoing tests.

Apart from choice of substrate and deposition temperature, gas
pressure and flov rates of reactants affect deposition rate, microstructure
and density of the layers.

Filament Coating

Several methods exist to produce fibrous composites by a series
of stepe dealing with costings on fibers. Such costings may be spplied




by CVD, plasma spray or by a sol-gel process. An example of a sequential
coating and winding process is shown in Fig. 10[52]. In this case

Laser Micrometer

Take-up Spool

\_ """/ sired Powderea Aoy

and Binder Bath

Fig. 10 chucnttal coating-vinding
process (52},

W alloy fibers sre coated with alumina and then & powdered tantalum
sluminide alloy/binder mixture. The fibers are wound on a mandrel
and dried; monotypes are then cut from the mandrel and stacked in
a hot press cavity. The binder is burned out prior to hot pressing.

Low Pressure Plasma Spray

Metal and ceramic matrix composites, e.g. Ni-50Cr/NiCrAlY and
superalioy/Al,03 lllinthT, have been produced by a low pressurs
plasma spray tcchniqu¢[3° . This method could easily be adapted
to produce intermetallic matrix composites as well. Layered structures
are built up as discontinuous laminates, by spraying a powder
blend of two or more different compositions. Alternatively, a continuous
leminate can be produced by using twvo plasma guns traversing across
a rotating cylindrical mandrel.

DISCUSSION

As a consequence of high melting points and brittle behavior
displayed by most intermetallics of interest for high temperature
applications, powder processes have been the most videly used. Powder
processing is versatile in that virtually any alloy-reinforced combination
can be blended in the solid state and then consolidated at elevated
temperatures. Also, complex shapes can be produced readily. Reactive
processing offers the further advantages of utilization of elesental
powders, vhich are cheaper and more readily available than prealloyed
powders. Low furnace temperatures and very rapid densification are
further very significant advantages for variants of reactive sintering.
Although it is possible to obtain fully dense monolithic intermetallics
by reactive sintering, the strengthening of the compact and inhibition
of the exothermic reaction by the reinforcements usually requires
the application of pressure during or subsequent to reactive sintering
to remove all porosity. To date, the greatest success in producing
intermetallic composition by resctive processing has been achieved
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with NijAl, NiAl and AljTa matrices, reinforced with either particles
or fibers. In spite of these successes, certain inherent limitations
in the reactive sintering process will restrict its application to
relatively few intermetallic matrices.

One may cite also the difficulties associated with HIPing which
often accompanies or succeeds reactive processing: most notable
are the need for ductile canning materials which do not react with
the powders and the need to seal cans carefully. The low costs associated
with reactive sintering can quickly be overcome by the expenses associated
with welding HIP cans of expensive and reactive metals, such as Ti
and Nb.

The XD process is proprietary and, therefore, it is difficult
to comment upon its future utility. It is apparent that TiB; is
relatively inert in many intermetallics, especially aluminides, and
that fully dense material can be made vith very fine TiB; particle
sizes; interfaces are very clean. However, it is unclear vhether
other reinforcements can be successfully prepared in-situ. The principal
limitation to XD processing is its restriction to particulate reinforced
composites. For maximum tensile and creep strengths as well as toughness,
either continuous fibers or lamellae are required.

The latter can be resdily produced by two powder processes:
microstructurally toughened composites and the powder cloth method,
as well as by the pressure casting technique. Each process have
been applied to only a few intermetallics to date, but it seems that
there are fev limits to the combinations of fiber and matrix which
can be utilized to produce continuous composites. Of course, the
higher temperatures inherent in melt processing of composites gives
rise to greater energy costs, higher liklihood of chemical reaction
and increased possibility of thermal mismatch strains. While the
powder cloth and microstructurally toughened composite methods rely
on lower process temperatures, reaction zones are not precluded,
and contaminstion by oxygen must be carefully avoided in the powder
cloth method.

Mechanical alloying has thus far proven to be a relatively unreliable
technique for producing particulate reinforced composites.

Vapor deposition techniques are still in their infancy. Although
the need for appropriste precursors for matrix and reinforcement
is a significent limitation for CVD, the method can be used to prepare
both continuous fiber and lamellar composites. The volume fractionm
can be varied within wide limite by control of deposition rates on
fibers or as lamellae. The CVD process is particularly well suited
to very high melting compounds vhich would be extremsly difficult
to melt. As in powder processing, contamination by oxygen may be
4 serious handicap unless great care is used in designing and using
the reaction chamber. Plasma spray techniques sre not handicapped
by the need for chemical precursors as in CVD, and higher deposition
rates can be expected. However, vhers very thin lamellae are needed
CVD offers better process control and, most likely, higher purity
as well.

The kinetic energy storage devices utilized at the University
of Texas dramstically illustrates the inherent versatility
of powder processes. However, the rarity of such sachines and the
small sizes of samples produced to date sakes it difficult to predict
vhether kinetic energy discharge is a viable technique to prepares
intermetallic matrix composites.

SUMMARY AND CONCLUSIONS

Many innovative techniques have been developed to produce ii.termetallic




matrix composites, of which several representative ones have been
summarized here. The majority of processes involve use of powders,
although increasing attention is being directed towards vapor phase
techniques. Most intermetallic composites produced to date are reinforced
by particulates or random fibers. However, several techniques have

been successfully employed to produce continuous fiber reinforcements.
Injection molding appears to be feasible to produce aligned short

fiber reinforced composites. The major success of the various new
processing techniques has been improved strength (monotonic and creep).
Ductile phase toughening also has been demonstrated in a few cases,

but much more work needs to be done to produce strong and tough composites.
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Abstract

This presentation covers the use of powder metallurgy for the formation of mornolithic intermetallics
and intermetallic matrix composites. A notable development has been the fabrication of homogeneous
high density compacts from elemental powders by reactive sintering. A variant process involving
simultaneous pressurization in a hot isostatic press, termed reactive hot isostatic pressing, is applicable
to those compounds that prove difficult to consolidate by pressureless reactive sintering. This paper
describes the effects of various processing factors on fabrication of compounds including Ni,Al, NiAl,
TaAl,, MoSi, and their composites. A key concern is with processing effects on microstructure,
selection of compatible ceramic reinforcing phases, and whisker alignment through injection molding.

1. Introduction

Intermetallic compounds are being studied as
possible high temperature oxidation-resistant
structural materials for aerospace and turbine
applications. Aluminides are particularly attrac-
tive, with a low density, high strength, good corro-
sion and oxidation resistance, non-strategic
elements and relatively low cost. In some cases
these intermetallics exhibit improved strength
with increasing temperature (1]. Coupled with
relatively high melting temperatures, these attrib-
utes make for interesting high temperature mate-
rials. Most importantly, recent research has
demonstrated improved ductility in some inter-
metallic systems [2-4]. Thus fabricability and
reliability have been improved, leading to new
interest in the use of these compounds as
matrices for composites.

Sintering is ideal for the fabrication of com-
plex-shaped high performance intermetallic
alloys. This research considers reactive sintering
and reactive hot isostatic compaction as fabrica-
tion routes for the production of aluminide com-
pounds and composites from mixed elemental
powders. In this paper, the basic principles of
reactive sintering will be reviewed and applica-
tions to aluminides detailed, including a presenta-
tion of mechanical properties and processing

0921-5093/91/83.50

variants. In addition, other powder techniques to
produce similar composites will be discussed.

2. Overview of reactive processing

Our research has emphasized reactive sinter-
ing for forming several aluminides. In general,
reactive sintering involves the formation of a
transient liquid phase (5, 6]. The initial compact is
composed of mixed powders which are heated to
a temperature where they react to form a com-
pound product. Often the reaction occurs on the
formation of a first liquid, typically a eutectic
liquid at the interface between contacting par-
ticles. Figure 1 shows a schematic binary phase
diagram for a reactive sintering system, where a
stoichiometric mixture of A and B powders is

A+B —» AB+heat {mixed powder)

T
L
LN sorwng
v tempergture
o
A 1 B

tinol

composition

Fig. 1. Schematic binary phase diagram.
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TABLE 1

Comparison of thermodynamic data for reactively sintered
intermetallics

Inter- AH;, 298K  Solubility Solubility Liquid
metallic (kcaimol™') XinAl AlinX (vol.%)
(vol.%) {vol.%)
Al Ta =227 1.3 11 73
NiAl -283 17 20 60
Ni,Al -36.6 17 20 37
NbAl, -281 50 50 74
TiAl -19.3 3 23 55

used to form an intermediate compound product
AB. At the lowest eutectic temperature a tran-
sient liquid forms and spreads through the com-
pact during heating. Heat is liberated because of
the thermodynamic stability of the high melting
temperature compound. Consequently, reactive
sintering is nearly spontaneous, once the liquid
forms. By appropriate selection of temperature,
particle size, green density and composition, the
liquid becomes self-propagating through the
compact and persists for only a few seconds. Like
other transient liquid phase sintering treatments,
the liquid provides a capillary force on the struc-
ture which leads to densification [6]. However, if
the solubilities are unbalanced, swelling can occur
owing to the formation of Kirkendall porosity.
Table 1 summarizes thermodynamic data and
solubility limits for several components prepared
by this method [7].

During slow heating, solid state interdiffusion
can generate intermetallic phases at the inter-
faces, e.g. during the sintering of TiAl. Such com-
pounds inhibit the subsequent reaction when the
liquid forms; thus reactive sintering is sensitive to
processing parameters such as heating rates,
interfacial quality, green density and particle size.
Because of the 1apid spreading and reaction of
the liquid, pore formation at prior particle sites
is common, especially in systems with large
aluminum particle sizes and large exotherms.
Furthermore, dimensional control proves difficult
if an excess of liquid is formed. Because of such
problems, the applications of reactive sintering
have been limited. However, as demonstrated
here, the process is well suited to forming dense
intermetallic compound structures.

Reactive sintering has been applied in various
forms to produce NiAl, Ni,;Al, TaAl,, NbAl, and
TiAl. In one variant, compound formation and
densification are achieved in separate steps by
mixing elemental powders, reacting, pulverization

T'c
1600

1200}

800

Al 20 4L 60 8 N
at% Ni
Fig. 2. Al-Ni binary phase diagram [10)].

(grinding), compaction and subsequent sintering,
Variations on this basic scheme involved hot
pressing and pressure-assisted sintering. Stoichi-
ometry control is important and is often achieved
using an excess of the more volatile ingredient or
intermediate chemical leaching to remove
unreacted constituents. The curremt reactive
sintering approach circumvents these problems
by using commercial elemental powders, low
processing temperatures, short process cycles
with a classic press and sinter technology. Small
particle sizes generally proved most useful (8, 9].

3. Reactive consolidation of specific alloys

3.1. Ni;Al

Figure 2 shows the Al-Ni binary phase dia-
gram [10]. The Al-Ni system is characterized by
five intermetallic compounds, of which two have
been the focus of research: Ni; Al and NiAl.

For Ni;Al, reactive sintering near the lowest
eutectic temperature (640 °C) is most appro-
priate. Nickel and aluminum powders are ran-
domly mixed in a stoichiometric ratio. The
powder particles should be small to aid inter-
mixing; they are compressed to create good
particle-particle contact [8]. During heating to
the first eutectic temperature (640 °C), solid state
interdiffusion generates intermetallic phases and
some self-heating. At the first eutectic tempera-
ture, liquid forms and rapidly spreads throughout
the structure. The liquid consumes the elemental




Fig. 3. Microstructure of reactively sintered Ni,Al.

powders and forms a precipitated Ni;Al solid
behind the advancing liquid interface. Interdiffu-
sion of aluminum and nickel is very rapid in the
liquid phase and the formation of the compound
generates heat which further accelerates the reac-
tion. If the reaction is controlled, then the com-
pound will be nearly dense and suitable for
containerless hot isostatic pressing (HIP) to full
density [8).

Samples of nearly stoichiometric composition
(86.7 wt.% Ni) were sintered in vacuum for 600 s
at 750 °C using a heating rate of 30 K min~!. The
microstructure shows a small amount of porosity
and two distinct phases; the grain size is approxi-
mately 30 um (Fig. 3). The reactively sintered
material was annealed at 1350°C for 1 h to
homogenize it; the result was a single phase.
Microprobe line scans confirmed that the compo-
sition was uniform throughout the sample. Trans-
mission electron microscopy substantiated that
the product was ordered Ni,Al.

Differential thermal analysis and dilatometry
were used to understand the character of the
reactive sintering process. In the unreacted
powder a large exotherm was evident at approxi-
mately 600 °C, demonstrating the onset of reac-
tive sintering. In the reacted sample, no further
exotherm and only an endotherm was evident
when the sample melted, indicating total con-
sumption of the ingredients in the reactive sinter-
ing process. The first eutectic temperature in the
Al-Ni system is at 640 °C (Fig. 2) and aluminum
melts at 660 °C; thus the exotherm occurs prior
to liquid formation and the compact undergoes
self-heating, leading to rapid liquid formation.
Dilatometry results correlated with the differen-
tial thermal analysis, indicating that the reaction
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Fig. 4. Effect of particle size on densification of Ni;Al [5].

begins below approximately 600 °C. Further-
more, under optimum conditions the duration of
the reaction appears to be approximately 2 s [5).

In view of the self-heating during reaction,
experiments were performed to determine the
maximum temperature needed for densification
with the 30 K min~! heating rate to various maxi-
mum temperatures and a subsequent 900 s hoid
time using two aluminum particles sizes: 3 and 30
um (Fig. 4) [5]. Temperatures below 550 °C
resulted in higher porosities, most probably
because no liquid was formed. At temperatures in
the 550-600 °C range, good densification was
obtained. With higher temperatures there was a
gradual increase in swelling. Thus the optimum
reaction temperature is relatively low. It should
be noted that generally the 3 um aluminum
powder provided less densification than the
30 um powder.

Another important variable was sintering
atmosphere. Vacuum provided a much higher
density than did hydrogen or argon at a 30K
min "' heating rate.

Composites of Ni;Al with chopped Dupont FP
Al,O, fibers (20 #m in diameter) or particles of
Y,0; or Al,O; have been prepared by the
methods outlined above. In general, poor wetting
of fibers led to low tensile strengths and ductil-
ities of the compacts {11]. Therefore this line of
research was terminated.

3.2. NiAl

The exothermic reaction between nickel and
aluminum at the stoichiometric NiAl composition
is so vigorous (see Table 1) that melting and loss
of specimen shape commonly occur during reac-
tive sintering. As a consequence it is usually
necessary to mix 10-25% of pre-alloyed NiAl
powders with the elemental powders to dampen
the reaction. The optimum amount of pre-alioyed
powder depends on the particle size distribution
of the pre-alloyed powder [9]. Alternatively, an
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inert phase such as TiB, or Al,O, (as particles or
fibers) can be used for the same purpose.

The optimum method to consolidate NiAl
matrix composites appears to be by reactive hot
isostatic pressing (RHiP), employing the cycle
shown in Fig. 5. The RHIP temperature of
1200 °C is much higher than that used for Ni,Al,
although it is possible to consolidate (inhomo-
geneously) NiAl at lower temperatures. A typical
microstructure of RHIP NiAl is shown in Fig,
6{(a).

1200°C - 172 MPa
1-2hrs

24°C/min
S MPa/min

Temparature
Pressure

Time
Fig. 5. RHIP cycle for NiAI [9].

, (el

Fig. 6. Microstructure of alloys obtained by RHIP: (a) NiAl;
(b) NiAl-20vol.%TiB,.

The RHIP process also has been successfully
employed to produce NiAl reinforced with 10
and 20 vol.% TiB, (Fig. 6(b)). The tensile prop-
erties of RHIP NiAl and NiAl-TiB, alloys ar.
shown in Fig. 7 [9]. It should be noted that appr-
ciable strengthening occurs even though the TiB,
particles are relatively coarse. This is a conse-
quence of two factors: a refinement of grain size
due to the TiB, and incorporation of surface
oxides from the powders in the compact. Strength-
ening is also greater than would be predicted
from the rule of mixtures, using the data for TiB,
of Mandorf eral. [12).

3.3 AliTa

Attempts to densify Al;Ta by pressureless
reactive sintering have been unsuccessful {13).
Samples swelled rather than densifying at all
sintering temperatures and at several aluminum
coutents. The degree of swelling increased with
increased finishing temperature, increased par-
ticle size, decreased degassing temperature and
decreased heating rate. The particle size ratio had
less of an effect than did the average size of the
particle; thus an aluminum-to-tantalum powder
size ratio of 3 to 1 did not minimize swelling as
predicted by Kusy [14]. Generally, the sintered
density increased as the green density increased.

TRMPERATURE (°C)
,. 7,. i!. l!. (2 1]

02ys
O wavzoTis,
A NiIAI

f£1,
: S

uTs
a
A

Py

'y

;

HA a0 e o oo
TENPERATURE (°C)

Fig. 7. Effect of temperature on the tensile properties of

NiAl and NiAl-20vol.%TiB,. All tests were performed in air

except that for 900 *C which was performed in vacuum.
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The tailure of the reactive sintering (RS) tech-
nique for Al,Ta led to a series of experiments
on RHIP. For all experiments 10 um tantalum
and aluminum powders were mixed, cold pressed
to high green densities and outgassed for at least
10 h at 500°C, and a 35°C min~! heating rate
to the hold temperature was maintained.

HIP at 1200 °C proved successful in providing
fully dense homogeneous samples at 23 at.% Al,
as shown in Fig. 8(a). Lower HIP temperatures
left some unreacted tantalum. At 24 and 25 at.%
Al, some second phase (Al,Ta) was observed,
even after RHIP at 1200 °C, in agreement with a
recent phase diagram for this system [15]. A small
quantity of oxide, 1 vol.%, was observed at prior
particle boundaries, indicating that outgassing
was not complete. Anton [16] has suggested that
outgassing is effective only when the material is
vibrated to allow escape of the gases.

Samples with 8 at.% Fe were also fabricated by
RHIP. Fully dense samples containing two phases

LR Ai vy,
L n gl AR

Fig. 8. Microstructures of Al;Ta alloys obtained by RHIP:
{a) Al,;Ta,,; (b) Al,,Fe,Ta,,.
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were obtained after a 1200 °C cycle (see Fig.
8(b)). The matrix is Al;Ta with a ternary distrib-
uted phase.

Additions of reinforcing phases (TiB. powders
on Al,O; fibers) dramatically increased process-
ing problems [13]. Particulates agglomerated even
when methanol was used as a dispersant. Samples
tested to fracture after cold isostatic pressing
(CIP) had lower green densities than monolithic
samples cold isostatically pressed to the same
pressure. This problem was less severe with TiB,
particles than with fibers; problems with CIP
mixtures containing fibers also have been noted
in AlTi-base alloys. This problem can be
avoided by using an organic binder to mix
powders and fibers. The porosity of hot isostati-
cally pressed material (1200°C; 172 MPa)
increased with increasing percentage reinforce-
rmaent. The tantalum-rich phase AlLTa was
observed in samples with FP Al,O, fibers; only
very small amounts of Al,Ta were found in com-
pacts containing TiB, or Saffil fibers. The latter
appeared to agglomerate at pricr particle bound-
aries but were distributed better than the FP
fibers. Both types of Al,O; fiber fractured during
processing at pressures of 172 MPa; lower pres-
sures lessened this problem. Also, Saffil fibers
exhibited roughening, suggesting that the fibers
were deforming at 1200 °C

3.4. MosSi,

Attempts to process MoSi, reactively from
elemental powders in our laboratory have not
teen successful. Extensive porosity was noted
after attempts to use RHIP at 1600 °C and 83
MPa in a glass container. Therefore only com-
posites made by injection molding of pre-alloyed
powders have been produced, as described in the
following section.

It should be noted that reactive sintering of
MoSi,-based composites has been accomplished
by Smelser and coworkers [17). SiC reinforce-
ments (up to 20 vol.%) were sintered in various
mixtures of molybdenum, silicon, chromium,
titanium and CrSi,. The reactants (other than
molybdenum and silicon) greatly enhanced densi-
fication at temperatures as low as 1400 °C.

4. Injection molding

Reactive consolidation also may be applied to
injection molding, a process increasingly being
used for the powder processing of both mono-
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Fig. 9. Schematic diagram of the injection-molding process.

lithic and composite alloys {18]. In injection
molding, a mixture of powders, short fibers and a
binder is extruded through a tapered die to
achieve fiber alignment (Fig. 9) {8]. Extrusion
must be performed above the softening tempera-
ture of the binder. After extrusion the binder is
removed (thermally or by wicking action) and the
compact is consolidated to approximately full
density by HIP. Apart from the alignment of
fibers, which is achieved only when particles and
fibers are very small in diameter (10 um), this
process offers the possibility of producing com-
plex powder metallurgy (P/M) parts. However,
the principal disadvantages are the difficulty of
complete binder removal and the inability to
produce continuous-fiber-reinforced composites.
Nevertheless, fully dense Al,O,-reinforced com-
posites of NiAl have been produced successfully
by this method, as shown in Fig. 10(a) for
NiAl-AlLO; and in Fig. 10(b) for MoSi,~Al,0,.
The latter composite was made from prealloyed
powders. There was some evidence that the
Al,O; fibers inhibited crack propagation in the
NiAl matrix (Fig. 11).

Attempts to injection mold 10 u#m aluminum
and tantalum powders and 10 vol.% FP fibers
resulted in some alignment near specimen cen-
ters, but not at the edges. Smaller powders did
not lead to improved alignment. RHIP consoli-
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Fig. 10. Microstructures of injection-molded composites: (a
NiAl-15vol.%Al,0;; (b) MoSi,-20vol.%Al,0,.

Fig. 11. Crack deflection by fibers in NiAl-Al,O,.

dated the composite with some porosity, possibly
owing to a low green density. However, this
experiment showed that the binder did not con-
taminate the exothermic reaction.




5. Other powder-processing techniques

5.1. XD™ processing

The XD™ process developed by Martin
Marietta has generally been utilized to produce
multiphase alloy powders which are subsequently
hot pressed to full density at temperatures of the
order of 1450 °C in graphite dies [19-22]. The
process can incorporate both hard (strengthen-
ing) and soft (toughening) phases of various sizes.
Morphologies ranging from whiskers to platelets
can be obtained by appropriate process control.
The XD process also is compatible with casting
and fabrication techniques; investment casting,
forgings, extrusions and rolled sheets have been
produced. The most common reinforcement has
been TiB., which has been incorporated as par-
ticles 1 #m in diameter into TiAl, TiAl+ Ti;Al,
NiAl, NiAl-Ni,AITi and CoAl matrices in the
form of a weakly bonded compact. However,
other ceramic reinforcements (carbides, nitrides
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Fig. 12. Flow stress of Ni-Al alloys near 1300K [24].
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Fig. 13. Schematic diagram of the powder cloth method [26).
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and silicides) have been incorporated into
Nb-Ti-Al matrices [23]. After synthesis the
samples are usually broken up, milled and then
consolidated by hot pressing or HIP {24]. Typical
mechanical properties of hot-pressed NiAl-TiB,
compacts are shown in Fig. 12 and compared
with properties of other Ni-Al alloys [24].

5.2. Powder cloth process

The powder cloth method was the first
reported to fabricate intermetallic matrix com-
posites. The techniques have been described and
some mechanical property data provided for
continuous fiber (Ti;Al+ Nb)-SiC by Brindley
(25] and for (Fe-40at.%Al)~W and NiAl-W
composites by Brindley «. 1 Barlotta [26/.

In this method (Fig. 13) the intermetallic alloy
powder (which may be produced by atomization
or by pulverization of melt-spun ribbon) is mixed
with a powdered Teflon binder (the most success-
ful results were obtained in the range 4-11 vol.%)
and Stoddard solution (high grade kerosene). The
mixture, after most of the Stoddard solution has
been evaporated, has a dough-like consistency.
The dough is rolled into thin sheets with a stain-
less steel rolling pin. The balance of the Stoddard
solution is evaporated from the rolled sheet,
which is then trimmed to size for hot pressing.

The fiber matrix is prepared by winding a con-
tinuous fiber on a drum mounted in a lathe. When
the desired fiber spacing and mat width have
been achieved, the Jathe is stopped and the mat is
coated with a polymer-base binder such as poly-
methylmethacralate in a solvent base. After
evaporation of the solvent the fiber mat is
removed from the drum and cut to size ir nrep-
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aration for hot pressing. The desired number of
fiber plies is obtained by stacking alternate layers
of powder cloth and fiber mat. Vacuum hot press-
ing is used for final consolidation; a dynamic
vacuum and liquid-nitrogen-cooled trap to retain
organics during binder removal are necessary for
best results. As in injection molding, complete
binder removal is required to avoid contamina-
tion of the composite with carbon or other con-
stituents such as fluorine in the binder.

Most of the work reported for the powder
cloth method has involved a two-phase
Ti;Al+ Nb matrix with up to 40 vol.% SCS6 SiC
fibers, as shown in Fig. 14 [26]. Although these
composites can be produced with no contamina-
tion from the binder and have superior strength-
to-density ratios to wrought and to single-crystal
superalloys from room temperature to 1000 °C,
several problems have been encountered. A com-
plex multilayered reaction zone, containing TiC,
Ti;AlC and TiSi, forms at the fiber-matrix
interface [27). This brittle region may cause
degradation of properties when the composites
are operated for extended periods of time at
elevated temperatures. When oxygen contents of
matrix powders are high, e.g. 0.11 wt.%, com-
posite tensile strengths are reduced at room
temperatures. Also, thermal cycling of oxygen-
rich (0.15 wt.%) composites results in the forma-
tion of cracks at the fiber-matrix interface after
three thermal cycles from 23 to 985 °C. This is a
consequence of the high thermal expansion mis-
match and limited room temperature ductility of
fibers and matrix.

5.3. Mechanical alloying

Mechanical alloying is a powder process
involving high energy milling of (dry) powders of
a generally ductile matrix with ceramic particles.
Although mechanically alloyed nickel and alumi-
num alloys have been widely studied and com-
mercially applied, relatively little work has been
done on the mechanical alloying of intermetallics.

Early attempts at mechanical alloying suffered
from an excess in size and quantity of oxide
particles relative to that need for dispersion
strengthening. With better process control
Strothers and Vedula [28] were able to alloy FeAl
mechanically with Y,0,, resulting in a good
combination of strength and ductility at room
temperature. More recently still, Benn er al. [29)
have consolidated several intermetallics based
upon the Ni,Al, NiAl or Ni;Al + NiAl matrices.

The use of elemental powders in the initial charge
led to the production of very fine mechanically
alloyed powders which were canned and
extruded at 1150 °C in preparation for mechan-
ical testing.

3.4. Reaction milling

Reaction milling has been described as a
hybrid process combining both mechanical alloy-
ing and chemical reactions [24]. A composite of
NiAl with very small AIN particles was inadver-
tently produced by Luton er al. [30] when they
attempted to mill NiAl with Y,O, in liquid
nitrogen. Compressive tests at 1300 K showed
that the NiAl-AIN composite is at least twice as
strong as NiAl-10vol.%TiB. over a strain rate
range from 10~7 to 2x10°* s~! (Fig. 12) [24].
Whittenberger [24] also has reported that small-
diameter AIN particles are twice as effective as
TiB, particles in strengthening NiAl between
1200 and 1400 K. The AIN particles, which
surround the NiAl grains, form as a result of a
chemical reaction between aluminum and
nitrogen which is incorporated into the matrix
during cryomilling.

6. Processes involving ductile reinforcements

The processes described above have almost
exclusively been applied to composites strength-
ened by brittle ceramic particles or fibers {with
the exception of high energy rate forming). How-
ever, several techniques have been utilized to
incorporate ductile particles, fibers or tubes into a
brittle matrix so as to improve toughness. A few
examples follow.

Fig. 14. Microstructure of (Ti,Al + Nb)-SiC composite [26].
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Fig. 15. Charpy impact curve for microstructurally tough-
ened (MoSi.-Al,O,-(Nb-Zr) composites {31].

6.1. Microstructural toughening

A combination of ductile phase toughening
and hard particle strengthening has been
reported by Nardone and coworkers {31, 32].
Thin-walled tubes of ductile metals have been
mixed with powders and a binder to produce
multiphase alloys capable of stopping cracks in
more than one direction. Composites of (NiAl +
B,C)-type 304 stainless steel tubes and (MoSi,~-
Al,O;)-(Nb-1wt.%Zr) tubes have been produced
with substantial increase in toughness relative to
the monolithic matrices, as shown in the Charpy
curve for the latter (Fig. 15){31].

6.2. Vacuum hot pressing

Hot pressing of elemental powders (reactive
hot pressing or, more commonly, of pre-alloyed
powders), has been widely utilized to prepare
intermetallic matrix composites. Anton [33] has
reported the processing and properties of
Al;Ta-Al,O, composites prepared from ele-
mental powders, while others have utilized hot
pressing to prepare ductile phase-toughened
alloys such as NbSi;-Nb [34], TiAl-
Ti-33at.%Nb [35] and MoSi,-Nb [36]. Hot
pressing and HIP are well suited to the prep-
aration of composites from pre-alloyed powders,
as shown in Fig, 16 [37].

7. Discussion

Certain advantages and disadvantages are
inherent in powder processing. The most notable
advantage is the much lower furnace tempera-
tures than required for melting (even though
exothermic reactions may drive the compact
temperature to well above the melting point). In
addition, powder processing is flexible, in that a

Fig. 16. Microstructure of TaTiAl,-Al,O, composite pro-
duced by HIP pre-alloyed powders at 1200 °C[37].

range of sizes and shapes can be produced either
from elemental powders, which are cheap, or
from pre-alloyed powders, which are not. Also,
the powder process provides finer-grained, more
homogeneous material than can be achieved in
most melting operations. An added advantage,
especially with anisotropic alloys, is the ability to
cool compacts with little or no cracking com-
pared with that seen in arc-melted buttons.

These advantages are somewhat counter-
balanced by the increased likelihood of incor-
porating impurities, especially oxygen, that can be
very detrimental to mechanical behavior. Porosity
can be a problem but is usually easily overcome
by HIP. With respect to grain size, the fine grain
size inherent with powder processing is advan-
tageous for low temperature strength and tough-
ness but is undesirable for good high temperature
creep resistance. Nevertheless, the inherent
versatility of powder processes has led to the
many innovative techniques that have been
applied to or developed for intermetallic matrix
composites. We shall now consider specific
aspects of the various processes described earlier.

The key to successful reactive consolidation is
the use of fine powders, the existence of a finite
controllable exotherm and the lack of formation
of intervening compounds (as in the Al-Ti sys-
tem cited above) When full density is not
achieved by RS, subsequent consolidation by HIP
can be employed, although in these cases a single-
stage RHIP operation is more efficient.

The significant role of the sintering atmo-
sphere in determining the density of aluminides
during reactive sintering is explained by heat
conduction and entrapped gas effects [5]. Heat is
carried away from the compact during reaction
by the higher thermal conductivity of a gas vs.
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vacuum. Furthermore, because of the speed of the
reaction, there is not time for adsorbed vapors
and the atmosphere captured in the pores to
escape. Hydrogen has a higher solubility in Ni,Al
than argon has. Thus with hydrogen trapped in
the pores there is some opportunity for gas
escape even after the pores have sealed during
densification. Hydrogen was found to be better
than argon with two heating rates; however,
vacuum is the best environment, especially for
TiAl{38], NbAl;[39] and TaAl, [13].

Heating rate effects on transient liquid phase
sintering have been explained based on solid
state interdiffusion prior to liquid formation [5].
With a slow heating rate there is more solid state
reaction, resulting in less liquid. Indeed, the
intermetallic products formed by solid state
interdiffusion may actually inhibit liquid forma-
tion at the reaction temperature. Typically, higher
heating rates are beneficial when sintering
involves a transient liquid. However, too rapid a
heating rate gives a loss of process control and
with massive samples proves difficult to sustain
with any uniformity. Also, as the heating rate
increases, the reactivity of the liquid increases,
thereby decreasing process control. Therefore
intermediate heating rates prove most successful.

It is interesting to compare mechanical prop-
erties of intermetallic alloys prepared by other
powder-processing methods with the resuits
obtained by reactive sintering and its variants.

TABLE2
Tensile properties of NiAl at elevated temperatures

Particulate-reinforced composites of NiAl
have been prepared by Jha and Ray (40] and by
Seybolt [41]. Tensile properties, where available.
are compared in Table 2. It should be noted that
the strengths achieved with 20 vol.% TiB, par-
ticles in our work are comparable with the 5
vol.% ThO, alloy used by Seybolt and higher than
the 2.7 vol.% TiB. material used by Jha and Ray.
Such sketchy data seem to indicate that reactive
synthesis is capable of developing properties
comparable with those achieved by other
methods. Comparison of the compressive
strength of NiAl containing 20 vol.% TiB, by XD
(24] and by reactive synthesis leads to a similar
conclusion. It should be remembered that the
various processing techniques iead to different
grain sizes and impurity contents, which will
produce effects beyond those of particle size,
shape and volume fraction.

8. Summary

Several powder consolidation methods have
been described, with emphasis on reactive pro-
cessing. Densification during reactive consolida-
tion has been applied successfully to several
aluminides and has the potential to be used for
other intermetallic systems. Full density often is
achieved only when HIP is employed subsequent
to or concurrently with reactive sintering, espe-
cially in systems with a weak exotherm or in two-

Alloy Condition Temper- Yield Ultimate Reduction Reference
- ature (s™") strength  tensile in area
(°C) (MPa) strength (%)
(MPa)
Ni-49wir.%Al RS +HIP (20% 700 1.67x10°* 173 191 3 Present study
pre-alloyed) 800 1.67x10°* 135 154 14 Present study
Ni-49w1.%AI-20vol.%TiB, RS+ HIP (20% 700 167x10°* 394 344 0 Present study
pre-alloyed) 750 1.67x10°* 310 360 6.5 Present study
800 1.67x10°% 190 207 12.5 Present study
900 1.67x10°* 86 99 94 Present study
Ni-50wt.%Al P/M extruded 850 42x10"* 75 [41)
1000 42x10°% 20 (41)
Ni-50wt.%Al-5vol.%ThO,  P/M extruded 850 42x10°3 150 (41}
1000 42x10-* 80 [81]
Ni-50wt.%Al Cast 100 - 134 12.3* (42]
815 — 105 24.5* {42]
925 - 66 27.2* [42]
Ni~-50wt.%Al-2.7vol.%TiB, RS, extruded 760 84x10°* 209 251 64.7 {40}

*Measured elongation.




phase systems. Reactive sintering is favored also
by the use of fine powders and controlled atmos-
pheres. Reactive HIP of injection molded fibrous
composites is a feasible method of producing
aligned intermetallic matrix composites. Mechan-
ical properties of NiAl-TiB, composites pre-
pared by reactive synthesis compare well with
properties achieved by other powder processes.
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Powder Fabrication of

Monolithic and
Composite NiAl

David E. Aiman* and Norman S. Stoloff**

Engineering and Technology

]
Reactive sintering, hot isostatic pressing and powder injection molding
techniques were utilized for the processing of NiAl and several NiAl
composites. It was necessary to control the exothermic reaction associated
with reactive sintering and reactive HIPing (RHIP) by combining NiAl
prealloyed powders with elemental Ni and Al powders. Once particulate
composites of NiAl-TiB, were fabiicated, compressive and tensile stress
strain curves were established as a function of test temperature. NiAl-
Al 0; fibrous composites also were fabricated. Alignment of short fibers
was accomplished by using powder injection molding techniques. Nearly
perfect specimens were produced, indicating that this is a viable technique

for the fabrication of aligned fibrous intermetallic matrix-composites.

introduction

he intermetallic compound NiAl displays a
number of favorable properties for use at high

temperatures. These include a high melting
temperature (1640 °C), low density (5.86 g/cm?), and
excellent oxidation resistance. However, NiAl is brittle
at room temperature and has low strength at high
temperatures.! One potential means of improving
toughness is to utilize a fibrous second phase for
reinforcement. Particulates also can be used for strength
improvements. Powder metallurgical processes are
useful in preparing such composites, a8 has been
demonstrated in the Ti,Al/SiC? and AlyTa/AlOy
systems. Brindley? prepared Ti;Al powder cloths from
prealloyed powders; these cloths were interspersed with
layers of continuous"SiC fibers, and consolidated by
hot pressing. Anton? infiltrated a AL O, fibrous preform
with elemental Al and Ta powders. Consolidation of
the composites or of the Al;Ta matrix was performed
by reactive hot pressing. A recent review article by
Soloff and Alman¢ describes these and other innovative
processing technniques for the fabrication of interme-
tallic matrix composites.

*Graduste Research Assistant and **Professor, Materials
Engineering Department, Rensselaer Polytechaic Institute, Troy, New
York 12180-3590, USA.

NiAl also has been investigated for use as a matrix
for high temperature composites. Seybolt’ mechan-
ically alloyed NiAl with ALO,, Y,0, and ThO,
particles. These particles improved the high temper-
ature tensile properties of NiAl. The effects of fine
TiB, (1 to 3 um) particles on NiAl have been
studied.6722.23 Martin Marietta’s proprietary XD
process has been employed to fabricate NiAl dispersed
with 2.7 to 30 v/o TiB, particles.-22.23 These particles
significantly improved the compressive strength of
stoichometric NiAl; the addition of 30 v/o TiB,
improved the compressive flow stress of NiAl from
25 MPa to 95 MPa at 1027 °C and a strain rate
of 2 X 107¢ sec™.62 The XD process also has been
tised to disperse fine TiB, particies in Ni-38.5 ajo Al
NiAl/Ni,AITi alloys,® CoAl* and Ti45 ajo Al
Similarly, NiAl/2.7 v/o TiB,,’ fabricated by rapid
solidification techniques, had a tensile yield stress of
208MPa as compared to 8SMPa for monolithic NiAl
at 760 °C. Not all efforts have been aimed at
fabrication of particulate composites based on NiAl.
Kumar et al.¢ also fabricated NiAl and NiAl/TiB,
alloys reinforced with random Al;O; whiskers. With
15 v/o whiskers the fracture toughness improved to
9MPayv'm compared to 6MPay/m for monolithic
NiAl. However, the scatter associated with the
fracture toughness of the whisker-reinforced compo-
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Figure 1. Fiber alignment by injection moiding. "

site was significant. Earlier, Walters and Clinet had
fabricated NiAl reinforced with Cr and Mo fibers
by directional solidification techniques. Recently,
Nathal et al.? consolidated NiAl+W reinforced with
SiC fibers by the powder cloth method described
previously.

This paper summarizes efforts to fabricate both
particulate (TiB,) composites and aligned chopped
fibrous Al,0, composites with a NiAl matrx uu%
P/M techmques. such as reactive smunn}
powder injection molding. Also-repprté
preliminary results.on the meehﬂlell belwnot of

Background

Reactive sintering, also termed self propagating high
temperature synthesis or gasless combustion, has been
described elsewhere in detail for Ni,AlL!®® This is a
process in which an exothermic reaction between two
or more elemental constituents of a powder compact
provides enough heat to produce a liquid phase which
markedly reduces sintering time. If isostatic pressure
is applied during sintering the process is termed
Reactive Hot Isostatic Pressing (RHIP).

Powder injection molding has been proposed as a
method to achieve alignment of chopped fibers in a
powder matrix.!! This process consists of binder-
assisted extrusion of the powders and fiber through
a tapered die prior to consolidation to achieve fiber
alignment, as depicted in Fig. 1.!' Extrusion is
performed at temperatures above the softening
temperature of the binder. After extrusion, the binder
is thermally removed and the powder is consolidated,
resulting in an aligned fibrous composite. One
advantage of a powder injection molding technique
is that with the proper die design complex P/M parts
can be produced. From a manufacturing point of view,
this technique is superior to one that results in flat
plates. The major disadvantage is that continuous
reinforced composites cannot be produced.

Experimental Procedure

The characteristics of th: ::owder, particles and fibers
used in this study are sun.:~arized in Table I. For the
fabrication of NiAl and NiAl/TiB,, INCO-123 Ni
powder and Valimet H-15 Al powders were used.

Spperior fiber.aligpment gan be ac with smaller.
particles,"! s the Novamet 4SP Nia smaller Vilime®
powdm were chosen for ex ts involving -

!he af bncauon c’f NM/AQQ 'ﬁbrous aligned

these composites. - . C e -
- - —?’7"""”'- 3 'S S
v
TASLE . Material Characteristics 2 - .
P | s|u . - !| - e F ~ar I !
Al 3um spherical ~‘ - ges stomized. , T vemet H-3
Al 15um sphericst 3 o mud_ Valimet H-18
Ni 3-Tum spikey surface & carbonyl - INCO-123
Ni <10um spherical carbony! Novamet 4sp — 10um
TiB, 3um - - iCD Group -
NiIA) ~ 325 mesh anguisr - Cerac, inc.
NIAL KBam anguisr milied ]
Fibers Vendor Diameter Length
A0y Dupont-FP 20um 8-30mm
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Figure 2. A typical RHIP cycle for NiAl

Elemental powders were mixed to a composition
corresponding to Ni<49 ajo Al (30 w/o Al). For
composite specimens the appropriate amount of the
reinforcement phase was blended with the matrix
mixture. Mixing of the powder was performed in a
turbula type mixer for 1 hour. Cylindrical compacts
(0.5 grams, 6 mm in diameter) were pressed to
350MPa, with a resulting green density of approx-
imately 75 percent of theoretical, These compacts were
reactively sintered in vacuum (10~ Pa) for 1S minutes
at 700 °C. Experimentally, it was found that the
vacuum (Varian M4 diffusion pump system) did not
deteriorate due to evolved gases until sample sizes
approached 500 g. Sintered densities were determined
by the water immersion technique and metallographic
inspection. For material produced by RHIP, the
mixed powders were cold isostatically pressed (CIP)
to 210 MPa in a cylindrical polyurethane mold bag.
The resulting specimens were approximately 12.7mm
in diameter by 100mm long, weighing 50 grams and
had a green density of approximately 70 percent of
theoretical. These specimens were then vacuum
encapsulated in 304 stainless steel. Prior to encap-
sulation the specimens were degassed in vacuum at
300 °C for 10 hours. RHIP conditions were 172 MPa,
750 °C or 1200 °C for 1 hour, Fig. 2.

Aligned fibrous composites were produced by adding
a blend of Ni plus Al powders (Ni49 a/o Al) and
15 v/o AL O, fibers t0 35 v/o of a meited low molecular
weight proprietary polymer binder. As a consequence
of the small amount of powders used (spproximately
50 grams total), mixing was performed manually in
glass jars. A hand press was utilized for extrusion from
a heated die (90 °C). The extrusion dic was tapered
from 12.7 to 1.5mm. The extruded “wires” (1.Smm in
diameter) were then carefully placed in a polyurethane
die and CIPed 10 208MPa to produce specimens
approximately 25.4mm long by 12.7mm in diameter,
Fig. 3. The binder was removed by thermal debinding

NisAl. 15 Vol °; FP Fibers. 35 Vol°. Binder
As Extruded

P

am—

As CiPed (208 MPa)

Figure 3. Sample produced by the binder-assisted extrusion
technique.

(4 hours at 450 °C in flowing hydrogen). The samples
were then reactively sintered as described above. The
procedure is outlined in Fig. 4.

Results

The exothermic reaction associated with the reactive
sintering of NiAl from elemental powders was
uncontrollable. The heat that was generated was
sufficient to melt the compacts, as shown in Fig. S,
and to destroy Al,O, sintering crucibles. The micros-
tructure of this material (Fig. 6) has the characteristics
of a casting rather than the expected equiaxed P/M
microstructure. Electron microprobe analysis revealed
that the composition of the material was Ni-49 a/o
Al and the small dark particles present were oxides
associated with prior particle boundaries.

It was found by trial and error that the reaction
could be diluted by mixing 10 to 25 % of prealloyed
NiAl powder with the elemental powder, Fig. 7. The
optimum amount of prealloyed powder needed to
control the reaction was found to be dependent on
the particle size distribution of the prealloyed powder.
The NiAl powder purchased from Cerac had a more
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MELT BINDER

MIX FIBER/POWDER
TO MELTED BINDER

EXTRUDE FIBER/POWDER
AND MELTED BINDER BLEND
THROUGH A TAPPERED DIE

TO ALIGN FIBERS

CIP EXTRUDED MATERIAL
TOGETHER

SINTER

Figure 4. Outline of the binder-assisted axtrusion technique.

narrow particle size distribution than the powder milled
at RPIL. Therefore, blending was achieved with less
Cerac powder than RPI powder. The first two bars
in Fig. 8 show properties for reactively sintered NiAl
with RPI and Cerac powders. Even though different
optimum amounts of prealloyed powders were used,
the properties are essentially equivalent.

The properties of intermetallic compounds are
sensitive to impurity content.!? Therefore, it was
decided that in order to compare the properties of the
NiAl with composite alloys, the amounts of prealloyed
powders needed to be similar in both matrix and
composite specimens. Fig. 8 also shows the effect of
TiB, particles on the strength of reactive sintered NiAl.

Figure 5. NiAl tensile bars produced by reactively sintering Ni

and Al powders. Top is & green bar, bottom two are as-sinterad.

Figure 8. Microstructure of reactively sintered NiA! from Ni and
Al powders. Reactively sintered while vacuum encapsulated in
& thick walled stainiess stee! can followed by a HIP cycle (172MPa,
1 hr, 1200 *C), a) as polished D) etched, Kallings solution.
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It is evident that TiB, hindered densification. Pressure
had to be employed in the form of RHIP to produce
fully dense specimens.

Typical microstructures of NiAl and NiAl/ TiB, com-
posites fabricated by RHIP at 750 °C and 1200 °C
are shown in Figs. 9 and 10, respectively. Both
monolithic and composite alloys fabricated at 750 °C
and monolithic NiAl fabricated at 1200 °C were
inhomogeneous. Electron microprobe analysis
revealed that the light etching phase was Ni-45 ajo
Al while the dark etching phase was Ni-50 a/o Al,
both within the NiAl phase field. These alloys were
homogenized at 1300 °C for approximately 6 hours
in vacuum. The composition of the as-homogenized
material was determined by electron microprobe to
be approximately Ni49 a/o Al NiAl/TiB, alloys

Figure 7. Etffect on shape retention of the addition of prealioyed
NiAl powders to dilute the reaction between Ni and Al, (a) 10%
preaiioyed 90% elemental (b) 20% prealioyed 80% elemental (c)
25% preaiioyed 75% stemental powders.

RHIP at 1200 °C were found to be homogeneous in
the as-fabricated condition and did not need to be
heat treated.

Notice that the microstructure of the RHIP NiAl
fabricated from the mixture of prealloyed and
elemental powders had a more equiaxed grain structure
than NiAl produced from elemental powders, cf.
Figures 6 and 9. Also, the addition of TiB, particles
acted to refine the grain structure of NiAl; 5 um for
the composite alloys vs. 30 um for monolithic NiAl.

Compression tests for monolithic and TiB, reinforced
NiAl alloys, RHIP at 1200 °C, were carried out as
a function of test temperature. Compression flow
stresses vs. temperature are plotted in Fig. [1. Note
the rapid rise in yield stress with increasing TiB, content
at room temperature. A portion of this strengthening

THE INTERNATIONAL JOURNAL OF POWDER METALLURGY — VOLUME 27, NO. 1. 1991 3




L e e e ——

Powder Fabncation of Monolithic and Composite NiAl
Almen and Sioloft

. Hardness (VHN)
. Fractional Sintered Density
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NIAl NiAl NiAl NIA NIA) NiA)
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CONTENT: 25%° 19% 18%°*° 1% AL 3ad 1%
TiB; Voi% O 0 L 10 13 20

* NIAI powder preduced st APY
** NIAI pawder purshased frem Ceves. ine.

Figure 8. EMect off TiS, particles on the properties of reactively
sintered NiAl.

e

can be attributed to the very fine grain size of the
composite alioys. The remainder of the strengthing is
due to the TiB, particles. Above 700 °C there is a
rapid decrease of flow stress with temperature.

Large ingots (31.7Smm in dia. by 7Smm long,
weighing 200 grams) of NiAl and NiAl,20TiB, were
prepared for fabrication of tensile specimens. Mixed
powders (Ni, Al, NiAl and TiB,) were CIPed to 70%
of theoretical density and encapsulated in 304 stainiess
steel. In light of the inhomogeneity of the RHIP
materials, it was determined that these specimens
should be reacted while attached to an active vacuum,
followed by a conventional HIP cycle (1250 °C. 4 hrs/
172MPa), to remove residual porosity. A represen-
tative microstrcture is shown in Fig. 12. NiAl/ TiB,
tensile specimens (Fig. 13) were produced by grinding;
however, NiAl specimens had to be produced by

Figure 9. Microstructure of RHIP NiAl (10% presiioyed powder) (a) As RHI? 750 °C (b) ARIP 750 *C pius homogenization (C)
As RHIP 1200 *C (d) RHIP 1200 *C plus homogenization (etched, Kallings solution).
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Figure 10. Microstructures cf RHIP NiAI 20 v/o TiB,; particulate
composites (a) As RHIP 750 °C (b) RMIP 750 °C plus ~omo-
genzation (c) As RHIP 1200 °C (etched. Kailings solution)
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) ©  NAI(100% Elemental) X
2000 + -  MNiAl (10% Prealloyed)
s 1 +  NAU15 v% TiB2 (10% Prealloyed)
3 17509 <+ NAV20 v% TiB2 (10% Prealioyed)
" 1 - NiIAV40 v, TiB2 ([ 10% Prealioyed)
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Figure 11. EHect ot T8, particies or the comprassive properties of NiAI (RHIP 1200 °C}. ¢ = 4 « '0 “sec
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Figure 12. Microstructure of reactively sintered and HiPed
matenal a) NiAl D) NiAL/20 v/0 TiBy.

electro discharge machining. Prior to testing the
surfaces of the specimens were mechanically polished
through 9um diamond. Figure 14 shows yield and
ultimate tensile strengths, along with reduction in
area, as a function of temperature for NiAl and NiAl/
20 v/o TiB, composite. Most samples were tested in
air *xcept at 900 °C. Note the rapid drop in tensile
strength with temperature for both matrix and

composite.
Gauge dia 3.18 mm
/ dia
408 mm
8.1
}-._Ia':\:m—_'

Figure 13. Cylindrical tensile specimen.
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Figure 14. EMects of TiB; particies on the slevated temperature
tensile properties of NIA), é = 1.67 X 10-¢sec-".

Fig. 15 shows the microstructure of an aligned
fibrous composite, NiAl/ 15 v/o Al;O,, produced by
binder-assisted extrusion and reactive sintering. The
reinforcing phase was used to control the reaction,
instead of prealloyed powders. Note the equaixed
grain structure of the matrix, along with the nearly
perfect fiber alignment and distribution. Also note
the large residual pores remaining after reactive
sintering. HIPing after reactive sintering produced
fully dense specimens, as shown in Fig. 16.

Discussion

Control over the exotherm associated with the
formation of NiAl was attained by adding a high
melting temperature particulate to elemental powders.
The latter acts as a heat sink for the heat that is
generated from the reaction between Ni and Al For
the case of monolithic NiAl, prealloyed NiAl powder
was used to dilute the reaction. Similar results were
obtained for the combustion of TiC.!? As the percentage
of prealloyed TiC powder increased the maximum
temperature of the reaction between Ti and C
decreased. For reinforced NiAl alloys the reinforcement
phase can also be used as a dilutant, as was the case
w.th the NiAl/Al,O, composites. While nearly fully
dense monolithic NiAl could be reactively sintered,
experience revealed that pressure-aided sintering
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Figure 15. Microstructure at two magnifications of NiAl/1S
v/o aligned Dupont FP Al,O, fibers fabricated by binder assisted
extrusion plus reactive sintering (etched, Kailings solution).

techniques (RHIP) are required to fabricate
composites.

The application of pressure during reactive sintering
(RHIP) caused the transient liquid phase to become
non-uniformly dispersed, which lead to the
inhomogenity. Similar inhomogeneities have been
found during HIPing in the presence of a liquid phase
in the W-Ni system.!* Owing to its reduced grain size
the NiAl/ TiB, composite alloys fabricated at 1200 °C
were homogeneous, since in ordered alloys grain
boundary diffusion is more rapid than bulk diffusion.
Even with the resulting fine grain size, a processing
temperature of 750 °C proved too low to form
homogeneous composite materials.

Figure 18. Fuily dense microstructure of NiAl/15 v/o aligned
FP fibers fabricated by binder-assisted extrusion plus reactive
sintering, followed by & HIP cycle (172 MPa, 1200 °C. 1 hour).
HIP sampie was vacuum encapsuiated in stainless steel. a) as
polished b) etched, Kallings solution.

Somewhat surprising is the considerable
strengthening from the addition of large (13um) TiB,
particles. Some of this strengthening arises from matrix
grain size refinement, the grain size being reduced from
30um to Sum by the TiB, particies. However, a Hall-
Petch analysis of the contribution from grain size
refinement to strengthening can only account for a
portion of the observed strengthening, see Table II.

A rule of mixtures calculation provides an upper
limit for the strength of NiAl reinforced with TiB,,
assuming that there is no interaction (i.e. dislocation
motion impedence) between the matrix and particles.
Table III compares calculated and experimentally
determined compressive yield strengths for NiAl/ TiB,
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TABLE il. Contridution of Grain Refinement 0 Room

TABLE Ill. Comparigon of Room Tempersture Compressive

Temperature Comprussive Yield Stress Strengths of NIAI and NIALTIS, and Rules of
Grain Size Yield Stress Mixtures Calculsted e
{um) (MPa) Experirmenially

- Rule of Mixture Determined
NiAl (10% Preailoyed) 30 890 )
NiAl (10% Prealicysd) 5 1000 o T Compressive Strength  Compressive Strengtn

Caiculated from Hail Petch” voTi8, (MPa) (MPa)
NiAl (10% Preatioyed) 5 1060 Y - 1000°

15 v/o TiB,- 20 1164 1350
NiAl (10% Prealioyed) 5 1350 40 1288 191§

20 vio TiB, 100 T 1723

*Hall Petch siope from Schuison's

alloys at room temperature. It is clear that some of
the strengthening arises from interactions between the
particles and the matrix.

Tables IV, V and VI compare compressive and tensile
strengths of NiAl and NiAl particulate reinforced alloys
fabricated by other techniques to materials produced
by reactive synthesis. It is important to remember that

Figure 17. NiAl reintorced with 10 v/o FP fibers a) tensile bars
b) cross saction.

*NiAl Sum grain size calculated from Hall Petch relationship
(Table ).

**Value for TiB, from Mandort et al.'®

the properties of NiAl are sensitive to gr ze,

impurity content, deviations from stoichiom: ad
strain rate effects. Direct comparison, therefc aid
not be made. However, comparison of th- 3n

these tables clearly indicates that fine TiB; ..articles
are needed to significantly strengthen NiAl at elevated
temperatures. Also, NiAl fabricated by reactive
synthesis has equivalent mechanical properties to
materials produced by other techniques.

Results of the binder-assisted extrusion experiments
indicate that this is a viable method for producing
aligned fibrous composites. Near perfect alignment was
achieved using the techniques described previously.
Near net shape composites (NiAl/ 10 v/o Al,0,) have
been produced by injection molding coupled with
reactive sintering, Fig. 17. It is evident that pressure
must be empioyed to produce fully dense composites.
One problem has been damage to the fibers dunng
powder processing. A fiber that is stiffer in the
transverse direction (i.e., one with a tungsten core)
might be less susceptible to damage during powder
processing than the FP fiber.

Figure 18 compares microhardness values for alloys
fabricated in this study. It is important to recall that
a large poriton of the strengthening with TiB, is a result
of grain size refinement of the matrix. The addition
of Al,O, fiders did not refine the grain size, so that
values cannot be compared directly. Larger microhard-
ness values were obtained with aligned fibers than for
randomly oriented fibers. The behavior of cracks
initiating from hardness indentations can be used to
gauge the ability of the fibers to blunt cracks, and
therefore, increase the toughness of the composite
relative to the matrix alone. Figure 19 shows a crack
initiating from a hardness indentation in a fully dense,
random NiAl/ Al,O, composite. Note that the cracks
propagate around and not through the fibers, indicating
that the addition of Al,0, fibers may improve the
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TABLE V. mummmmmmmmmuwumrm

Alloy Condition Grain Size (um) 0,,(MPa) Reference
48.9 Al Cast > 500 430° Ball and Smaliman's
49 Al - 30 n Schuison ang Barker'®
50 Al VIM, HIP, extruded 50 290 Law and Blackburn
50 Al Hot Press, preailoyed 2000-3000 314 Rigney et al."?
S0 AI-10TiB, Hot Press, prealioyed 40 898°° Rigney et al.'?
49 Al RS. 0% preaiioyed 30 544 present study
49 Al RHIP, 10% prealioyed 30 890 present study
49 AI-15TiB, RHIP, 10% preailoyed 5 1080 present study
49 AI-20TiB, RHIP, 10% preaiioyed 5 1350 present study
* 200°C
**in bend
TABLE V. Effect of Processing Condition, Tempersiure, and Strain isle on Compressive Yield Strength of NIAI
Alloy Condition Temp (*°C) ¢(seC™) 9ys(MPa) Reference
49 Al RHIP, 10% prealioyed 700 4% 10— 24 present study
950 4 X 104 (.~ present study
49 AI-20TiB, RHIP, 10% preailoyed 700 4 X 10~ 408 present study
950 410 80 present study
50 A XD synthesis 7 2% 10~ 70* Kumar et al.¢
50 AI-20Ti8, XD synthesis 927 2X10 200 Kumar et al.¢
50 Al VIM, HIP, extruded 700 - 100 Law and Blackburm®
900 - 50 Law and Blackbum®
49.2 Al P/M, extruded 927 1.3X 108 45 Whittenberger?
*Extrapoiation from data.
TABLE Vi. Tensile Properties of NIA st Elevated Temperature
Toemp
Alloy Condition (*°C) é(sec™") a,(MPa) SUTS (MPe) RA (%) Reference
Ni-49 Al RS + HIP 700 1.687 X 10~ 173 1)) 3 present study
(20% prealioyed) 800 1.67 X 10¢ 138 154 " present study
49AI-20TiB, RS + HIP, 700 1.67 X 10— b M4 0 present study
(20% presiloyed) 750 1.67 X 10~ 310 380 as present study
800 1.67 X 10~ 190 207 128 present study
900 1.67 X 10~ 8 % 924 present study
S0 Al P/M extruded 850 42X 10-¢ ] Seyboitt
1000 42X 10~ 2 Seyboitt
80 AI-SThO,  P/M extruded 080 42X 10 150 Seybolts
‘ 1000 42X10 0 Seyboits
S0 Al Cant 700 - 134 123° Grala®
818 - 108 45 Grale®
928 - (] (o Grala*
S0AI2.7TiB, Rapid Solidity, 760 8.4 x 10~ 200 31 047 Jha and Ray’
extruded
*measured slongation

toughness of NiAl, confirming the results of Kumar component is present to dilute the exothermic reaction

et al.$

Conciusions

NiAl and NiAl matrix composites can be fabricated

from a reactive synthesis approach as long as a nonuniformly dispersed,

between Ni and AL For monolithic NiAl, small
additions of prealloyed NiAl to purely elemental
powders are sufficient to control the reaction. The
application of pressure during the reaction of the diluted
mixture causes the initial liquid that forms to become
which leads to
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Figure 18. Comparative microhardness for fulty dense NiAl slioys.

inhomogeneities in the microstructure. Therefore, the
optimal fabrication route for NiAl is by reactive
sintering followed by HIP. Fabrication of composites
can be achieved without the addition of prealloyed
powder because the ceramic reinforcing phase acts as
a heat sink.

Binder-assisted extrusion (powder injection moia: .
is a viable method for production of aligned fibrou:
composites in an intermetallic matrix. Superior
alignment is achieved with small spherical powders.
Therefore, an elemental powder approach such as
reactive synthesis is necessary for the production of

Figure 18, Two viewa of crack growih inhibition by AlsOs fibers in NiAL.
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these composites, since elemental powders are more
readily available in a wider range of sizes, shapes, and
unty.

P NiAl and NiAl/TiB, composites fabricated by
reactive synthesis had comparable strengths at low and
intermediate temperatures to similar alloys produced
by other techniques. Compressive and tensile tests
revealed that the yield stress of NiAl can be increased
with the addition of TiB,. A large portion of this
strengthening is attributed to grain size refinement. Fine
TiB, particles are needed to strengthen NiAl
significantly at elevated temperatures. .

Microhardness tests reveal that Al,0, fibers will
strengthen NiAl, especially if the fibers are aligned.
Crack paths arising from hardness indentations indicate
that the addition of Al,O, fibers may improve the
toughness of NiAl.
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satract

The NiAl matrix composites are among the recently widely studied
uterials due to their attractive properties such as high melting
usparature, low density and low cost. The goal of this research is
to study the processing of NiAl matrix composites reinforced with
§iAl/15volsTiB, 1.5 umm diameter continuous fibers. The whole
ospesite material i.e., both the reinforcing fibers and the matrix
uterial are produced by extrusion of powder binder mixtures. The
wt step is to layup the extrudates in a desired configuration and
then to cold isostatically press (CIP) thea together. The binder is
maoved from the green sample and the sample is sintered during a hot
isostatic pressing (HIP) operation. This fabrication method enables
& to tailor the properties of the manufactured composite material.
ais can be done by controlling the tidber composition, fiber fraction
ud their layout in the matrix. Extrusion gives us flexibility in
urms of fiber diameter, while the HIP process allows us to use
nriable procass paraneters such as temperature, pressure and tire.
%sse process parameters were varied and their influence on the
woperties of the tinal product is discussed in the paper.

istroduction

The objective of this project was to study the feasibility of
te proposed technique to sanufacture continuous tiber reinforced
caposites. The manufacturing technigque based on powder processing
gives us unlimited flexibility in terms of choice for matrix and
fider material. The selection of NiAl for the matrix material and
gAl/7i8, for the fiber was done based on prior mechanical and
widation data'’. These materials have been studied extensively and
urs vell characterized. .
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idation Studi

Systematic oxidation studies were performed on NiAl materi
obtained by hot isostatic pressing (HIP) of prealloyed powdersa
elemental powders, which led to reactive hot isostatic pressi
(227313, Wickel! aluminide /VWidl) was u3ad 25 2 matriy paterial a
-7 e2% relntorTeA Wins various wmoImus T2 TIZ, particulaty
Wirl TiZ. oozposizes wit: 12, 27, and 3D volume % of reing
phase were fabricated with HIP and RHIP techniques. These
were exposed to air at 1073K, 1273K, and 1473K for several hours.
results of the oxidation tests performed at 1273K are presented|
Figure 1. This graph shows specific weight gain as a function of th
for various composites. The following symbols are used: U}
prealloyed powder, RS - reactive sintering (elemental powders), o
prealloyed powder obtained by XD process at Martin Marrieta Coapany
and the number next to the symbol shows the amount of reinforciy
phase used.

+ PA=O o RAS~0 o RS-0 L =10 A RS=10
A RrRs-10 O rRs~20 B RS-20 ¢ PA-30

3.00
- ®
“5 250
2 200} ~
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Figure 1. Specific weight gain of NiAl and NiAl/Ti conpositu.’
a ‘function of time in oxidation test performed at 1273K. f
I

These results show behavior similar to most composites exceyt

for the samples with 30volS of TiB,. Due to the differm
manufacturing techniques used for these composites, only a genenj
conclusion can be drawn. A straight comparison between oxidatiy
resistance of the HIP-ed prealloyed powders and the RHIP-ed elementy
powders based on the amount of reinforcing phase cannot be mad
There are important process and material variables, different fy
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wth of the fabrication methods, which have to be taken into account.
%¢ sazple made from the prealloyed NiAl powder and HIP~-ed to full
#nsity exhibits a hardness of 34.6 HRC, while NiAl material
ainforced with 3ovols TiB, HIP-ed under the same parameters shows
shardness of 51.5 HRC. At this point a compromise was made between
2 inproved mechanical properties and degraded oxidation resistance
# NiAl/TiB, composites with higher fraction of the reinforcing Ti
pase. The relationship for oxidation resistance as a function o
sise is shown in Figure 1. The problem of losing oxidation resistance
vth an increasing amount of TiB, can be solved by using a different
wy of reinforcing the NiAl matrix. The goal was to use an
istelligent processing route, which would allow us to improve the
mchanical properties of the matrix with a significantly smaller
tnction of TiB, than 30 volume percent.

sncept of continuous Fiber Reinforced Composite

As a solution to the oxidation resistance problem, a continucus
fimr reinforced composite (CFRC) was suggestad. The idea was to use
jiAl material as a matrix and to reinforce it with fibers made of
liAl/15 vol3TiB, composite. A schematic cross section of that
.=tposite with 20% fiber fraction is presented in Figure 2.

NiAI/1.":wol%TiB2
Fiber

NiAl Matrix

Sample Diameter 10.0 mm
Fiber Diameter 1.5 mm
Fiber Fraction 20.0 %

ligre 2. Composite cross section.

To produce such material a relatively complex fabrication method
s required. First the selected powders were mixed with a binder to
goduce a feedstock. Then the feedstock was extruded through a
mical die to form a fiber. This operation was used for different
mder/binder mixtures to obtain fibers for the NiAl matrix and the
iAl/Ti8, reinforcing material. In the next step straight fibers of
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different composition were laid-up in a desired manner to form th
composite preform. The preform was then cold isostatically press«
(CIP), which gave green strength to the fibe~ compound. The greu
strength is desired due to fact that the sample had to be handle
during the debinding and HIP-ing operations. The next step wasi
debinding procedure, which enabled us to remove the binder from tie
fibers pressed together. After that step the sanmple was ready for th
final densification process. It was encapsulated under vacuua am
then HIP-ed. Final product testing included microstructura
observations, density, and hardness measurements. A flow chart of t
whole fabrication method for CFRC is shown in Figure 3.

Powder/Binder Mixtures
I

Extrusion

Layup of Fibers of
Different Composition

I
CIP

|
Debinding
1
HIP

{
Testing

Figure 3. Flow diagram for powder processing of continuous fibe
reinforced composite.

Experimental and Results

Prealloyed NiAl and ‘n% powders characterized in Table I wn
used in the first experiments. There wers mixed with an organi
binder, whose composition is shown in Table II. Powder loading fa«
NiAl/binder and NiAl/15voldTiB, /binder mixtures vas determined
torque rheometer and the valuss were 55% and 46% respectively. Powie
binder mixtures were extruded through a 1.5 mm diameter conical dis
at 393 K. The extrudates and the die are shown in Figure 4.
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Material

Table I

Powder Characteristic

S —
NiAl

TiB,

Vendor

froduction Method

Mean Particle Size

Cerac Inc.

ICD Group Inc.

Ball Milled Ball Milled
18um - Aum
Table II
Binder Composition
s ———
Composition of the binder

Paraffin Wax 69%
Polypropylene 20%
Carnauba Wax 10%
Stearic Acid 1%

fgure 4. Extrudates and 1.5 mm diameter die.
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The extrudates were warmed on a hot plate, which allowed th
straightening of fibers made from the powder/binder mixtures. T
extruded fibers were laid-up ir the desired configuration and the
cold isostatically pressed at 224 MPa. Then the sample wa
thermally debound in hydrogen following the schedule presented in
Table III. This schedule also allowed presintering so sampls
handling did not cause a problem. The sample was placed in
stainless steel can, degassed at 625 K for 12 hours and then sealed
under the vacuum. This way the prepared HIP can was placed in a HIP
pressure chamber and processed for an hour at 1473 K under i
pressure of 170 MPa. This processing route enables achievement of
a fully dense material. The microstructure of the composite, showm
in Figure 5, is almost homogenous in the whole cross section area.

Table III

Thermal Debinding Schedule; Hydrogen Atmosphere

Thermal Debinding Steps

1. Heating rate 2K/min

2. Hold for 300 min at 723K
3. Heating rate 10K/min

4. Hold for 60 min at 1473K

S. Cooling rate 20K/min down
to room temperature

Figure 5. Microstructure of cross section area for a sample when
the NiAl/TiB, fiber is homogenized into the matrix.
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i
!

fe TiB, particles were repositioned before they were sintered
togsther. This resulted in almost even dispersion of TiB, particles
in the whole matrix and in the loss of the fibe. reinforced
duracter of the composite material. In this situation we were
daling with a particle reinforced material instead of a fiber
ssinforcer’ compositas.

in .he next set of experiments it was decided to replace the
jrealloyed NiAl powder with Ni and Al elemental powders to use the
ractive sintering technique after debinding instead of
yesintering. The HIP process was used only to densify the fiber
uterial, which had been sintered already and to enhance the
sintering of fibers together. The powders used for reactive
sintering are characterized in Table 1V. These povders were mixed
wgether in the proportion required for the NiAl composition. In
sder to control propagation of the reaction wave, 10% of
srealloyed NiAl powder was added. These powders vere mixed together
for 30 minutes in a turbula mixer and then mixed with the organic
dinder described in Table II. The powder loading for this systea
ws 643. The same reinforcing fibers NiAl/15voliTiB, were used. The
atrusion and CIP conditions were identical to those for the first
usples. The HIP process was performed for 30 minutes at 1473K
mier a pressure of 100 MPa. As a result, a sample with a very
xwiginal microstructure was obtained. There are distinct
liccostructure differences betwsen fiber and matrix material. The
typical microstructure is shown in Figure 6. The microhardness
msurements for both NiAl matrix and NiAl/TiB, fibers are
gresanted in Table V.

Table 1V

Powders characteristic for reactive sintering process

L
Material rVQndcr/crad. Production Mean Particle
Method - Size
Ni Novamet/4SP Gas 4um
Atomization
Al Valimet/H-3 Gas um
: Atomization
NiAl Cerac Inc. Ball Miiled 18um
TiB, ICD Group Inc. Ball Milled 4aum
L S
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Fig 6. A NiAl/TiB, fiber NiAl matrix interface

Table V
Microhardness for NiAl matrix and NiAl/TiB, fiber material

_ _
Material HV (100 ‘
J .
Readings Mean Value
NiAl matrix 254 264 281 285

304 297 297 264 254 277.8

Ni.Al/'.I.‘i.Bz fiber #1 421 401 421 414.3

Ni.AJI./'l‘i.Bz tiber #2 433 413 530 458.7
NiAl/TiB, fiber #3 464 421 401 428.7 J

Riscussion

The second fabrication method involving reactive sinteriy
proved to be a successful technique. The material obtained has
typical microstructure of a fiber reinforced composite. There isi
distinct difference in microstructure and mechanical propertis
between fiber and matrix material (See Fig. 4 and Table V),
Reactive sintering allows us to maintain the fiber structurs. tu
HIP process is a very useful densification technique but has toby
preceded by a sintering operation. Simultanecus application o
temperature and pressure resulted in very extensive ropositiontq:
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of the particles and complete change of character of the
reinforcing structure. The HIP-ed sample turned out to be
reinforced by dispersed particles instead of aligned fibers. There
are many aspects in this technology which should be studied
turther. The first eventual changes should be in the extrusion
process. The matrix and fiber material can be extruded through the
dies of different diameters. This would allow better packing
density in the green stage and also help to layup fibers. The best
solution is to use matrix fibers of larger diameter and reinforcing
fibers of smaller diameter. The idea is to build a continuous
netvork of large fibers with voids filled with smaller reinforcing
tibers. This would significantly improve the packing density so
wmportant for the sintering process and also to assure better
control of fiber alignment. This study was on the NiAl system but
can be extended to other composites. The fiber and matrix
cosposition can be easily changed and designed for current needs.
It is also possible to introduce additional layer on the fiber
surface, which can be made of a ductile material. The ductile
reinforcing fibers could be made by traditional wire drawing
technology and then placed in the intermetallic matrix. The
proposed technology is very universal and gives freedom in
designing composite properties through the matrix and fiber
conposition, their volume fraction and fibers layout in the matrix.
the wvork on this processing technique should continue focusing on
atrusion process and then on optimization of reactive sintering.
After that, the obtained composites will be tested for mechanical
properties and oxidation resistance.

dupRALY

The proposed technique for manufacturing continuous fiber
reinforced composite by powder processing is very attractive due to
its flexibility. The reactive sintering version of this technology
gives a much better control over the composite microstructure,
vhich influences properties. There is a need for further studies,
especially in extrusion and sintering stage.
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ABSTRACT

Alloys based on iron aluminides are of interest due to their strength at elevated temperatures,
good oxidation and sulfidation resistance, and low material cost. These intermetallic compounds are
expected to be an inexpensive alternative for moderate temperature resistant alloys. Until now, the
major thrust of research has been in the development of new alloys and a basic understanding of
mechanical behavior. Relatively little effort has focussed on the processing of these materials.

Reactive sintering, 2 novel powder processing technique, has been successfully applied to
fabricating nicke! aluminides. In this paper, reactive sintering and reactive hot isostatic pressing
(RHIP) of iron aluminides are discussed. This study included intentional variations in composition,
powder types, powder size ratio, sintering temperatures, and degassing times. From reactive sintering
experiments, an optimal combination of iron and aluminum particle sizes was selected for subsequent
evaluation of composition and reactive hot isostatic compaction variables. The results demonstrated
that full density could be achieved with a high aluminum content material processed by reactive hot
isostatic compaction (RHIP). The maximum deasity obtained with an Fe,Al composition was 91%
of theoretical. This could be improved, however, by changing the processing parameters. Reactive
sintering without simultaneous pressurization failed to give full densification in any of the
compositions evaluated, largely due to a low enthalpy of compound formation. The results clearly
demonstrate that reactive hot isostatic pressing can be a method of fabricating iron aluminides in an
inexpensive manner.

INTRODUCTION

The promise of intermetallic compounds as structural components has beea well documented
inthe literature [1,2]. Among all of the intermetallic compounds, the long range ordered aluminides,
especially the nickel aluminindes, have been most extensively studied. Iron aluminides, which also
possess extremely atmractive properties like the nickel aluminides, have not been investigated 10 a
peat extent.
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Alloys based on Fe,Al and FeAl are of great interest, however, due to their good oxidation s
sulphidation resistance and low material cost (3]. Presently, the majority of the heat resistant allon
are either nickel or cobalt based or high nicke! and chromium containing steels. These alloys ofes
suffer from chromium evaporation at high wmperatures, exhibit very poor hot corrosion propema
in sulphur-containing environments, and usually contain a number of expensive and stratege
elements. On the other hand, intermetallic compounds between the Fe,Al and FeAl composioa
exhibit good oxidation resistance and a fair amount of sulphidation resistance due to their abilitys
form a protective alumina coating at very low oxygen partial pressures [3]. Fe,Al compounds is
possess good strength at moderate temperatures, show around 2 to 5% ductility at room temperane,
have lower densities compared to nickel or cobalt based alloys and steels, and do not dependa
expensive and strategic elements. Improvements in creep properties of iron aluminides along wa
an excellent combination of other desirable mechanical properties can also be obtained in i
aluminide based composites with TiB, dispersoids (4,5]. Thus, this material offers extremey
attractive property combinations like its more extensively studied counterpart, the nickel aluminida
Various processing techniques have been utilized for the fabrication of iron aluminide basi
intermetallic compounds. Conventional processes like casting and arc melting have been utilizzde
fabricate this compound. However, due to the inherent problems associated with the casty
approaches, powder processing has been extensively used (6-9). Powder processing also provia
the opportunity of fabricating composites based on an iron aluminide matrix.

Recent powder metallurgy approaches for producing intermetallic compounds and composia
based on intermetallic matrices generally favor conventional techniques, such as hot pressing,
isostatic pressing, or hot extrusion of prealloyed powders [1-4,10,11]. Although, the success of thee
approaches is clearly established, there are the drawbacks of long process cycles, high proces
temperatures and considerable expense. A reactive processing approach could circumvent thes
problems by using commercial elemental powders and shorter process cycles. Reactive sintery
and reactive hot isostatic processing are novel processing methods which have been successfuly
applied for producing near full density Ni;Al intermetallic compounds (12,13]. It remains ok
determined whether reactive processing can be extended to the fabrication of other intermenli
compounds. In general, reactive sintering of aluminides involves a transient liquid phase thaa
formed when the aluminum melts [ 14]. The initial compact is composed of mixed elemental powden
which are heated t0 a temperature where they react 1o form the desired compound. Figure 1 show
a schematic binary phase diagram for a reactive sintering system, where a stoichiometric mixasred
A and B powders is used to form an intermediate compound product AB [15]. The reaction occm
above the lowest eutectic temperature in the system, yet at a temperature where the desired compond
is still solid. Heat is liberated due to the thermodynamic stability of the high melting tempenam
compound. Consequently, reactive sintering can be nearly spontaneous once the liquid form,
provided the heat liberated is sufficient to drive the reaction. The formation of molten aluminm
provides a capillary force on the structure which can lead to rapid densification (14]. The reactin
sintering process as envisioned for the present research on iron aluminide is similar to that umi
previously to produce high density nickel aluminides [16]. The phase diagram of a binary NiN
system is shown in Figure 2 {17,18]. Some of the similarities between the schematic binary ps
diagram (Figure 1) and the Ni-Al phase diagram are quite obvious. Concerns about the applicabiiy
of the technique to the iron aluminides exist, however, due 1o the lower adiabatic temperaturerisa
this system and the unbalanced solubility between the iron and aluminum. If pressureless reactin
sintering of the iron aluminides does not provide the desired level of densification due to the conce
described above, the chances of success in pressure assisted reactive sintering is exgemely high. Th
paper describes the preliminary results of investigations on reactive sintering and reactive hot isoss
pressing of iron aluminides.
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EXPERIMENTS AND RESULTS

The esseatial approach was to mix and compact elemental powders (inexpensive and easy®
compact) and heat the mixture to a temperature at which the exothermic reaction occurred. Dues
the low exotherm of the iron-aluminum mixture, it was felt that simultaneous application of pressm
would be necessary during the reaction to obtain complete densification. However, to assess ie
optimal powder combination, screening experiments based on pressureless reactive sintering of mixel
elemental powders were designed. The matrix of these screening experiments as designed to asms
the influence of iron particle size, aluminum particle size, green density, degassing time, ad
maximum temperature on the degree of reaction, density, and structural integrity of the system. Fra
these experiments, an optimal combination of iron and aluminum particle sizes was selected fx
subsequent evaluation of composition and reactive hot isostatic pressing variables. Samps
characterization included shape retention, density, microstructure, and X-ray diffraction. Reactiw
hotisostatically pressed samples that exhibited good sintered densities were tested in tension (withos
the customary ordering treatment) at ambient temperature.

Screening Tests
Three different types of iron powders and three aluminum powders of different particle siz

and shape were selected for the initial experiments. The characteristics of all powders used in dis
research are presented in Table 1.

Initially the powders were mixed in a 3:1 atomic stoichiometry of iron to aluminum in a turbeis.
mixer for 30 minutes. From these mixtures, 5g samples were die pressed in a 12.6 mm cylindricd”
die using zinc stearate as a die wall lubricant. Sixteen samples were prepared from each powds .
mixture, eight with a low green density and eight with a high green deasity. The variations in grea
density were achieved by variation of compacting pressure. The following code has been used»
identify the powders:

G: GAF iron powder
S: Spheromet iron powder
A: Atomet iron
3, 10, 30: H.3, H-10, H-30 aluminum powder

Thus, a sample designated as "S3" is one which was prepared from a mixture of Spheromet 60 s
powder with H-3 aluminum powder. The characteristics of the die-pressed green samples used for
screening tests have been outlined in Table 2.

Two samples of each type were taken for each sintering run. Two different sintering
temperatures together with two different degassing times were used. The sintering and degassing
parameters are presented in Table 3. The GAF powder mixtures could not be die pressed or coll
isostatically pressed (CIP’ed) without severe delamination. GAF iron powder mixed with H73.B-ll,
and H-30 aluminum powder was, thus, reactively sintered only under schedule #1 (shown in Takls
S)bymadin;dnmmmnadﬁnhywmmohmm_mmw.
was very porous, but had sufficient strength to prevent crumbling and easy milling. The GAF powds
was, therefore, excluded from subsequent experiments. Reactive singnngot}hemmgqu
(83, 810, S30, A3, A10 and A30) was carried out in accordance with the sintering and degassig
parameters described in Table 3.
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Table 1. Characteristics of all powders used in this investigation.

— R — ]
| Property . Iron Aluminum
e
Vendor GAF Corp. Quebec Metal Powders Valimet
Grade CIP-§-2000 | Atomet95  Spheromet 60 H-3 H-10 H-30
Fabrication Carbonyl Water Gas Gas Atomized
Method Atomized Atomized
Average Particle Size 4um 15um 67um 3um 10um 30um
_

Table 2. Characteristics of the die-pressed green samples used for the screening tests,

PR N
Lower Green Density Higher Green Density
————— I
Sample Height | Density | Compact.| Height | Density Compact
Code (mm) (%) Pressure | (mm) (%) Pressure
(MPa) (MPa)
——mna—
$3 8.1 69 774 72 78 2111
s10 83 67 774 77 73 123.2
$30 8.2 68 105.6 73 n 211.1
A3l 8.6 65 140.8 75 75 330.7
AlO 8.8 64 211.1 17 73 4222
A3 8.8 64 211.1 8.0 70 4222
S I

Table 3. Sintering and degassing parameters used for the screening experiments.

Run Degassing Sintering Heat Rate
# | Temperature | Time | Temperature | Time K/min.
*C min. °C min.
AN
1 500 60 800 20 30
2 500 240 800 20 30
3 500 60 1200 20 30
4 500 240 1200 20 30
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Final density was evaluated only for the samples which showed the best shape integrity afe
the sintering process. A decrease in density, which is effectively a demonstration of the exmem
Kirkendall effect associated with the unbalanced Fe-Al solubility, was characteristic of all of &
reactive sintering experiments. The microstructures of the low green density samples reactive sinteri
under the conditions shown in Table 3 were examined; enabling the study of the influence of degassiy
and sintering parameters on microstructure. Two representative photomicrographs whid
demonstrate the effect of reactive sintering temperature are shown in Figures 3a and 3b. Figurek
shows the microstructure of sample A10 reactive sintered at 800°C for 20 minutes (See Table 3, Rs
#2). Figure 3b shows the microstructure of sample A10 reactively sintered at 1200°C for 20 minum
(See Table 3, Run #4). Both the samples were degassed at 500°C for 2 hours before being heateds
the sintering temperature at 30 K/min.

The final sintered products were characterized using conventional X-ray diffraction techniqu

The 29 diffraction angle was examined over the range of 25 to 100°. A constant scanning raed
1.2°/minute for CuK_-radiation (A = 0.1542 nm) was used. The full scale intensity was 1000 cous
per second (cps). X-Ray analysis of two samples produced from powder mix A10 and reacm
sintered at 800 and 1200°C provided insight into the compound formation ability of reactive sinten
mixed elemental iron and aluminum powders. The X-ray peaks of the sample reactive sintereds
1200°C showed good correlation with the FeAl intermetallic compound and no evidence of &
second phase. Thus, complete compound formation did occur during the pressureless react
sintering process. On the other hand, the X-Ray analysis of the sample reactively sintered at 8001
showed evidence of some amount of unreacted iron indicating that the reaction had not proceeds
to completion. One may conclude from these results that a high reactive sintering temperanmei
necessary in order to take the reaction to completion. N
{

The screening experiments with various iron and aluminum particle sizes demonstrated sucet

in generating the desired intermetallic compounds. The most dense and homogeneous sucn
were achieved in run #4 shown in Table 3. It was determined that the best reactivity and strucns
rigidity were attained using Atomet 95 iron powder (Quebec Metal Powders, mean size of
micrometers) and H-10 aluminum powder (Valimet, 10 micrometers mean size). However, alld
the samples were very porous and definitely unsuitable for use as structural components. Gra
density had a small relative effect on the densification for this system, and the use of & maxins
reaction temperature of 1200°C aided densification and compact integrity. The degassing timed
not have a large influence on final density, but generally longer times were beneficial. To impon
the sintered density, it was deemed necessary to apply pressure during the reaction or increasc &
aluminum content of the system so as to increase the exotherm and provide more liquid oa
densification. Consequently, pressureless reactive sintering of iron aluminides with increasing lewh
of aluminum content was conducted using the cycle described in Run #4 of Table 3. |

|

i

Reactive sintering experiments were run for the following Fe: Al atomic ratios: 75:25, 103
60:40 and 50:50. Atomet 95 iron powder and Valimet H-10 aluminum powder were mixed al
turbula mixer for 30 minutes. A compact of 4g weight was die pressed in a 12.6 mm cylindriclé
under a pressure of 172.5 MPa. Zinc stearate was used as a die wall lubricant. Sample characterise
in the green state are shown in Table 4. .

The die pressed green samples were reactive sintered under the conditions described ink
#4 of Table 3. The sintered characteristics are shown in Table S. The 50Fe:50Al composss
exhibited the highest sintered density at 59% of theoretical. However, the S0Fe:S0Al sample #
had a higher green density (Table 4) to start with. Each of the compacts decreased in deasity, b
none the less, exhibited good structural integrity. The microstructure of the 60Fe-40Al pressurh
reactive sintered sample is shown in Figure 4. It is apparent from these results that pressurh
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RareJe. Microstructure of 7SFe:25A1 sample (A10), after pressureless reactive sintering for
Bnizutes at 800°C (Table 3, Run #2).

ge3d, Microstructure of 7SFe:2SAl sample (A10) after pressureless reactive sintering for
gisutes at 1200°C (Table 3, Run M),
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Tabie 4.  Characteristics of the die-pressed green sampies with varying Fe:Al ratio.

. Sampie
Fe: Al Theoretical Height Diameter Density
Ratio Density (mm) (mm) (%)
(g«)
75:25 7.15 1.7 12.7 572
1.7 12.7 572
70:30 6.98 17 127 58.6
79 127 57.1
60: 40 6.61 82 12.3 574
82 128 574
50:50 529 8.8 127 61.7
8.9 12.7 66.9

TableS. Properties of pressureiess reactive sintered die-pressed sampies with varying Fe:Al
ratio. Sintering conditi<= i~ shown in Cycle #¢ of Tabie 3. ¢

Fe: Al Dmin nax ° Height w Sinter
Ratio (mm) am) (lllglh) (:’ Density Intact
(%) YN

75:25 12.7 13.2 85 4.00 49.7 Y
12.8 131 8.7 399 500 Y

70:30 127 13.5 858 396 50.0 Y
127 129 89 39 511 Y

60:40 12.8 13.7 9.3 396 430 Y
11.7 1.9 99 3.95 410 Y

50:50 12.8 13.1 102 398 58.7 Y
12.7 12.9 10.6 3.96 59.2 Y

A DA

BTG €

2

- LR S e k
Figure 4. Microstructure of 60Fe:40A1 sample (A10), after pressureless resctive sinteriag
20 minutes at 1200°C (Table 3, Run #4).
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extive sintering with aluminum contents up to 50 atomic % still did not result in the desired high
&xity samples. Thus, to attain high densities, reactive hot isostatic pressing experiments were
ésgoed for samples with aluminum contents varying from 25 to 50 atomic percent.

\octive Hot Isostatic Pressing (RHIP)

The reactive hot isostatic compaction experiments were conducted using a hybrid of the most
meessful reactive sintering cycle with the A10 powder mixture. These experiments consisted of
aMisoswatic compaction of four different compositions of the Fe: Al powder mixture (25, 30, 40 and
Rucmic percent aluminum) followed by hot isostatic compaction. The powder mixtures were cold
meatically pressed at 310 MPa in the form of cylindrical rods with deasities varying from 53 to
8% of theoretical. Each of the CIP'ed samples were placed in one end sealed stainless steel cans,
#puced at 500°C under vacuum for 12 hours and sealed in vacuum. These samples were then
mxtive hot isostatically pressed at a temperature of 1200°C under a pressure of 172 MPa. The
siedule for reactive hot isostatic pressing is shown in Table 6. These conditions were applied to
e powder mixtures of all four compositions.

The density after reactive hot isostatic compaction was measured as approximately 90% of
teoretical for the 25, 30, and 40 at.% Al mixtures. For the 50 at. % Al composition, corresponding
aFeAl the measured density after reactive hot isostatic compaction was 104% of theoretical. This
wsully high density indicates a possible loss of aluminum, probably through reaction with the
pisless steel container. The 50 at.% Al specimen, whea examined using optical mennomphy.
abdiced a fairly homogeneous structure and no evidence of porosity. Phom:cxomphs
P samples with 25 at.% aluminum and 50 at.% aluminum are shown in Figures 5a and Sb.
epectively. The Fe-25A1 sample exhibited fine porosity which was distributed throughout the
arix. X-Ray diffraction analysis was alsa carried out on the RHIP samples. These samples exhibited
gks which corresponded to the peaks of a stoichiometric FeAl intermetallic compound and no iron
riuminum peaks were detected. The reaction was thus deemed to be essentially complete.

Kdanical Properties

Two RHIP samples were selected for tensile property evaluation. One of the RHIP samples
arsponded to the Fe,Al composition, while the other was an FeAl (50:50 atomic percent) material.
fasile bars were machined from the HIP cans. The sample with the FeAl composition broke before
mig, suggesting the extreme brittieness of the material. The Fe-2SAl sample which corresponded
»ie Fe,Al composition (mm;mmtwmmfmmumkx-hymb
sched with the FeAl compound) was tested to failure under tension using a strain rate of 10-3 s,
e siress-strain curve for the sample is shown in Figure 6. The compound had a yieid strength of
B1MPs (123.55 ksi) and an ultimate tensile strength of 979 MPa (142.11 ksi). The strain to failure
ml1%. It should be pointed out that these results were obtained for a sampie which was not fully

& Thus, still better propesties could be expected when the samples are fully densified by the
S reactive hot isostatic pressing conditions.

The sintered hardness was measured on selected samples and the ones of interest are given
o ‘

75 Fe: 25 Al, RHIP: 36.8 +/- 0.6 HRC
70Fe: 30 Al, RHIP: 35.8 +/- 0.7 HRC
50 Fe: 50 AL, RHIP: 48.9 +/-4.0HRC

1%
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Figure Sa. Microstructure of 75Fe:25A1 sample, reactive hot isostatically pressed at 1200,
172 MPa for 1 hour.

Figure Sb. Microstructure of S0Fe:S0A! sam resctive hot isostatically preased at 1200°C
172 MPs for 1 hour. P, y "
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Table 6. Reactive hot isostatic pressing schedule,

e ]
‘ Operation . Measurement Time
Pressing . 13.83:MPa 2 min.
Heating 1200°C 35 min.
Pressing 172 MPa 30 min.
Holding 1200°C
Temp. & Pressure 172 MPa 60 min.
Depressurising & 6.9 MPa
Cooling 300°C 60 min.

1000

Stress, MPa

l 1
2 3 4

Strain, %

figere 6. Engineering stress-strain curve for reactive hot isostatically pressed Fe,Al
anrmetallic compound, tested in tension.
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DISCUSSION

Reactive synthesis by sintering or hot isostatic compaction has been applied successfully
the nickel-aluminum system. On the basis of this success, it was considered possible that anoth
important system, namely the iron-aluminum system, could also be processed by reactive synthes
from elemental powders. The binary Fe-Al phase diagram is shown in Figure 7 [19]. To gain a sess
of the potential for reactive sintering of the iron aluminides, thermodynamic data were gathered &
the Fe-Al binary system [20}.

Over the temperature range from 500 to 800°C, the heat capacity of iron aluminide varies wi
the test temperature .:d alloy composition. At one atmosphere pressure, the low value is near ¥
J/mol/K and the high value is near 54 J/mol/K, with a general increase in heat capacity with increasiy
iron content and test temperature. For this analysis a mean value of 45 J/molUK is acceptable fa
determining the potential adiabatic heating.

The enthalpy associated with alloying has been determined for Fe-Al alloys. For a referes
temperature of 298 K, the enthalpy depends on the alloy composition as follows:

somposition, at.% Es . cathalpy, J/mol
25 -27.900
34 -26,200
0 - -25,100
60 -20,000
70 -15,700
80 -11,000
90 -5,800

The enthalpy increases with temperature approaching twice these values by 1873 K. Al
Fe,Al composition, the melting temperature is approximately 1773 K, while the first cutecticiné
system is located at 0.9 at.% Fe and 925 K, see Figure 7. Using the mean heat capacity and enthaly
of reaction with the assumption that the reaction begins at the first eutectic gives the seif-beay
under adiabatic (ideal) conditions as roughly 300 K. With an initiation temperature of 925 K, ts
results in a maximum self-heating to 1225 K. Since the first intermetallic to form is Al,Fe wi
melting temperature of 1430 K, this heating will be insufficient to cause melting. Consequeady,
only transient liquid events are possible. Due to the large solubility gradient, the transient liul
results in pore generation at the prior aluminum particle sites, with surrounding AlyFe compous;
and major compositional gradients. |

On this basis, supplemental heating is needed to cause sintering of the structure (since &
adiabatic temperature rise is insufficieat to sustain the reaction). The poor solubility behavior (vey
large aluminum solubility in iron and negligible solubility of iron in aluminum) results in compom
formation that stabilizes the transient Kirkendall pores. In this study, sintering temperatures @s
1200°C were selected to melt the intermetallics and allow formation of the desired Fe, Al componi
The results show that compound formation is incomplete when reactive sintering is carried ons,
800°C, while increasing the temperature 10 1200°C results in the total consumption of all the stany
elemental powders to form the reacted compound.

By contrast, the FeAl compound has a self-heating potential closer to 550 K. Thus, assuain

an initiation temperature of 923 K, under ideal conditions the reaction is able to self-heat to 1475L,
This should be just sufficient to melt
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the FeAl or higher iron content compositions which require temperatures of 1488 K or higher. M=
rapid heating or hot compaction may provide opportunities for further densification m
homogenization. .

In the nickel-aluminum system, the exothermic heat is sufficient for significant densificat
However, in the iron-aluminum system the heat of reaction is relatively small and more exter
heating is needed to sustain the compound formation reaction. So, even though the iron-aluming
system contains exothermic compounds and a low melting temperature liquid (aluminum) that allow
transient liquid phase sintering, the low exotherm of the system does not sustain the reaction sl
densification. Further, the solubility of iron in molten aluminum is relatively low. As a consequems
of an unbalanced solubility ratio (solubility of iron in aluminum is much lower than the solubilityd
aluminum in iron), Kirkendall pores are generated during interdiffusion. The pores form at g
aluminum particle sites and become stabilized by the high melung (low diffusion) surrounde;
intermetallic compounds. The application of an external stress via hot isostatic compaction is
means of offsetting the poor densification of this system.

Generally the most desirable situations for reactive sintering have temperature increasesé
1500 K, roughly corresponding to H/C > 1500, where H is the reaction enthalpy and C is the kg
capacity. It is obvious that the iron aluminides do not fulfil this requirement. On the other hand, 4
requuemem is satisfied by the nickel-aluminides. Based on this it would be expected that pressureks
reactive sintering of iron aluminides would not be successful. However, simultaneous applicxia
of pressure could produce the desired densification along with compound formation. This
is well substantiated by the present investigation.

The RHIP sample of Fe,Al composmon showed excellent mechanical properties even
the sample had around 9% porosity (91% dense). The properties obtained, especially the y3
strength, are higher than those reported in the literature [3). Several factors could be
the increased strength. The absence of the standard heat treatment of 1 hour at 850°C
recrystallization) plus a seven day hold at S00°C (for DO3 ordering) could be responsible
influencing the mechanical properties. The compound formed shows X-Ray peaks that match w
the FeAl compound instead of the Fe,Al compound which would definitely require the
treatment. Small amounts of an alumina dispersion in the matrix could also be responsible fora
of the increased strength. It is likely that the mechanical properties of the material can be
improved by increasing the density of the compound. This can be achieved by proper mani
of th= reactive hot isostatic pressing parameters. .

CONCLUSIONS [

1. Full density for iron aluminides is attained with 2 high aluminum content (50 atomic pers
aluminum) when processed by reactive hot isostatic compaction. It would also be possibien
attain full density on compositions with lower aluminum content by increasing the
temperature.

2. Reactive sintering without simultaneous pressurization fails to give full densification a &
iron-aluminum system, due to a low enthalpy of compound formation and the unbeims
iron-aluminum solubility ratio.

3. The RHIP'ed iron aluminide with 25% aluminum content showed good mechanical propera
compared to those reported in the literature, though the material was only 91% dense. Improvy
dwdemuybypmpernlecnonofmmcondmmmldfmmvethem
properties of the iron aluminides.

4. The results of this study successfully demonstrate the feasibility of processing iron alumisié
by a reactive processing approach.
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ABSTRACT

Aluminide intermetallic compounds are the basis for high performance, high iemperature maserials of the futwe. This
preseatation covers the use of resctive powder processing techniques involving a transient liquid phass for the formation
of monolithic aluminide intermetallics and imermetallic-matrix composites. A notable development has besn the
fabrication of homogeneous, high deasity compacts from elemental powders by resctive simering. A variant process
involving simultaneous pressurization in a hot isostatic press, termed reactive hot isostatic pressing, is applicable o thos
compounds that prove difficult W consolidate by pressureless resctive sinering, This paper describes the effects of varions
processing factors on fabrication of dense aluminides with primary ecmphasis on Ni,AL Results on the fabrication of
several other aluminide compounds will be discussed, including NiAL, TIAL TaAl,, and NbA1,, Current ressarch ison
the use of thess sluminides as the matrix for high wemperature composites. A key concern is with processing effecss ca
microstructure, selection of compatible ceramic reinforcing phases, and whisker aligament through injection molding.

INTRODUCTION

Insrmetallic compounds have emergod as the nesded next gencration of high icmperature, oxidation rosistant maseriels
for acrospace and turbine applications. A recent surge of rescarch on intermetallics has taken place as the cesamics have
failed 10 live up ©0 their promise and superalioys have apparently been exhausted (1.2). The sluminide intermetaliic
compounds have the attractive characteristics of low density, high strength, good corrosion and oxidetion sesistance,
nopswategic elements, and relatively low cost. In some cases these intermetallics exhibit the unique charactaristic of
improved strength with increasing temperature. Coupled with relatively high melting temperatures, thess stributes make
for ideal high temperature maserials. Mot importantly, recent rescarch has demonstrated ductility in soms insermenaliic
sysioms. Thus, fabricability and miiability have boen improved, icading 10 sew inicrest.

Sistering is ideal for the fabrication of complex shaped, high performance inermetaliic compound alioys [34). This
ressarch considers reactive simering and resctive hot isostatic compaction as fabrication routes for the production of *
alyminide compovads and composies from mixed slemental powders. These processes rely on a transiont liquid phase
10 give donsification and compound formation. Ia this prescntation, the inktisl priaciples of reactive simering will be
developed and applications 10 aleminide compounds detailed, including a presentation of mechanical properties and
processing variants.




3
BACKGROUND

Initial research focused on the processing of full density Ni, AL Subsequent efforts shifted 10 incorporation of whiskers
in anickel alumninide matrix (S-9). Because processing difficulties are expected from thermal expansion mismatches and
interfacial interactions, every effort is being made (o keep processing temperatures low in this early research. Further,
injection molding has been applied 10 atiain the desired whisker dispersion and arientation in the magix while forming
complex shapes. Final densification for these composites is by a new process sermed reactive hot isostatic compaction.

Within this framework, the research has emphasized reactive sinsering as one process for forming several aluminides. In
general, reactive sinering involves a transient liquid phase [ 10). The initial compact iscomposed of mixed powders which
are heated 0 & iemperature where they react 10 form a compound product. Ofien the reaction occurs on the formation of
afirst liquid, typically a cutectic liquid at the interface betweea contacting pesticies. Figure | shows a schematic binacy
phase diagram for & reactive sintering sysiem, where a swoichiomewric mixtre of A and B powders is used 1 form an
intermediate compound product AB. At the lowest cutectic iemperature & transient liquid (orms and spreads through the
compact during heating. Heat is liberaied because of the thermodynamic stability of the high meking temperature
compound. Consequently, reactive sintering is nearly spontansous once the liquid forms. By appropriate selection of
lemperatyre, particle size, green density and composition, the liquid becomes self-propagating ihroughout the compact
and persists for only a few seconds. Like other transient liquid phase siniering wreatments, the liquid provides s capillary
force on the structure which leads so deasification [ 10-13]. However, if the solubilities are unbalanced, swelling can ocowr
due 1o the formation of Kirkendall pososity. .

During siow heating solid state interdiffusion can generate intermetallic phases at the inerfaces. Such compounds inhibit
the subsequent reaction when the liquid forms; thus, reactive sisiering is seasitive 10 processing parameters such
heating rates, inerfacial quality, green deasity, and panticle size. Because of the rapid spreading and reaction of the liquid,
pore formation at prior pasticle sites is common, especially in sysiems with large aluminum particle sizes and large
exotherms. Furthermore, dimensional control proves difficult if an excess of liquid is formed. Because of such problems,
the application of reactive sintering has beca limited. However, as demonstrated hore, the poteatial for reactive sinering
is large and it is well suited 10 forming dense intermetallic compound structuses.

Figure 2 shows the aluminum-nicke! binary phase diagram. The system is characierized by five imermetallic compounds,
with initial interest in this study on Ni3Al. For this sysem, reaclive sinicring trestments nesr the lowest eutectic
temperaiuse would be most appropriste (approximately 640°C). Figure 3 is a schematic diagram of the reactive sinering
process. Nickel and o} minum powders are randomly mixed in a stoichiometric ratio. The powders have smail paniicle
sizes 10 aid inlermixing and are compressed 10 crests §ood pasticie-particle contact. During heating 10 the first emectic
temperatuse, solid stase inserdiffusion generatss inscrmetallic compound phases and some seif-heating. At the first
culectic iemperature, liquid forms and rapidly spreads throughout the structure. The liquid consumes the elemental
powders and forms a precipitated Ni,Al solid behind the advancing liquid interface. Inerdiffusion of sickel and slominem
is quite rapid in the liquid phase and the compound generames heat which further acceleraass the reaction. If the reaction
is controlled, then the compound will be nearly fully densified and suitable for containeriess hot isomatic compaction ©
(ull dengity.

The concept of reactive sintering has been applied 1 ssveral compounds in the past {14-19) and has been adapeed 10 form
NiAL NiLAL TaAl,, NbA L, and TIAl in this ressarch. In ons variant, compound formation and deasification are achieved
in separate sicps by mizing clomental powdors, soacting, pulverization (grinding), compaction, and subssquent siniaring.
Varistions on this basic schome involve hot pressing and prossure assisied sinioring. Stoichiomotry consrol is impornant
aad is oficn achicved using an oxcess of the more volatils ingrediest ar imormodiass chomical leaching W remove
unreacied constituents. The current reactive siniering approach circumvents thess probloms by wring commercial
clomental powders, low processing lemperatures, short process cycles with a classic press and siater sechaology.

EXPERIMENTAL

The siniering rescarch presestsd here emphasizes formation and densification of Ni Al where thers is a large body of
knowledgs (5-10}. Paraliel efforts on the other compounds will bs summarized 10 illustras the possibls adaptations of
e NLAI 1echaiques 10 other aluminidos. The maia process perameiors wess particle sizos of aickel and aluminem,
" sioichiomciry, alloying, milling Lime, grosn density, maximum sistering empersturs, hesting rass, atmosphers, and
duration of the sintering treatment. A basic processing scheme is outtined ia Figure 4.
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The characteristics of the nickel, niobium, titanium, and aluminum powders used for reactive sintering are given in Table
1. The aluminum has a minimum surface oxide due 10 the helium stomization process. Other aluminum particle sizes (3,
10, 3Q and 95 micrometers) and powder types were examined, but the combination in Table 1 proved most successful in
forming the Ni,Al compound. For the other aluminidcs, small particle sizes proved generally most useful,

As part of this research the Ni:Al stoichiometry was varied from 84 10 90 wt.% Ni: the Ni,Al stoichiometry corresponds
t0 86.7 w. % Ni. The powders were mixed for 30 minutes in a turbuls mixer. Various milling times were also applied ©0
the powder using a high intensity vibratory mill to astain mechanical alloying. The carbonyl nickel powder is spiky and
agglomerated, giving clusters over 20 micrometers is size. The mixed powders were compacied using a pressure between
200 to0 330 MPa cither by uniaxial die pressing or cold isostatic compaction, giving typical green densities near 70% of
theoretical. Compact geometries included cylinders, transverse rupture bars, and flat tensile specimens.

Sintering was performed in a horizontal Isboratory tbe fumnace capable of 1500°C and several atmospheres, including
vacyum, dry argon, and dry hydrogen. Typicaily the specimens were loaded into an slumina crucible and inseried inw
a cold funace. For vacuum sintering a pressure of 7 x 10 Pa was typical. Variations in degassing, heating rate, maximum
temperature, and hold time were explored using either manual or sutomatic comrols. The actual sample temperature was
not measured, although parallel differential thermal analysis indicates considerable scif-heating during sintering with
temperatures exceeding 1300°C. From the reaction enthalpy and heat capacily the maximum self-heating is estimated st
1500 K. Through several expcriments it was determined that iemperatures from $50 10 750 C for times from 1010 15
minuwcs gave nearly (ull density. Indecd, higher emperatures sometimes gave lower densitics, due 10 swelling of
enurapped gas. Afer sinwering, the samples were fumnace cooled. Some maicrial was additionally heat treated at 1350°C
for one hour in dry argon to fusther homogenize the microstructure.

Messurements consisted of shrinkage, densification, density, temperature rise, hardness, bend strength, tensile strength,
and lensile elongation. Additionally, (racture surfaces were examined using scanning electron microscopy. X-ray
diffraction and transmission electron microscopy were applied to the samples for phase identification and to determine
ordering, and electron microprobe analysis was conducted to identify the phases and sioichiometry. Optical metaliogrs-
phy provided insight (0 the phases and pores present during and afier reactive sintering. Dilatometry and differentiel
thermal analysis were employed t0 identify reaction temperatures and assess the speed of the reaction. In all cases, these

Powder injection molding provides a novel and low-cost process (or shaping composites from mixtures particles and
ccramic whiskers. A schematic for the envisioncd fabrication process is illustrated in Figure 5. In passing though an (low
reduction or flow expansion area, the viscous mixture of particles and whiskers will undergo flow orientation as sketched
in Figure 6. Under conditions of contraction flow, the acceleration of the mixture will tend 10 orient the whiskers along
the flow direction, while an expanding flow will give perpendicular orientation. As illustrated in Figure 7, powder
injection molding is a natural route to the fabrication of composites, since a wide range of metal-ceramic-polymer
compositions are possible using this echnology. For the composites, various ceramic pasticies, whiskers, and fibers were
incorporated into the powder mixture, including Y,0,, A1,0,, TiB,, and SiC. The composites included up 10 30 vol.%
ceramic phase. The particles were directly mixed with the elemental particies. The whiskers were aligned in the grees
microstructure using powder injection moiding techniques with various wax-polymer binders. The fibers were manually
aligned in the green microstructure. Debinding was by wicking and thermal degradation at temperatures below 500°C
{9.20].

RESULTS

The initial results will emphasize the fabrication of monotithic Ni Al since this ieaches the basic principles of sluminide
(abrication using a transient liquid phase (reactive sintering) cycle. Beyond this detail the processing routes for several
other aluminides and composites will be introduced on s selecied basis.

Mechanical alloying resulted in agglomeration of the powders. As a consequence there was more difficulty in sustaining
the reaction and attaining densification. Consequently, unmilled powders were used in the balance of the research.

The atmosphere effect on siniered density is shown in Figure 8, again using the 15 micrometers aluminum powder. Wi
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the 3 K/min heating rate the samples sintered in argon and hydrogen swelled, resulting in low sintered densitics. AL a
heating rate of 30 K/min densification occurred in all atmospheres, giving theoretical densities of 97.5% in vacuum,
96.4% in hydrogen and 93.1% in argon.

Inlight of the self-heating during reaction, experiments were performed to determine the maximum iemperature needed
for densification. Figure 9 shows example resuits for a 30 K/min heating rate 10 various maximum emperatures with 8
subsequent 1S minute hold time using three aluminum particle sizes. Temperamres below 550°C give higher porosities,
most likely because no liquid is formed. At iemperaturesin the 550 10 600°C range there is good densification. With higher
emperstures there is a gradual swelling phenomenon. Thus, the optimal reaction initiation temperature is relatively low.
Note that generally the 3 micrometers aluminum powder gives less densification than the 30 micrometers powder. Indeed,
the 15 micrometers aluminum powder proved optimal as illustrated in Figure 10. This figure further demonswrates the
aluminum particle size effect by showing the final porosity versus aluminum particle size for compacts sintered at
temperatures ranging from 550 10 750°C. A parnicle size near 15 micromesers is best, giving a final porosity less than 3%.

All of the sbove results are for a 3: 1 atomic ratio of Ni 10 Al. Experiments were conducted to determine the effect of initial
sioichiometry on the product using 10 micrometers aluminum powder. Maximum iemperatures of 600 and 700°C were
employed along with a 15 minuse hold and 30 K/min heating rate in vacuum. Figuse 11 shows the final porosity versus
nickel content. A dramatic change in behavior exists near the iniermetallic compound swoichiometry. The compacts
slumped with the highcst aluminum contents; thus, the reactive sintering process appears best suited 1o compositions closs
10 the NijAl stoichiomctry.

Afer reactive siniering with a transient liquid phase, the microstructure shows a small amount of porosity and usually
amajor phase and possibly minor phases of incompletely reacied material. For sioichiometric Ni,Al, the grain size afier
simering is approximately 30 micrometers. The bulk hasdness was 52 HRA and the microhardness was measured as 264
Knoop (100 g load), which agrees favorably with a value of 240 measured on a hot isostatically compacted and extruded
peealioyed powder compact.

Chemical analysis after sintering gave the composition as 12.2% Al, 87.6% Ni (76.8 at.% Ni), with 0.02% Fe, 0.01% Si,
482 ppm O and 420 ppm C. Electron microprobe analysis was used to identify the two phases, giving NiJAl as the major
phase with an aluminum level of 24.3 st.%. The minor phase had an aluminum content of 34.8 at. %, approximaely
corresponding ( the NijAl, coumnd.SumﬂwNi,Al compound is unstable al iemperatures over approximaiely
740°C, the reactive sintered material was annealed at 1350°C for one hour 10 aitain homogenization. Microprobe scans
confirmed the composition was uniform throughout the sample afier annealing. Transmission electron microscopy
substantiated that the product was ordered Ni,Al.

Differential thermal analysis and dilatometry isolated the character of the reactive sintering process. Figure 12 shows
dilwometer and differential thermal analysis scans performed on swichiometric green powder compacts. In the unreacied
powder s large exotherm was evident &t approximately 600°C, demonstrating the onset of reactive simering. This is
- slightly higher than the iemperature of 530°C which gave good sintering. In the reacted sample, only an endotherm is
evident when the sample melts, indicating total consunption of the ingredients in the reactive siniering process. The firs
ewmectic iemperatuse in the aluminum-aickel syssem is st 640°C and aluminum mels at 660°C; thus, the exotherm occurs
prior 0 liquid formation and the compact undergoes selfheating, leading to rapid liquid formation. The dilstometry resuits
correlated with the differential thermal snalysis, indicating the reaction begins below approximately 600°C. Furthermore,
under optimal conditions the duration of the reaction appears 10 be approximately two seconds. Consequently, studies
involving time at the maximum temperature were not useful.

As 8 variant, elemental powders were mixed, cold isostatically compacted, evacuated, and heated under pressure using
2 hot isostatic press. This process is termed reactive hot isostatic pressing (RHIP). Using the same mixed elemental
powders and & maximum temperature of 1100°C, pressure of 172 MPa, and hold time of 1 h resulted in full compact
density. The final microstructure is shown in Figure 13, where the predominant phase is NL A, with some Ni,A 1, present.
As noted above, this latter phase could be removed by annealing. With the successful development of resctive sintering
sad reactive hot isostatic pressing (or Ni,Al, some mechanical property assessments were performed. A summary of
results is provided in Table 2. Improved properties were gained with boron doping, low iemperature degassing, and post-
simering heat treatments. With boron doping st approximately the 0.1% level, and refined processing, the reactive simered
product proved (0 be superior 10 that possidle using fusion metallurgy. Furthermore, preliminary oxidation wests indicae
good resistance up 0 900°C,
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These resuits on Ni;Al provide a basis for investigation of reactive sintering and ~_active hot isostatic compaction of
several other sluminides and intermetallic matrix composites. The many results on these sysiems can not be detailed here;
however, in most instances direct variants on the above sinicring processes have proven successful [21). For cxample,
caomposites with a Ni_Al matrix reinforced with A 120 whiskers have been fabricaed using RHIP at 800°C, 180 MPa, for
0.5 h. After RHIP the compact is fully dense, but the microstructure is inhomogeneous. This indicates that pressure
inhibits capillary induced liquid flow that normally occurs in reactive sintering. As indicated in Table 3, the composite
showed increased strength, but decreased ductility as the alumina content increasced. Examinauion of the fracture surface
in Figure 14 shows preferential failure along the whisker-matrix interface. Other compasites were fabricated using SiC
fibers as reinforcing phascs. During the reactive sintering siep, the Ni,Al atiacked the SiC, Icading to scrious fiber deg-
radation. Accordingly, the SiC fibers were coated with Y,0, using chemical vapor deposition. With this coating the fiber
successfully survived rcactive sinicring as illustrated by the fraciure in Figure 1S, This scanning clectron micrograph
shows the carbon core of the SiC fiber, and minimal attack at the fiber-matrix incrface.

With NbAL, best sintering densification occurs with 89 micrometer niobium powder formed by hydride-dehydride and
a30micrometer aluminum (helium atomized) powder. The mixed powdersare compacted at 200 MPa giving a 77% green
density, heaied (0 S00°C for degassing, then heated at 15 K/min 10 1200°C and heid at that temperature for 1 h. The
resulting product is 95% dense and essentially pure NbAL,. Reactive hot isostatic compaction follows a similar processing
route with a 170 MPa pressure giving 98% density. The incorporation of 30 vol.% A1,0, whiskers gives acomposite with
aRockwell hardness of 87 HRA in contrast with HRA 72 for the monolithic NbAL,. Likewise, similar processing has taken
place to optimize the reactive consolidation of other aluminides.

Figures 16 and 17 show two other examples of the products from our powdcr processing rescarch. Figure 16 is a full
density composite of NiAl with TiB,as a reinforcing phase. This was fabricated using reactive hot Isostatic pressing of
elemental nickel and aluminum powders containing precompounded titanium diboride. The TiB, inhibits grain growth
and contributes to substantial strengthening of the NiAl compound. Figure 17 shows the final microstructure of TiAl
formed by reactive sintering followed by hot isostatic compaction. The composition contains 60 wi.% titanium and was
formed by reacting elemental powders, milling the powders and hot isostatic compaction st 1350°C, 145 MPa for one
hour. The product contains some oxides, but is otherwise dense and reasonably high in strength and exhibits some
ductility.

DISCUSSION

The reactivity of the nickel and aluminum powdcers results in relatively high sintered densitics with a low apparent
sintcring temperature and shont sintcring time. The high final densitics occur because a transicnt liquid is present during
the sintering cycle. Processing conditions which influence the reaction between the constituent powders alter the amount,
disribution, and duration of the liquid. In transient liquid phase sintering, these factors are critical to the final siniered
density and mechanical properties{11-13). However, unlike other sintering studies, time at lemperature is not asignificant
factor since the process occurs rapidly once the liquid forms. The role of the various process parameters can be explained
in werms of their effects on the liquid phase.

Milling the powders decreased the sintered density because the liquid formed discontinuously in the microstructure. Also,
an increase in the aluminum-nickel interfacial area due 10 milling increased the solid-state interdiffusion during heating,
thereby reducing the amount of liquid during the reaction. Because of milling there isinitial liquid and itis consumed faster
during sintering. This concept is substantisted by the particle tize experiments shown in Figure 10. A small alumioem
panticle size gives more rapid reaction (more interfacial area) and less densification. A coarse aluminum powder gives
& poor distribution of liquid in the microstructure.

At the stoichiometric composition, aluminum constitutes 34 vol.% of the solid structure. This is insufTicient 1o form s
interconnected netwark of aluminum unless the sluminum panticle size isless than the nickel particie size [ 10). In the greea
compect, the nickel agglomerates are approximately 30 micrometers in intercept length, corresponding 10 8 45
micrometers diameter. According 10 Biggs (22], a particle size ratio of at least 2.4:1 (major phase diameter 10 minor phase
diameier) is required at 34 vol.% 10 form a connecied network in the minor phase. Thus, for 45 micrometers nickel
agglomeraics, an aluminum particle size below 19 micrometcrs is required. The optimal particle size foe the aluminom
(15 micrometers) was in agreement with this value. Thus, a connected aluminum matrix with minimal interfacial sresis
required for densification. Milling decreases the nickel particle size, thereby disrupting the aluminum connectivity.
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The simering atmosphere role in desermining the sintered density is explained by heat conduction and entrapped gas
sffocts. Heat is casried away from the compact during reaction by the higher thermal conductivity of a gas versus vacuum,
Punhermore, because of the speed of the reaction, there is no Lime for adsorbed vapors and aimosphere capuured in the
pores 10 escape. Hydrogen has a higher solubility in NijAl than argon. Thus, with hydrogen trapped in the pores there is
some opportunity for gas escape even after the pores have sealed during densification. An examination of Figure 8 shows
et hydrogen was betier than argon with both heating rates; however, vacuum is superior, especially for TIAL NbAl,,
md TaAl,,

Hoating rate effects on transient liquid phase sintering have been explained based on solid siate interdiffusion prior ©
liquid formation {11-13). With a slow heating rate there is more solid swsie reaction with subsequently less liquid. Indeed,
- himermetallic products from solid state inserdiffusion may actually inhibit liquid formation at the reaction temperature.
- Typically, higher heating rates are beneficial when siniering involves a transicnt liquid. However, there is a limit 10 the
benefis of rapid heating ralcs. Too rapid a heating raic gives a loss of process control, and with massive samples proves
* difficult 10 sustain with any uniformity. Additionally, as the heating rate increases the reactivity of the liquid likewise

A emperature over 530°C is required 10 optimally react nickel and aluminum powders. Higher iemperatures are not of
benefit since the reaction is fairly complete in short times as soon as a iemperature neas 600°C is attained. The calculated
maximum 1500 K heating from the exothermic reaction is more than sufTicient 10 attain the 640°C eulectic from a 550°C
initiation iemperaturc. Thus, the reaction is probably sportancous during heating, independent of the final icmperature
aad hold time. The heating rate is important only in its cffect on outgasting and interdiffusion prior (o the reaction.
Likewise, particie size is of importance in determining the distribution of liquid in the microstructure. As skeiched in
Figwe 18, if the liquid forms in isolated pools, then no long range capillary action is possible and swelling is expected
[10-13.23). Akernatively, a connected aluminum matrix will lead (0 rapid densification because of the long range
capillary action. This concept also helps explain the stoichiometry results. With an excess of aluminum there is more
liquid and an excess over that required 1o form Ni,Al. The (inal porosity is fairly constant with an excess of aluminum,
but slumping and shape loss are observed at 84% Ni. Akamnatively, an excess of nicke! reduces the amount of liquid and
decreases (he aluminum conancclivity, thereby separating the liquid pools within the compact. For the experiments with
a 10 micrometers aluminum powder, the calculated lass of connectivity for the aluminum would occur between 87 and
90 wt.% Ni, in agreement with the experimental observation. As aconsequence, the high nickel content compositions fail
10 densify because of less liquid and a decreased connectivity of aluminum in the microstructure.

The composition of the second phase in the as-sinsered compacts corresponds 10 Ni A 1,. This compound is stable over
the spproximate composition range of 32 10 37 a.% aluminum, which agrees well with our determination of 34.8 aL %
AL The one hour heat treatment at 1350°C effectively dissolves this phase, leaving the equilibrium compound Ni,AL The
formation of the Ni,AL, phase indicates that the reaction is not direcily from nickel and a~uminum 10 Ni,Al, but involves
formation of intermedisie compounds. Removal of the residual porosity can be facilitaed by hot isostatic compaction.
With sintered densities over 92% of theoretical, the pore swructure consists of closed pores and responds o contsineriess
hot isostatic compaction to full density.

Variants on this reactive sintering process has been exiended 10 several ather intermetallic compounds. The elemental
powders are available and provide experimental flexibility for the production of novel compositions snd composites.
Table 3 provides a summary of some of the other aluminides and aluminide-matrix composites that have been fabricased

SUMMARY

Much progress has been made in applying reactive siniering 10 the fabrication of aluminide intermetallics and composites
wsiag mixed elemental powdcrs. Densitics in excess of 97% of theoretical arc possible through appropriate selection of
panticic sizes, composition, green density, heating rae, atmosphere, maximum icmperature, and hold time. Akhough not
all of these (aciors have been detailed here, the concept behind this exciting development has boen oullined. It is clesr
that the sintered density depends on the amount of liquid formed at the first cutectic icmperature and the connectivity of
this liquid. In this sensc, reactive sintering is analogous (o transicnt liquid phase siscring., Because the liquid persists for
only ashort time, it isimporsiiithat the scveral proccss parameiers be carclully controlicd 10 optimiac the sintered density.
Subscquent processing (heat treatment and containeriess hot isosmtic compaction) can then be used 10 remove the residual
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Fig. 15 Scanning clectron micrograph of the interfacial
region in a Ni,Al matrix phasc compositc with a yttria
coated SiC reinforcing fiber fabricated with minimal
fiber damage using reactive sintering.

Fig. 16 An cxample microstructure of 3 NiAl matrix
compusite reinforced with TiB,, fabricated using reactive
hot isostatic compaction.
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Fig. 17 Optical micrograph of TiAl fabricated by a
hybrid reactive sintering and reactive hot isostatic
compaction process, using elemental powders and a
maximum temperature of 1350°C and 145 MPa pressure.
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tion occurs when the Ni and Al are connected in the

green microstructurs prior to reactive sintering.




Table 1 Experimental powder characteristics

Rroperty nickel  aluninun nicbiun ticaniva
vendor INCO Valimat NRC Micron Metal
designation 123 H-15 --e ~325 mesh
powder type carbonyl gas atomized hydride sponge
purity, 2 99.99 99.7 99.4 99.0%
FSSS size, micrometers 2.8 15.0 8.8 20
major impurities, ppm Ca=10 Fe=1200 Ta=0.11% 0=0.15%
Fo=30 water=200 0=0.38% Cl=0.252
Table 2 Mechanical properties of roactive sintered Ni3Al
yield ultimate slongation
Rrocess atxength, MPa  strength, MPa ) 1
reactive sintered 270 270 1
same, B doped 353 682 12
RHIP, 800°C, 0.5 h, 104 MPa --- 363 0
sane, B dogod 265 727 10
RHIP, 1100°C, 1 h, 170 MPa 494 677 2
same, B doped, heat treated 591 827 5
Table 3 reactive processing results for aluminides and
aluminide-matrix composites
' fractional
sompound additive  process datails dsnsicy asrength, MPa
NijAl 0.1 B RHIP 1100°C, 1 h, 170 MPa 1.00 677
NijAl 3% Al,04 RHIP 800°C, 1 h, 170 MPa 1.00 548
NijAl 202 1233 RHIP 800°C, 1 h, 170 MPa  1.00 464
N1Al - RS 102 prealloyed 800°C 0.98 890 (¢)
NiAl 15% Ti8, RHIP 13X prealloyed 1.00 1060 (c)
1200°C, 1 h, 170 MPa
RiAl 20X TiB, RHIP 13X prealloyed 1.00 1350 (e)
1200°C, 1 h, 170 MPa
NbAl, . RS 1zoo°c6 lh 0.95 -
NbAl4 30X Al,04 RHIP 1200°C, 4 h, 170 MPa  0.98 -
TaAl, - RHIP 1200°C 0.98 531
TaAl, 8 at.X Fe RHIP 1200°C 0.98 kY V]
TiAl . RHIP 1370°C, 4 h, 170-MPa 1.00 533
TiAl 30% Al,04 RHIP 1370°C, 3 h, 186 MPa 1. .

(¢ = indicates compressive test, all others are tensile)
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FASRICATION OF INTERMETALLIC MATRIX COMPOSITES BY POWDER

INJECTION MOLDING (PIM) TECHNIQUES

D.E. Alman and N.S. Stoloff

Department of Matsrials Engineering
Rensselaer Polytechnic Institute
Troy, New York 12180-3590

Powder injection molding of the iatesmetallic matrix comgbsites Nisl/
Al203 and MoSi3/A1303 has been aecomplished, The technique permits
alignment of short fibers and the production of near net shape specimens.
However, the volume fractios offreinforcement is limited by the powder
particle size and alignment u.m‘ as good as can be accomwplished

by lay up of fibers or by liquid Mtl:nttn tochaiquu. Binder
characteristics, including the ahtliu to remove the binder, are
critical for success of the Mu ptoeul. ‘Limited mechanical
properties msasuresents cmud E-N. tajcc:tou"noldod composites
will be compared with proptlw muu produced by other
techniques.




INTRODUCTION

Intermetallic compounds with low densities (<7.0 3/:!3) and high

melting temperatures (>1600°C) are attractive for potential high
temperature structural applications. However, before these compounds
can be exploited for this purpose their low toughness and inadequate
creep strength must be improved. Conpétite strengthening, in particular
in the form of fibrous reinforcement, is an approach that can improve
both toughness and creep strength. Thus, the fabrication and properties
of intermetallic matrix composites are under intense investigation,

as evidenced by a recent conference devoted to the subjecttl].

Melt processing techniques have proven successful for the fabrication

of fibrous reinforced intermetallic matrix composites. Walters and
Clinel2?] gabricated NiAl reinforced with Cr or Mo fibers, by directional
solidification of eutectics. Nourbakhsh and co- workers[3-7( used
pressure casting techniques to fabricate matrices based on nickel,

iron, and titanium aluminides reinforced with Al;03 continuous fibors.
However, as the melting temperature of the matrix increases, powder
methods for consolidation of composites become more attractive for
obvious reasons.

Powder metallurgical techniques have been developed to fabricate
aligned, continuous fibrous reinforced intermetallic macrix composites
[8-10], 1TijAl+Nb reinforced with 40 volume percent SiC (SCS-6) fibers
was fabricated by the powder cloth technique, which consists of preparing
cloths of intermetallic matrix by rolling powder and & binder into

thin sheec|[8v9]. These matrix cloths are interspersed with fiber
tapes. Once the binder is removed, consolidation of the coubguttc

is achieved by vacuum hot pressing. Thess composites displayed tensile
behavior comparable to strengths calculated from the rule of mixtures,
at test temperatures from above toom temperaturs to 1100°C. At temperatures
where the matrix exhibits limited ductility, fracture surfaces revesled
fiber pullout, indicating that composite strengthening did improve
fracture resistance. However, the major disadvantage of the povder
cloth method is that flat plates only 0.07S cm thick have been produced.
Nevertheless, this technique later vas employed to fabricate NiA1/SCS-6
co-positcallll. Anton[10] produced Al3Te reinforced with continuocus
A1503(DuPont PRD-166) by infiltrating a fibrous preform vith elemental
Al snd Ta povders. Consolidation occured by reactive hot pressing.

At room temperature, in four point bending, the continuous reinforced
sligned composite showed improved strength and modulus over the matrix




alone and a random oriented chopped fiber composite. Howvever, the
strengths vere less than predicted by rule of mixtures calculafYons.
The fracture surface was characterized by fiber pullouf in regions
were the fibers were agglomerated. The strength and modulus of the
ramdom chopped fiber composite were worse than those of the macrix.
Powder Injection Molding (PIM) has been proposed as a route fn which
chopped fibers can be aligned in an intermetallic macrix [12-1‘

This method consists of passing a heated mixture of a polymer binder,’
a matrix in powder form and chopped fibers through a tapered die

to achieve alignment. The extrusion {s performed at temperatures
above the softening point of the polymer binder. With the proper

die design complex shapes can be fabricated. However the major problem
is that continuous reinforced composites can not be produced.

In the previous studies(12,13] po aligned short fibrous intermetallic
matrix composites were consolidated. Instead, powder characteristics
were defined for successful consolidation of composites by this technique.
Fine spherical powders are needed to produce alignment; also, powder
size dictates the volume fraction of reinforcement able to be aligned.
This study, therefore, was undertaken to consolidate intermetallic
zatiix composites by PIM and to determine if aligned short fibers

can improve the mechanical properties of intermetallic compounds.
INTERMETALLIC MATRICES STUDIED

Two intermetallic compounds were investigated for matrices, NiAl

and MoSi;. Phase diagrams for both systems are shown in Figure la)

and b), respectively. NiAl (ordered B2 crystal structure) was chosen
partly because of a large body of literature that exists detailing

the properties of this co-pqund. Therefore, measurements of properties
can be compared to existing results. Also, beside a high melting
temperature (1640°C) and lov density (5.86 g/cm3), NiAl exhibits
excellent oxidation resistance. Depending on factors such as grain
size, deviations from stoichometery, strain rate, and impurity content,
the ductile to brittle transition has been reported to be between
about 400 and 600°C(18], MoSi, (ordered nomcubic Cllb erystal structure)
warrants study due to its melting point alone (2000°C). It possesses
a lov density (6.3 g/cm3) and has useful oxidation resistance to
17009C; however it exhibits the pest phenomenon below 600°C. The
ductile to brittle transition temperature of MoSi; is approximately
1000°¢cl19].
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Figure 1  Phase diagrams for systems studied; a)Ni-Al; b)Mo-Si.

EXPERIMENTAL PROCEDURES -

NiAl matrix composites were conlolii;tcd using reactive synthesis
techniques. Reactive syntheais consfsts of forming the compound

from elemsntal powders. During heating of the elemental powders

a transient liquid phaaq.forna which is a consequence of the exotherm
associated with forming the compound. The liquid phase accelerates
diffusion and densification. This type of process also has been

termed self propagating high temperature syanthesis (SHS). NiAl vas
successfully fabricated by reactive sintering followed by HIP and
exhibited comparable mechanical properties to NiAl fabricated by

other ccchntquooll‘]. Since elemental powders are more readily available
in small sizes and spherical shapes than prealloyed powders and small
shperical powders are needed for alignment of fibers by PIM, reactive
synthesis is ideal for coupling with injection molding for the fabrication
of composites. MoSi; proved difficult to form by reactive proconotu;;(lsl
therefore, conventional HIPing of preslloyed MoSi; powders was employed
for consolidationm.

Spherical Ni (Novamet 4SP-10um) and Al (Valimet HO-3um) were used

for reactive synthesis of NiAl. A blend of 70 weight perceat (51




atomic percent) Ni to 30 weight percent Al wvas mixed in a turbula

':ypc mixer for 1 hour. The NiAl elemental powder was sized by the
light scattering method to have an average diameter of approximacely
8um. Irregularly shipcd MoSi; powder was obtained from Prat: and
Whitney Aircraft Co. Pivision of United Technologies Corporation.

This powder average diameter, determined by a light scattering technique
was 4um. Chopped Dupont FP Al;04 fibers (density of 3.9 g/cad),

20um in diameter, were used as the reinforcement phase. Fiber aspect
ratios rag&cd between 10 and 100. This fiber was chosen primarily

due to its commercial availability. Figure 2 shows SEM micrographs

of the fibers and powders. The binder used was based on low molecular
weight polypropylene, paraffin, carnauba wax, and stearic acid, and
exact composition is proprietary. The softening point of the binder
is approximately 90°C.

Uniform dispersion of fibers is necessdty for maximum strengthening;
thegpfore, proper blending. of the Tibar and powder is crucial. The
chopped fibars cc—mhd te agglomarate, ut an alcohol slurry was useful
for disperweng the 'ﬂhn'_: _Appropriatgfamounts of powder were then
added to the slurry of fibers and mixed in a turbuls type mixer for

1 hour. The alcohol was thu»allov‘zttz evaporate. Volume fractions
of fibers ranged from 152;6 20 percent. The fiber powder mixture

was added to melted bingdi'vhii. bczaj-:ixcd. For small quantities
(50 g or less) milgmg v;-pgrtbr—d by hand using s stirring rod.

For larger amounts & duble planetary. tybe rotating mixer was employed.
Typical loading of thgltidiﬁkeeﬁ:ull370hnnd 65 percent by volume

of solid (powder piulﬂftﬁiﬁk for NiAl and MoSi; respectively.

For smell quantities of mees¥ial (50 g) the tapered die used for

fiber alignment decreased from 1.27 to 0.15 ca. The extruded "wires"
0.15 cm in diameter were carefully placed in a polyeurethane mold

and cold isostatically pressed (CIPed) at 208 MPa, to produce a
cylindrical specimen 1.27 ca in diameter. This allowed for a significant
size sample to be produced. Larger quantities of fiber powder and
binder (200 g) were extruded from a heated die that was tapered from
5.08 to 1.27cm. This eliminated the need for CIPing and avoided

any misalignment due to errors in placement of the "wires" in the

CIP bag. A hand press was utilized for extruding from the dies which
vere preheated sbove the softening point of the binder (90°C). A
reciprocating screw-type injection molding machine was used to produce




c)
Figure 2 Powders and fibers employed in this study:a)Ni+Al;

b)MoSij; c)chopped DuPont FP Al;03 fibers.

near net shape tensile and bend bars. Figure 3 shows the different
samples produced.

All samples were placed in (Al;03) wicking powder and debinding

was performed in flowing hydrogen. The debinding cycle consisted

of heating at 29C/min to 450°C. After 300 minutes the N1Al composites
were allowed to furnace cool. After debinding, NiAl samples were

placed in a vacuum furnace and reactively sintered between 700°C
and 8009C for 15 minutes.
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Figure 3 Samples produced by injection molding
machine.

At this point the specimens were prepared for consolidmtionm by NIP.

This includes encapsulation and doganotﬁg. Saapleamre-vacuum encapsulated
in stainless steel (304L) for NiAl and, owing to the highér melting
temperature of MoSij, either Ti or Wb, Por Tl.pint. the specimen

was wrapped with Nb foil to prevent any reactien UWtWeen the can

and the specimen. Prior to sesling the can the #hecinens vere outgassed
at 300°C for approximately 600 minutes. The HIPing conditions for

NiAl are as follows: 1200°C; 172 MPa ¥or 60—0:2120'-1nut¢;. For

MoSiz, the conditions were either 1500°C or 1600°C, for Ti and Nb

cans respectively, and 172 Mpa pressure for 2 hour. As a result of
possible thermal expansion mismatch between reinforcement ﬁhase and
matrix, cooling from consolidation temperatures may result in‘cracked
sanples. Therefore, depressurization and cooling were carried out
slovwly (from temperature to 300°C {n 60 min. with the pressure decreasing
only as a result of temperature; over the next 60 ain. depressurization
to atmospheric pressure and cooling to room temperature).

Mstrix material alone also was consolidated. NiAl was fabricated

by reactive synthesis using the diluted mixture of Ni, Al and NiAl
povder described in & previous publtcation[14’. This aixture was

CIPed in a cylindrical polyurethane mold bag at 210 MPa. The CIP

bar was encapsulated and HIPed as described above. The MoSij powder

did not CIP well; therefore, loose powder was poured into a Nb HIP

can. The can was vibrated for 1 hour to allow for the loose powder

to reach tap density. Samples were HIPed using the conditions listed
above for MoSij.




Figure &4 NiAl/15v%FP fabricated by

extruding plus CIP method;
a)as reactive sintered;

b)

as reactive sintered; c)as

HIPed; d)as HIPed; e)as
HIPed; etchant Kallings

solution.

e)




RESULTS AND DISCUSSION

Figure 4 shows cross sections of NiAl reinforced with 15v% Al;03
fibers, produced by extruding from the small die and CIPing the wires
together. Porosity remains in the microstructure after reactive
sintering (Figs. 4a,b), indicating that pressure is necessary to
consolidate the composites. The HIP cycle proved sufficient for
densification (Figs. 4c-e).

Figure 5 shows microstructures of as-HIPed NiAl reinforced with 10
and 20 v% Al303 fibers. Extrusion was performed with the large die.

An increased number of misaligned and agglomerated fibers are present

in the 20 as opposed to the l0v%i composite.

a)
Figure 5 NiAl/FP fibers fabricated by the large cxttulicn aethod.
a)NiAl/10vAFP. b)IN1iAl/2Qv%FP.

A longicudinal section is shown in Fig 6. Note that the morphology
of the fiber ends is either conical or square. This indicates that
the alignment is not perfect. If 100 percent alignment existed,
all the fiber ends would be square if the section were cut in the
plane of the extrustion direction or conical {f the section were
not in plane. For comparison, a gicrostructure of Al3Ta reinforced
with 40v% Al,03 fabricated by Anton(10] by hot pressing and sectioned
at RPI is shown in Figure 7. Superior alignment was obtained by the
hand layup technique of Anton. Another feature to notice, from the
microstructures in Figs. 6 and 7, is the number of broken fibers
that result from powder processing. It appears that more fibers
are damaged in composites fabricated by PIM than by the hand layup
technique.




Figure 6 Longitudinal section of
NiAl/15viFP. Etchant
Kallings solution.

~

Figure 7 Longitudinal section of
Al3Ta/40v% PRD-166
Al;03 fibers fabricated
by Antoullo].Secondary
electron image.

|200 },I.I"ﬂlo

The fibers follow the flow of the powder and binder well. Figure

8 shovs ; mactogiaph (8a) as well as & cross section (8b) of a reactive
sintered injection molded tensile bar. However, the complex shape

of the tensile bar becomes more difficult to encapsulate and therefore,
to date fully dense specimens have not been obtained.

Figures 4 through 8 indicate that reactive synthesis coupled with

PIM i{s a viable route for the consolidation of these composites.

The effectiveness of short fibers in improving the mechanical properties
of NiAl was determined by tensile tests. Cylindrical tensile bars,
3.18mm dia, were electrodischarge machined (EDM) from NiAl-15vZ Al703
HIP bars. Tests were performed in air at a strain rate of 1.67x10°%

sec-l on 2 servohydraulic Instron machine. Prior to testing, the




AS REACTIVELY SINTERED

g, EL
- i
kS | |400p.m|
b)

Figure 8 NiAl/10vZFP. a)Injection molded tensile bar. b)As
reactive sintered microstructure. Etchant Kallings
solutionm.

bars wvere mechanically polished through 9um diamond. Results at
8009C, which is above the ductile to brittle transition for reactively
synthesized NiAl[14] are reported in Table 1. Modest increases in
strength resulted from the fibers, but the ductility was markedly
reduced. Fracture surfaces for NiAl and the composite are showm

in Figs. 9a) and b) respectively. Fiber pullout is prevalent in the
composite, with some fibers being totally separated from the matrix.
It appears that at this temperature a weak interface exists betwveen

the fiber and matrix. However, a strong interface is required for




Figure 9 Practure surfaces of NiAl and NiAl/15v%
FP tested in tension at 800°C. a)NiAl;
b-d)NiAl 1Sv%FP.

strengthening a ductile matrix by a brittle fiber. Below the ductile
to brittle transition (<700°C)[1“]. the stress-strain curve of the
composite resembled that of a brittle material. Fracture in the matrix
was by cleavage, see Fig 10a). However, fiber pullout was observed

on the fracture surface (Fig 10b). The clam shell markings initiating
from the f.bers on the fracture surface suggests that fiber failure
caugsed fracture, indicating a strong bond. Also, the separation

between the matrix and fiber is not as extensive as it is at 800°C




*®

TABLE 1
TENSILE PROPERTIES OF REACTIVELY PROCESSED NIAl MATRIX
COMPOSITES TESTED AT 800°C
s ouTS Reduction
(MPa) (MPg) Area (%)
NiAl 135 154 14
NiAl 15v% Al;04 Fibers 142 163 3
NiAl 20v% TiBp Particles’ 190 207 12.8

* see reference 14.

a) b)

Figure 10 Fracture surfaces of NiAl and N{Al/15vZFP tested in tension
at 700°C (below DBTT) a)NiAl; b)NiAl 15vXFP.

(compare Figs. 9 and 10 ), indicating that the strength of the interface
is increasing with decreasing temperature. Composite properties

also are governed by the strength of the fiber matrix interface.

A weak interface is necessary for improvements in toughness ror a
brittle fiber brittle matrix composite.

Included in Table 1 are values of strength and ductility for NiAl
reinforced with 15vX Al,04 fibers and 20v% TiB; particles (13um dia.)
fabricated by reactive synthesis{14]. It would appear thih IiB,
particles are more effective in improving high temperature strength

than the short Al203 fibars.




A degassing event occured during HIPing of injection molded MoSi;
matrix composites which prevented consolidation. Since MoSi; could

be densified using the HIP conditions described in the experimental
section, it is not clear if this degassing event can be attributed

to either the 12009C hydrogen anneal or & chemical interaction between
the binder and powders. A vacuum anneal (1000°C, 2 hours) prior

to encapsulation was found to alleviate this degassing event. A
microstructure of MoSi; reinforced with 10 or 20vZAl03 is shown

in Figure ll1. Due to lack of enough material only small specimens
could be produced by the extrusion and CIP method. Room temperature
hardness results indicate that Al;03 might improve the toughness

of MoSi;. The hardness improved from 87.6 to 90.2 on the Rockvell

"A" gcale with the addition of the aligned fibers. Hardness values
for powder processed MoSi; have been reported to range from 80 to

87 Rockwell "a"[16,17] Figure 12 shows the actual indentations.
While cracks propagated from the hardness indentation in the composite
specimen, Fig. 12s), large craters of fractured material observed

in the matrix were absent, Fig. 12b). These results indicate that

the DuPont FP fiber may improve the fracture toughness of MoSij.
Attempts to obtain a fracture toughness values from Vickers hardness
indentations failed, as cracks did not propagate from the indentatioms.
CONCLUS IONS

NIA1/A1703 and MoSi3/A1203 composites have been successfully produced
by PIM, indicating that this is a viable technique for fabrication

of fibrous intermetallic matrix composites. However, the resulting
alignment is not perfect. The sllowable volume fraction of fibers

{s limited. Misalignment and agglomeration increase as fiber volume
fraction increases (Fig. S). The DuPont FP fibers are damaged during
povder processing, which reduce the aspect ratio of the fiber; a
fiber on a tungsten or carbon core may be less susceptible to damage.
Fine preslloyed powders will work as small elemental povders, as
evidenced by the febrication of MoSi; matrix composites from prealloyed
povders. However, fine elemental powders are more readily available.
Tensile test results indicate that the interface between the Al203
fibers and the matrix is not strong enough to strengthen NiAl above
its ductile to brittle transition tempersture. At this temperature

a particulate is more effective in improving strength. Below the
ductile to brittle transition the fibers did not toughen the matrix,
even though fiber pull out was observed on the fracture surface.

This possibly indicates that short fibers will not toughen this matrix.




Figure 11  Microstructure of MoSiy/10viFP produced by PIM.

Figure 12 Rockwell "A" Hardness indentation in a)MoSij;
b)MoS1,/20vFP.

However, interfacial characteristics of NiAl/Al;03 must be explored
further, since the interface plays a major role in behavior of any
composite. Preliminary results (cracks initiating from hardness
indentations) indicate the DuPort FP Al303 fiber msy improve the
toughness of MoSi,.
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ABSTRACT

Composites based upon the intermetallic compounds NiAl, NijAl and Al3Ta have
been consolidated by several novel techniques incorporating, ac least in
pere, reactive sintering or hot isostatic pressing of elemental powvdars.

This paper discusses the resulting microstructures and mechanical properties,
facluding hardness and tensile or compressive screngthe as a function of

test temperature. The properties of the composites are compared to those

of the respective matrix materisls, also prepared from powders by tdentical

techniques. The limitacions as well as advantages of such processing techniques
are discussed.

KEYWORDS

Composite, fibers, grain size, hot isostatic pressing, intermetsllic compound,
tickel aluminides, reactive sincering, tantalua aluminide.

INTRODUCTION

latermetsllic compounds, especially those containing large quencities of
slminum, display s number of favorable properties for high temperature structursl
e, including lov density, high strength at elevated temperatures snd excellemt
@midation resistance. liovever, most of the sluminides are brittle, which
lasds to problems in consolidation and during service. One potential mesns
ol improving ductility snd/or toughness vhile increasing strength is cto utilize
4 fidrous second phase reinforcement. Particulates also can be used for
Rreagth improvements, but usually at the expense of ductility. Powder metallurgical
fsesses are particularly useful in preparing such cosposites, as has already
e reported in the TijAl/SIC (Brindley, 1987) and Al3Ta/Al203 (Anton, 1988)
Meteas. This paper reviews efforts to produce both fibrous and particle
Mreagthened composites of AljTa, NijAl and NiAl by one or more methods based
h either hot isostatic pressing (HIPing) or reactive sintering. The lacter
s to & process in which an exotherwmic reaction between two or more elementsl
tituents of a powder compact provides enough heat to produce s liguid
vhich markedly reduces sintering time. 1If the process is carried out
t pressure, it (s called reactive sintering. Processes which rely
Apm application of uniaxial or i{sostatic pressure during reactive sintering
Awe labelled resctive hot pressing and reactive hot isostatic pressing, respectively.

pp. 2
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218 CERAMIC AND METAL MATRIX COMPOSITES

An axtensive discusiton of the various processing techniques has appesrsd il
previous publications (Moore et al, 1988; Bose et al, 1988, Germsn and Boss,

ALLOY SYSTEMS STUDLIED
The three alloy systems studied in this investigstion are NijAl, N{Al and
AljTa. Melting points, densities and crystal structure of these compounds
are summarized in Teble 1. NiAl and Al3Ts are brittle at room temperature,

TABLE 1 INTERMETALLIEC MATRIX M.LOYS‘)
Alloy Crystal Structurs Melting Pt Density

< glce
TaAljy D032 '15%0 6.9
NiAl 52 o 5.9
1C-218 Lla 1390 1.5

* Ni3Al,Cr.Zr+d

but NiAl undergoes a brittle to ductile (BD) transition at temperatures near
600°C. (No dats are available concerning a BD transition in Al3jTs.) The

Ni3Al alloy chosen for study, 1C-218, is a two phase alloy that is ductile

at all tesperatures between 23°C and 800°C. The nominal composttion of this
alloy, vhich vas devaloped at Oak Ridge National Laboratory, is Ni-8.2vEAl,
7.8%Cr, 0.8%2Zr snd 0.2%8. )
Powders of the pure metals Ni, Al and Ta were obtained from various sources,
as listed in Table 2. Presvious ressarch on NijAl alloys prepared by reactive

TABLE 2 POWDER CHARACTERISTICS

Size $hape Process Vendor
Ta um angular wechanically Cabot
silled
10um angular tydeide/ NRC
dehydride
-328 angular hydride/ Panstesl
sesh dehydride
Al Jum spherical gae Valimet, H-3
stomized
10um spherical gas Valimet, H-10
stomiszed
30um -- spherical gas Valimer, H-30
stomised
NL J7m spiky carbonyl INCo-123

surface

sintering had shown that maximum density of compacts is obtained vith fine
powders, in the range 10-15 um (Sose et al, 1988). Therefors, starting powders
vere obtained in the finest sizes commercially availabls.

Alz0y vas chosen as the fibrous reinforcement for AljTa and IC-218. For
both IC-218 and NiAl varying volume fractions of TiB; particles were incorporsted
during consolidation of the alloey.
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SINTERING TECHNIQUES

Obcaining dense monolithic samples of each alloy vas the first objective
of this investigation. Afcer extensive research it was found that resctive

sintering of elemantal powders was not & suitable technique to prepare any
of the matrix alloys.

N{Al

In the case of NiAl, the exothermic resctiom was uncontrollable, such that

the heat of resction was sufficient to destroy crucibles or result in complete
selting of portions of the compact, as shown, for exsmple, in Pig. 1. It

vas found by trial and error that the reaction could be diluted by mixing

10 o 25% prealloyed NiAl powder vith the elemental powders.

Nesr fully dense and near net shape Ni-49a%Al samples (0.5 grams wt cylindrical
pellets approximately 6mm in diasmeter, cold pressed to 70% of theoretical
density) could be produced from a mixture of elemental snd preslloysd powders

by reactive sintering at 700°C in vacuum (10°6 corr) for 15 sminutes. The
optimum samount of prealloyed NiAl powder needed to control the exotherm associated
vith reactive sintering of Ni+Al vas determined to be dependent on the particle
size distribucion of the prealloyed powder. NiAl preslloyed powder was obtained
from twvo sources. One source was prereacted NiAl produced snd milled at

RPI; the other source vas prealloyed NiAl powder purchased from Cersc, Inc.

The Cerac NiAl powder possessed a more uniform perticle size distributiom,

aad therefore blending vas achieved with less Cersc NiAl powder than with

the RPI powder. The first two sets of bars ia Pig. 2 shov properties for

) woewsn men
] ?rowens Simteres Seneny

Jig. 1 Excessive resction of elemental Pig. 2 EKffects of % prealloyed WiAl
Hi+Al powders. and volume fraction of Tidy
powders on siatered density of
NiAl.

wetive eintered WiAl with RPI{ and Cerac powder respectively. Evean though
Hferent optimum amounts of préalloyed powders were used, the sintered properties
s essentislly equivalent with the twe different powders. It was found

st 7437 powdere added to the mixture hindered demsification; the maximum

meity obtained in & N{Al-TiBy alloy was 95% wich 10vL TiB2 and 135% preslloyed
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powder (see Fig. 2). The influence of small smounts of alloying elements
on resctively sintered NiAL/TiB; compositms was aleo studied (see Fig. 3).
No significant (mprovemants in hardness or sintered density were noted vith
1XTa, 120 or SCr.

It became evident after obtatning many samples vith large residual pores

that to produce dense composites, hot isostatic pressing had to be employed.
Fully dense microstructures of NiAl and NiAL/TiBy composites were produced

by cold isostatic pressing followed by hot isostactic pressing in a 304 stainless _
steel can at 1200°C for 60 min at a pressure of l72MPa, using the process
outlined in Pig. 4. Typical microatructuras ardh shown in Pigs. Ss)-d).

REACTIVR HOT ISOSTATIC PRESSING (RMIPng)
1 NisAl were mined 10 steiohiometris
propertions.

2 m-nn,znhoml-mnl

approximetely
3 Vesuum encapeuisted in 304 stainiess snel.
L L

1200 *cira wne
0 an

WAy anTe NI  dan O
HWvem T,

Pig. 3 tffacts of alloying elemants Pig. & Schematic of HIP process
on sintered deneity and for NiAl.
hardness of NiAl.

Note the wore equaixed graia structure producad from s mixture of preslloyed
snd elemental powders as oppossd to the pure alemental powders. Aleo notice
s more refined grain sise with the addition of TiB; powders (5um vs I0um
for monolithic NiAl.

AlaTs

Reactive hot isostatic pressing (RHIP) was utilised to fabricate samples

of Al3Ts. Control of the process conditions snd particle siszes of the elemental
powders affected the homogenisation and densification of the intermetallic
compound .

Since the exsct composition of stoichiometric AljTa vas not clear from the
literature, elemencal powders of tsntslum and aluminus were mixzed is three

ratios: 23, 24 and 235 atl Ta. QReasctive sincering experiments showed that

the optimum powder sise was l0um for both the sluminum and the tantslus powders.
The powder mixtures were cold isoscaticaly pressed at 200MPa into code approximataly
14 =m in diameter snd 830 mm {n height. The rods were inserted ianto stsinless
steel tubes lined with tantalum foil and coated vwith an Al203 slurry to prevest
contamination from the can. The ssmples were avacusted and ocutgassed st

3500°C for spproximstely 20 hours and then sealed under vacuum. Samplas vere
produced by RMIPing at & pressure of 172MPs and temperaturss of 700°C, 900°C
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Pig. S Microstructures of NiAl+Tilj. &) O0ITidy, g.s.30wm
b) 10% preslloyed, 0%TiB, g.s.30um, ¢) 10 preslloyed,

15viTidz, g.s.5um, d) 10T preslloyed, 20viTiB;,
‘g 0. 5um.

1200°C, for one hour. Demse, homogencus ssmples wvere formed at 23 acl
a4 1200°C, as shown in Pig. 6. Microprobe smalysis confirmed that the
itton of AljTe was approximastely 23.) at Ts in agreement vith a recently
ssd phase diagram (Miracle, 1988). Lower temperatures and higher percentages
taatalum results in incomplets vesction of the starting msterials. Heat
t at 1100°C for tem hours or at 1200°C for four hours yielded a tvo

aicroscructure wvhich consisted of Al3Ta and a phabe identified as AlTa
cle, 1988).

cts containing 8atiPe substituted for,Al slsd vers produced by similsr
iques. No change in crystal structure,of the alloy vas detected. Samples
tniag 8atl Fe substituted for Al vers produced by RRIPing at a pressure
112MPs and a cemperature of 1100°C and then heat trested ac 1200°C for

s. The resulting microstructure consisted of two phases -~ & solid

fon AlJTa phase containing 0.35at% Pe and a ternary phass vith a compositios
32at%s, S6acZAl, and 12sciPe.
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rig. 6 Microstructure of AljTa reactively
HIPed at 1200°C.

Composites with sn AljTa matrix slso wers fabricated by RHIPing. Compatibility
teats indicated that Al3Ta did not react with Al309 during processing; thersfors
two Aly04 fibers, PP and Saffil, vere selected for further study. Table 3
summarizes the properties of the FP and Saffil fibers. Using the optimus

TABLE 3 CHARACTERISTICS OF Al;03 FIBERS

r Sattil
length $-30mm 70-2001m
diameter W0um e
denetcy 3.9 g/ee 3.3 g/ec
ctensile strength 1380mPa 2000MPa
Young's sodulus 380GPs 300GPa

‘ max powder dismeter
tor 20 vol % fiber 23um bum
source DuPont Ic1

consolidation procedure describad adove, composites wers fabricated with

10 vol% of rendomly oriented fibers of each ctype. DJuring processing, the
fibers fractured due to the bigh pressures. As the volume percent of fibers
wvas incrsased, the porosity snd amount of second phase present also incressed.
This vas true for boch che PP and the Saffil fibers, but wvas less severe

in the cass of the smaller diamster Saffil. Most of the second phase vhich
sppeared in the Saffil composites occurred around prior particle boundaries.
Representative microstructures sre shown in Figs. 7a) asd b).

In addition, work is in progress to align these fibers by injection molding.
This process requires the addition of about 40 voll binder to the powder
aixture. The powder-binder mixture is injected through a die to obtain fiber
alignmeat sad then heated to 450°C for 5 hours in hydrogen to remove the
binder. The samples are then RHIPed as described above. To date, a paraffin-
based 1iquid appears to be the best binder since it does not conteminate

the reaction in which Al3Ta is formwed.
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Pig. 7 Microstructures of Al3Ts composites vith 10v
Al30y fibers a) PP Al20y b) Saffil.

Bispl,Cr 2re8 (1C-318)

Preallioyed powder of the compound IC-218 was obtained from Homogeneous Metals,
Iss. Anglysis of the -100 mesh powder revealed composition of ?7.67wiCr,
$.1001, 0.8%2r, 0.223, vich ? ppm of Nz snd 73 ppm of 02. TiB; powder used
ia preparing some composites was obtained from Aerospace Corp. FP- Alg0y
fidars vare obtained from Dupont Corp.

1C-218 and tvo types of composites with an IC-218 matrix were consolidated
by NIPing. The HIP cycle for the unreinforced matrix was 1100°C, 1 hr, at
8 pressure of 172 MPa. The microstructure of IC-218 {s shown in Fig. 8a).
fote that the microstructure consiests of s y' matrix with some disordered
®mecod phase. 1C-218 with SvX of shore Al203 fibers also wamBiiPed a€ 1130°%C
mt 1724Ps pressure. A typical microstructurs is showm ia PFig. ). 1C-218

Fig. 8 HIPed mierostructure of IC-218 a) matrix alley
(HIPed at 1100°C) ) Svl‘l:ﬁ; fibers (HIPed st 113%0°C).
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vith varying voluse fractions of 30um TiBy particles va. HIPed at 1150°C
for 30 min st a pressure of 172 MPa. The microstructure of a ssmple containia
10viTiD; 1s shown in Fig. 9. Note thst the TiB; forms a nearly coniinuous

Pig. 9 Microstructure of IC-218 with 10viTiB;
particles, HIPed at 1150°C, 172MPa, 10 min.

phase at the griin boundaries. In general the TiB; had a needle-like or
plate-like appesrance.

STRENGTH MEASUREMENTS

The influence of atcrostructure and psrticiev-er-fiber content on strength
vas carried out by a variety of mechanical tests.

NiAl

Compressive stress strain curves for Ni-49a% Al and several TiBj-reinforced
NiAl slloye were carried out as a function of test temperature. The resuits
are shown in Fig. 10. Note the rapid rise in yield stress vith increasing
TiB; content. A portion of this strengthening is due to the very fine grain
size (3 um) of the alloys containing 15 and 202 TiB; compared to the 30 um
grain size of N{Al. The remainder of the strengthening i» dus to the effects
of the TiBy particles. The strengthening due to TiB; persists to about 700°C;
there is virtually no effect of TiBy on streagth at 800 and 950°C.

1C-218

The ctensile properties of IC-218 sad IC-218 with 5vi Al03 fibers as s fumction
of tempersture are compared in Fig. l1. It can be seen that the fibers did

not vaise the yield stress and, by reducing ductility to near zero at all

but room temparaturs, had & deleterious effect on ultimate tensile strength.

Tensile properties of 1C-218/T18; composites are shown in Fig. 12. Only
the alloy contsining L0%TiB; showed a higher yield strength tham IC-213 at
25°C; however, at 600°C an increass in strength with 5% and 10% TiB; vae
noced. Note also in Pig. 12 the rise in yield stress vith tempersture that
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B characteristic of chis alloy. The ductility decreased substantially with
£ contenta of Tidy, the affect being grester wich increasing ITid3.
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Etuuth of monolithic AljTa has been weasured ia cospreseionasa function
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of temperature, see Table 4. Note the rapid weakening at elevated temperaiures,
The addition of 8%Fe replacing Al leads to a significant improvement in high
temparature strength. Also, hardness tests have been carried out on severa]
compositions. The Vicker's hardness of AljTa was 369 DPH. This value vgried
liccle for the AljTa which formed at various compositions or HIPing temperaturs
The addition of fibers also had little effect upon the hardness. The hardness
of the Al;Ta phase which formed in sowe samples was approximacely 450 DPH.

The Vicker's hardness of the solid solution strengthened AljTa + Fe wvas

391 DPR. This hardness of the ternary phase with 122 Fe was 571 DPH.

LY
TABLE 4 COMPRESSIVE PROPERTIES OF Al3Ta_ALLOYS

Alloy Temp Yield Streass
() (MPa)

Al3Ta 25 531
Al3Ta-Ba%Fe 25 n
Al3Ta-8a%lle 750 765

AljTa 950 4l
AljTa-8alle 950 198
DISCUSSION

Densification of intermetallic matrix composites car. be asccomplished by HIPing
either slementsal or preallioyed matrix matsrial with compatible reinforcements.
The consolidation conditions (temperature, pressurs, time) do not substantially
differ from those utilized for the matrix alone. ‘However, the ability to
achieve full density is inhibited somevhat by the presence of the reinforcements
Ressons for similar processing cycles are the lov volume frations of cerasic
phases and the grain size refinement often observed after HIP of the composite.
For many of the intermmtallic compounds the primary densification sechaniss
involves grain boundary diffuston. Although the cersmic second phase inhibits
densificacion, it has a beneficisl grain size refinment effect. This latter
change ensures more and shorter diffusion psths for densification. Because

of the long range ordered structurs of these compounds, the latcice diffusivity
is lowv. Consequently, grain boundaries and grain boundary diffusion is necesssry
for rapid densification. Two of the three alloy systems studied, NijAl.Cr,.2e4d/T0
and NiAl/TiB; show considerable strengthening relative to the mstrix alone.

In the case of NiAl some of the strengthening arises from grain refinement,
with the grain size being reduced from 30um to Sum by che TiB; particles.
However, a Hall-Petch analysis of the contribution from grain size refinement
to strengthening can account for only s portion of the observed strengthening,
see Table 3. The baslance is provided either by direct strengthening by the
particles (unlikely due to their large size) or by impurity contamtinatiom,
predominantly oxides on prior particle boundaries. Post-consolidation analyses
of the NiAl compacts rdvealed sn oxygen contant of about 500 ppm. It is

wall knova that the sechanical properties of intermetallic compounds are
extremsaly sensitive to compositional variations, sither Al conteat or impurity
leveles (Stoloff, 1985).

Contamination is only one of the problems affecting the properties of these
composites. In the case of the fibrous composites I[C-218/A130;, lack of
wetting between fiber and matrix leads to premacure nucleation of cracks
at the fibar/matrix interfaces and severs lose of ductility. Twvo remediess
sre required: & dopant for better wetting and fiber alignment to sllow the
vork of pull out to contribute to overall frscture resistance. Injection
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TABLE 3 CONTRIBUTION OF GRAIN REPINEMENT TO STRENGTHENING

BY TiB, at 25°C.

Grain Size (um) Yleld Scress (MPs)

NiAl (102 prealloyed) 30 890
NiAl (10% prealloyed) 5 1000
caleculated from Hall Petchw

NiAl (102 prealloyed) s 1080
15 vol % TiB;

NiAl (10% prealloyed) s 1350
20 vol % TiB3

* Hall Petch data from ScWilison (1983)

mlding offers some hope of overcoming the alignment problem, but contamination
frem & polymeric-base binder must be avoided in the fimal product. Initisl

efforts to develop injection molded composites Rave getsblished that the
wurage powder particle dismeter must He less chan cthe fider dismeter to

sesmplioh slignment. Unfortunately, powders of the size required, of the

1 4
ender of 10 um or less, sre either very expensive or unavailable. Resctive

Weeassing using slemental powders remsins an attractive route for densification
frem injection molded smsll particles.

ACKNOWLEDGMENT

Eruurch vas conducted under the Univereity Research Initiative on High

rature Structural Composites funded by DARPA/ONR under Contract No.
14-86-K-0770.

REFERENCES

s D.L. (1988). In High Temperaturs/Righ Performsncs Composites, MRS
ia, V. 120. MRS, Pirtsburgh, PA, 1988, 57-64.

. A., B. Moore, N.S. Stoloff and R.M. Germen (1988). 1In PM Asrospace
9 1987, MPR Publ. Serv. Ltd, Shrewsbury, England, 4.1-6.13.
ley, P. (1987). In M.8. Scoloff and others (Rds.) High Temperaturs
Incermatallic Alloys II, MRS Symposia V. 81, MRS Pictaburgh, PA,
s R.N. and A. Bose (1989). Mat. S
. 0. (1988).
rasearch.
8., A. Bose, R.M. Germsn and N.$. Stoloff (1988). 1In P. Lemkey and

(u-.) High Temperaturse/High Performsnce Composites, MRS Symposia
' MRS, Pittaburgh, PA, pp. 51-56.

o LR, (1983). In Righ Temperature Intermetallic Alloys, MRS Sywposia
s Meesburgh, PA, pp. 1931-206.

o 1.8. (1983). 1In C.C. Koch and others (2ds) W4 gh Temperature Ovdered
» MRS Symposia 39, MRS, Picteburgh, PA, pp. 3-27.

. and Eng., AlO7, 107-116.
Wright Aercssucical Labe, Wright Pattersos AFS, Ohio,




INTERMETALLIC COMPOUNDS

MECHANICAL PROPERTIES




Materials Science and Engineering A,
(accepted for publication), 1992

FABRICA@ION, STRUCTURE AND PROPERTIES OF
MoSi,~BASE COMPOSITES

D.E. Alman, K.G. Shaw, N.S. Stoloff and K. Rajan
Rensselaer Polytechnic Institute
Materials Engineering Department

Troy, New York 12180-3590

November 4, 1991




Abstract

Several techniques have been employed to consolidate Mosi,
composites reinforced either with Al,0, or Nb. Powder injection
molding was used to prepare MoSi, with aligned short FP Al,0,
fibers. Plasma spray was used to produce lamellar Mosi,-Al,0,.
Niobium particles, random short fibers and continuous fibers were
incorporated into MoSi, by hot isostatic pressing.
Microstructures and mechanical properties of the various
composites are reported. Significant microscopic toughening was
obtained with continuous Nb fibers, but at the expense of creep

resistance.




1. Introduction

Many intermetallics are under intensive investigation as
potential structural materials. Of these, MoSi, is perhaps the
most interesting, because of its melting point (2030°C),
excellent oxidation resistance and low density. However, efforts -
to develop MoSi, have been hampered by its extreme brittleness
at temperatures below 1000°C, coupled with relatively low creep
resistance. It has been recognized by most workers in the field
that the best chance to solve these twin problems is through use
of MoSi, as a composite matrix. However, the commercial ceramic
fibers that are suitable for use as reinforcements are limited to
SiC and Al,05 (in various purities). Niobium fibers have been
added to MoSi,l!l. The addition of other metallic fibers such as W
and Mo based alloys will likely strengthen MoSi,., However, the
addition of refractory metals is almost certain to lead to a
degradation of oxidation resistance. With these cautions in
mind, we, along with other investigators, have utilized a variety
of processing techniques to prepare MoSi,-base composites. In
this paper we describe powder metallurgical and plasma spray
techniques to prepare not only fiber reinforced samples, but also
particulate reinforced composites as well as lamellar composites.
Al,05 and Nb were chosen as candidate ceramic and metallic
reinforcements respectively, because of thermal expansion
compatibility and availability of reinforcements.
2. Pabrication approaches

Several experimental techniques have been used for our
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composite studies: hot isostatic pressing (HIPing) of MoSi-Nb
particulate and random fiber composites, injection molding of
MoSi>-Al>03 aligned short fiber composites, hand layup and
HIPing of MoSi>~-Nb continuous fiber composites and plasma
spraying of MoSi,-Al,03 lamellar composites. Since details of
HIPing operations for MoSi,/Al;05; have been published previously
{21, we will describe here only the injection molding and plasma
spray processes, as well as HIPing of MoSi./Nb composites.

2.1 Injection Molding

Injection molding for fiber alignment consists of four basic
steps, feedstock production, fiber alignment, debinding and
consolidation. Feedstock preparation consists of mixing the
powders and fibers with a polymer binder. Fiber alignment
comprises injection of the feedstock through a nozzle. 1Injection
is performed above the softening point of the polymer binder.

The binder is then removed, either thermally or chemically.
Final consolidation is accomplished by sintering or pressure
aided sintering techniques. A schematic diagram of the process
is shown in Fig. 1.

Uniform fiber distribution is crucial for toughness
improvements in brittle matrices; therefore, the addition of
fibers to the powders must be performed with great care. Twenty
volume percent (13.5 wt%) chopped DuPont FP Al,0, fibers (20um
diameter) were mixed into the Mosi, powders (H.C. Stark-Grade C)
in an alcohol slurry. Fiber aspect ratios ranged from 10 to 200.

A turbula type mixer was employed for blending of the fibers and
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powders in the slurry. Mixing occurred for 1 hour, after which
the alcohol was allowed to evaporate. The binder used was based
on low molecular weight polyproplylene, paraffin, carnauba wax,
and stearic acid. 1Its softening point is approximately 90°C and
density is 0.94 g/cm®. The feedstock was prepared by mixing the
powder/fiber blend into the melted binder. Mixing was performed
for 30 minutes employing a double planetary type mixer.
Approximately 30 percent by volume of feedstock was binder.

The fibers were aligned by extruding the feedstock through a
tapered die. The die decreased in diameter from 12.7mm to 1.5mm.
Extrusion was performed with the die preheated to 90°C. This
produced wires that were 1.5mm in diameter by about 50mm long.
These wires were carefully placed in a polyeurethane mold (12.7mm
in diameter) and cold isostatically pressed to 208 MPa. This
produced a cylindrical specimen about 12.7mm in diameter and SOmm
long.

Thermal debinding was carried out with specimens placed in
Al,0, powder. The cycle consisted of heating at 2°C/min to 450°C
and holding at temperature for 300 minutes. After a furnace cool
in hydrogen, the specimens were placed in a vacuum furnace and
vacuum sintered at 1200°C for 2 hours. The specimens were then
encapsulated for HIPing. Specimens were wrapped in Ta or Nb fbil
and vacuum encapsulated in Ti HIP cans. The foil was used to
prevent reaction between the MoSi, and the Ti can. The HIP
cycle was 1500°C, for 2 hours at 172 MPa. Deprqssurization and

cooling occurred slowly (from 1500°C to 300°C in 60 minutes,




followed by depressurization to atmospheric pressure and cooling
to room temperature over the next 60 minutes). The cross section
of an aligned MoSi,-20v$Al,0; composite is shown in Fig. 2.
2.2 Hot Isostatic Pressing

Niobium was added to MoSi, in the form of particles, random
chopped fibers and aligned continuous fibers. Irregqular shaped
Nb particles (-80 mesh, microtrac diameter 108um) were obtained
from Teledyne-Wha Chang in Albany, Oregon. Twenty volume percent
(or 25 wt$) Nb was mixed intoAHosiz powder (H.C. Stark-Grade C).
Niobium wire also was obtained from Teledyne-wWha Chang. The
diameter of the wires was 812um. The wire was chopped to
approximately 12.5mm in length. Twenty volume percent of Nb wire
was mixed with MoSi, powder. Mixing occurred in 1 hour with a
turbula type mixer. The mixed powder and wire were placed in a
polyuerethane cold isostatic press (CIP) mold bag (23mm in
diameter by 70mm long). The CIP bag was lined with Ta or Nb foil
prior to the placement of the powder into the bag. Specimens
were CIPed to 240 MPa. The specimens were then vacuum
encapsulated in Ti HIP cans and HIPed for 3 hours at 1350°C at
172 MPa éressure. Depressurization and cooling occurred over a
three hour period. A typical microstructure appears in Fig. 3.

Continuous aligned Nb-reinforced MoSi, composites were
produced via a combination hand layup-powder infiltration
technique. A CIP mold lined with either Ta of Nb foil was filled
to one half of its capacity with MoSi, powder. Wires cut to

70mm length were carefully placed in the powder. Then the CIP
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bag was filled to capacity with MoSi, powder, infiltrating the
wires. The amounts of powder and wires used were determined
prior to layup of the wire, such that loading of the wire was
20vy (25 wti). These specimens were CIPed and HIPed as above.

In each case, a reaction zone was noted between MoSi, and
Nb. Microprobe analysis results are shown in Fig. 4 for fiber-
reinforced MoSi,. The MosSi; phase, contaminated with Fe, was
identified. The source of contamination is unknown; it might
have originated in the wire as Fe was not detected in particulate
composites. Other researchers have noticed similar chemical
interactions between Nb and Mosi,’l. For any practical
engineering application Nb must be coated to prevent inter-
diffusion.

Bend specimens were electrodischarge machined from the
ingots (6.36mm in dia. by 38mm in length). The bend bars were
re-HIPed at 1350°C for three hours. Specimens were polished
through 0.3 um Al,0, powder. Specimens were tested in three
point bend at a cross head velocity of 0.127 mm/sec. The span
length between the supports on the three point bend jig was
25.4 mm.-

Compressive creep tests in air were carried out at 1050-
1450°C in a k3nd load apparatus previously described( %],
Stresses ranged from 10-100 MPa. Grain sizes of both MoSi; and
MoSi,~-20viNb particulate composites were about 23um.

2.3 Plasma Spray

A commercial plasma spray unit has been modified to permit
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deposition onto a substrate. Dual injection ports allowed
spraying of two different powder types, Al,0, and MoSi,.

Composites were formed by sequential deposition of MoSi,
and Al,05. Both powders were -325 mesh grade. The plasma gun
was operated inside.a glove box supporting an inert argon
environment which is monitored for oxygen and kept below 4 ppm
during the spray deposition. The plasma equipment used is a
Miller plasmadyne system with a SG-100 gun using the 175 anode,
129 cathode and a 113 gas injector. The arc gas pressure was
kept at 60 psi, the feed gas pressure at 35 psi and the arc
current varied. The equipment was modified by running separate
feed lines from each hopper directly to the gun, eliminating the
check valve supplied by the vendor which was shown to cause cross
contamination of the layers.

The gun was kept 8.8 cm away from the rotating (30 RPM) cast
iron substrate. At this distance some heat enters into the
deposit and provides some stress relief to the laminate
structure. Residual porosity is evident in these films, being
caused by argon entrapment between successively deposited splats
and also by unmelted powders. To remove this porosity hot
isostatic pressing and vacuum annealing were used. Vacuunm
annealing at 1500°C for 1 hour was found to fully densify the
MoSi, layer.

The composites have been characterized by density
measurements, back-scattered electron microscopy, Vickers

microhardness and X-ray diffraction. The MoSi; solidifies as a




hexagonal phase which is a non-equilibrium phase .at room
temperaturef 3!, as shown in the X-ray traces of Fig. £. The
transition to the equilibrium body centered hexagonal phase
occurs on annealing between 700°C and 900°C.

A general view of a plasma sprayed MoSi,/Al,0; laminate
appears in Fig. 6. The density of the deposits increased from
82% to 96% with increasing arc current between 300 and 500 amps,
with no further increase at 700 amps. A higher magnification
view of as-sprayed material appeaks in Fig. 7. Note the large
inhomogenieties and porosity, as well as non equilibrium phases
present.

Transmission electron microscopy of the as sp;ayed material
showed several interesting features, including an amorphous
interface phase, Fig. 8a), and particles (as yet unidentified) in
the Mosi,, Fig. 8b).

3. Mechanical Properties
3.1 MoSi--Al>0,._Composites

Both powder processed and plasma sprayed composites were
produced. Room temperature hardness results indicate that Al.0,
might improve the fracture resistance of MoSi,. Figures 9a)-d)
show Rockwell "A" hardness indentions (60kg load, Brale) in HIPed
MoSi,, plasma sprayed MoSi_,, MoSi,-20v% FP composite produced by
PIM and MoSi,/Al,0, laminate produced by plasma spray,
respectively. The actual hardness results were 87.6, 90.2 and
85.7 HRA for MoSi,, MoSis/20v% FP and MoSi;/Al,0, laminate,

respectively. Notice that while cracks propagate from the
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indentations in each of the composite specimens,. absent are large
areas of adjacent fractured material as displayed in the
monolithic specimen, Figs. 9a) and 9b).

Microhardness values also have been obtained from each phase
in plasma sprayed MoSi,/Al.0, composites, see Fig. 10{%],
Hardness and density increased with arc currents for both MoSi.
and Al,05.
3.2 MoSi/Nb Composites

The mechanical behavior of MoSi,-Nb composites was
determined by means of three point bend tests at room temperature
and compressive creep tests at elevated temperatu;es. Fig. 11a)
shows room temperature flexural stress versus displacement curves
for MoSi, and MoSi,/20v% Nb particulate composite. Note that
these curves exhibit only elastic behavior. Fig. 11b) shows the
curves for MoSi, with 20v% short random Nb fibers. Note the
large variability in shape of these curves:; however, each
displays some "non-elastic" deflection or strain. This indicates
crack blunting and improvements in toughness with additions of
the random short fibers. Fig. 1llc) shows bend deflection curves
for MoSiz/20v$ Nb aligned continuous fibrous composite.
Clearly, these curves indicate that the aligned fibers will
impart the greatest improvement in toughness. Fig. 12a-c) shows
fracture surfaces for MoSi, and the Nb fibrous composites. Fig.
13a-c) shows high magnification of the Nb fracture surface in
each of the composites (particulate random fibrous and aligned

continuous fibrous). Note from Figs. 12 and 13 that for the
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random fibrous and particulate composite, failure of Nb occurred

primarily by transgranular cleavage, while for the aligned
fibrous composite the Nb failed in a ductile mode. This would
indicate that there is a large orientation effect for toughening
MoSi, with ductile phases.

Creep tests have been carried out in compression to date
only on Nb- particulate reinforced MoSi,. Typical creep curves
at 1200°C for MoSi, and MoSi,-20v&Nb particles are shown in Fig.
14¢43, Note the much more rapid creep rate of the composite.
Activation energies, Q, of 232 kJ/mole for MoSi, and 119 kJ/mole
for the composite were noted from the data in Fig. 15. S$adananda
et all”! showed similar creep rates for 20 MPa stress, but with
a much higher activation energy, also shown in Fig. 15.

The matrix creep rates measured in the present work are on

the same order of magnitude as those reported by Sadananda et
alt”73! over the same temperature range, at different stresses (10
MPa versus 20 MPa) and for material of similar grain size. The
exact amount of glass in the samples of Sadanandu et al was not
reported, so small differences in the creep rates may be due to
differences in the glass content or composition.

The rapid creep of the MoSi./Nb composite demonstrates that
it is not attractive for high temperature structural
applications. The Nb is responsible for the faster creep rate,
either due to the creep of the Nb particles themselves or because
of the deformation of the reaction zone. Meschter(®?! had

suggested that a Nb particulate composite might have low
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toughness due to the formation of a brittle (Mo,Nb)<Si, reaction
zone with a weak interface which does not permit ductile-phase
crack bridging. However, no cracking was observed at the
reaction zone in the creep samples and neither the particles nor
the reaction zone were visibly deformed.

The creep rate of niobium is strongly time-dependent,
exhibiting a t17> dependence!®). The creep strain of the

composite was found to fit equation (1):

€ = a_ + a,t1’2 + a,t (Eq. 1)
which contains a t1“2 term and a term linear with time. A term
in t1/3 plus a linear time term also gave good fit. The
MoSi,/Nb creep rate therefore may be the sum of a constant MoSi,
deformation rate and a time dependent Nb creep rate.
Summary and Conclusions

Several processing techniques have been shown to provide
fully dense MoSi-base composites with various forms of Al,0,
and Nb reinforcements. Unfortunately, the powders of MoSi. that
are commercially available carry with them significant amounts of
Si0;. In the case of plasma spraying, annealing without
pressure is sufficient to fully densify laminates, but for P/M
processed material HIPing is necessary.

Preliminary observations of the microstructure of plasma
sprayed MoSi,-Al;0, laminates by TEM reveal an unidentified
amorphous phase at interphase boundaries as well as many defects

in the MoSi, (dislocations, twins, second phase particles). The

influence of deposition conditions and annealing on these defects

12




is currently being studied.

The mechanical properties evaluaﬁions,also are still
preliminary, but it is evident that continuous Nb filaments are
necessary to produce significant toughening at 23°C. However, it
is also highly likely that such fibers will lead to degradation
of creep properties, as with Nb particles. Coatings such as

Y,0, are reported to inhibit interdiffusion between Mosi~ and

Nb[1C1 put may not improve creep resistance. -

-
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1. Schematic of injection molding process.

2. Cross sectional view of MoSi>-20v$Al,05; composite produced
by injection molding.

3. Cross sectional view of random MoSi,-20VviNb wire
composites, HIPed at 1350°C, 3 hrs at 172 MPa pressure.

4. a) Reaction zone in MoSi,~Nb random wire composites.

b) Microprobe traces across reactign zone, showing phases
present. Note iron contamination in reaction zone.

5. X-ray traces of MoSi, in plasma sprayed laminates.
6. Plasma sprayed MoSi,-Al,0, laminates.

7. Higher magnification view of as-doposited-laninate in SEM
backscatter mode.

8. TEM views of plasma sprayed ne&i-Alzos laminate
a) interface region, b) second phase particles in MoSi..

9. Rockwell "A®™ hardness indentations, a) HIPed MoSi.
b) plasma sprayed MoSi,, c) inmjedtion molded MoSi,-Al,0,
d) plasma sprayed MoSI,-Al,0s.

10. Hardness of MoSi, and Al,0, as a function of arc current.

11. Flexural sgress vs. displacement curves, a) MoSi and
MoSi_=-20v3Nb particles, b) MosS{,-20v% randoma Nb fibers,
c) MoSi,-20v$ aligped continucus Nb fibers.

12. SEM fractographs of bend speciicns. a) MoSi;, b) MoSiz-20v%$
randon Nb fibers, c) MoSiz=20v% continuous Nb fibers.

13. SEM fractographs of bend specimens, a) MoSi,, b) MoSi-20v}
particles, c) MoSi,-20v% short random fibers, d) MoSi,-20v%
continuous fibers.

14. Creep curves for MoSi, and MoSi,-20viNb particles, 1200°C,
o=10 MPaf*

15. Creep rates vs. temperature, o=10 MPa. Data for Sadananda
et al{”7? ghown for comparison.
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Fig 2. Cross sectional view of MoSij;-20v3$Al,0,
composite produced by injection molding.
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Fig. 3. Cross sectional view of random MoSi_,~20viNb wire
- composites, HIPed at 1350°C, 3 hrs at 172 MPa
pressure.
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Fig. 4. a) Reaction zone in MoSi,-Nb random wire
composites.

b) Microprobe traces across reaction zone, showing
phases present. Note iron contamination in

reaction zone.
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Fig 5. X-ray traces of MoSi, in plasma sprayed
laminates.

Fig. 6. Plasma sprayed MoSi,-Al,0, laminates.
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Higher magnification view of as-deposited
laminate in SEM backscatter mode.
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aj)

b)

Fig. 8. TEM views of plasma sprayed MoSi-Al,0, laminate
a) interface region, b) second phase particles in MoSi..
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d)

Rockwell "A" hardness indentations, a) HIPed
MoSi,, b) plasma sprayed MoSi,, ¢) injection
molded MoSi,-Al,0,5, d) plasma sprayed MoSi,-
Al,0,.
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Fig. 10. Hardness of MoSi, and Al,0, as a
function of arc current.
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Fig. 11. Flexural stress vs. displacement curves, a) MoSi,
and MoSi,-20ve$Nb particles, b) MoSi,-20v% random
Nb fibers, c) MoSi,-20v% aligned continuous Nb
fibers.
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c)

Fig. l2. SEM fractographs of bend specimens, a) MoSi,
b) MoSi,-20v% random Nb fibers, c) MoSi,-20vi
continuous Nb fibers.




c) d)

Fig. 13. SEM fractographs of bend specimens, a) MoSi,,
b) MoSi,-20v% particles, c) MoSi,-20v% short
random fibers, d) MoSi,-20v% continuous fibers.
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Fig. 14. Creep curves for MoSi, and MoSi_,-20viNb
particles, 1200°C, o=10 MPal+4],
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Fig. 15. Creep rates vs. temperature, o=10 MPa. Data for
Sadananda et alf{7J] shown for comparison.
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PROCESSING AND PROPERTIES OF INTERMETALLIC MATRIX COMPOSITRS

D.B. Alsan and N.8. Stoloff
Materials Engineer

Rensselasr Polytechnic lnstitute
Troy, New York 12180-31590

This paper is concernad vith the processing and mechanical properties of
intermstallic-matrix compoeites. The effects of processing varisbles on
fabrication of compounds including W ¢ WAAL, TiTaAl,, No8i, and their
composites is deecribed. A key is with ptosuouq effects on
microstructure, selection of compatible ceramic reinforcing phases, and whisker
slignment through injection solding.

Intermetallic compounds with low densities (<7.0 g/ca’) and high selting

atures (>1600°C) are attractive for potential high tesperature structural
applications. MNowever, before these compounds can be exploited for this
mmulnwmmmwmuuw.
Composite strengtheaing, in particular in the form of fibrous reinforcement,
is an approach that can improve both toughness and creep strength. Thus, the
fabrication and proparties of intermetallic matrix compoeites are under intense
investigation, as svidenced by a recent Naterisls Research Society conference
devoted to the subject (1].

To date, interwetallic matrix composites in our laboratory and elsewhere
have largely been fabricated by powder metallurgical techniquee. Therefore,
this paper will emphasise various powder consolidation asethods. The
preparation of intermstallic matriz composites by liquid or vapor routee has
h??octwu.mmmmtzﬂmnwnmmo!
rof. 1.

Table I is a summary of powder proceesing technigques that have been
applied to INC's. Noteworthy is the use of both elemental powders (reactive
sintering or reactive HIPing) as well as prealloyed powders. MNost of theee

tocnaunn have been applied to aluminides, slthough coasiderabls attention has
been devoted also to NoSi,. The properties of alloys to be described in this

‘psper are listed in Table II.

Our ressarch has eaphasised reactive sintering for forming several
aluminides and their composites. Reactive sintering [2,3) invelves reacting
elemental powders to form the desired compound. Upon heating a powder mixture
to the lowest liquidus tempersture (commonly either a eutectic, or selting

asture of one of the constituents) a transient liquid formse. This liquid
rapidly spreads through the componeat, consuling the elemental powders and
precipitating a solid intermetallic compound. The driving force for this
process is the thermodynamic onbtuty of the Inga aslting temperature of the
intermediate compound. Consequantly, theee reactions are sxotheraic in nature,
which results in the temperature of the component being sintered to be sarkedly
increased. This proceses is spoataneous, ®elf driving and pecrsist only for a

to densification (4]). Bowever, if the solubilities are unbalanced, ewelling
caa occur due to the formation of Kirkendall poroeity.

Asactive synthesis is ideally suited for a eystem in which the lowest
liquidus temperature is an eutectic, such as the Ni-Al system (Pig. la).
Notioce that as Ni diffuses into Al, the liquidus temperature iaitially
decreases; ehontm, diffusion will enhance the formation of a ligquid phase
and the compounds in this system are reedily formed. In a systea in which the
lowest liquidus ctempersture is the msliting temperature of one of the
constituent elements, such a9 in Ti-Al (eee Pig. 1b) diffusion impedes the
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formation of the liquid phase {35). As T{ diffuses into Al notice that the
liquidus temperature is iner ed; therefore the reactive synthesis of
compounds is inhibited. Thus active sintering is sensitive to processing
parameters such as heating rates, interfacial cleanliness, green density, and
particle size. Because of the rapid spreading and reaction of the liquid, pore
formation at prior particle boundaries is common, especially in systems with
large particle eizes and large exoth . Pzt e, dimensional centrol
proves difficult if an excess of liquid is formed. Because of such problems,
the applications of reactive sintering have been limited. However, as
demonstrated here, the process is well suited to forming dense intermatallic
compound composite structures.

Reactive sintering has been applied in various forme to produce
composites based upon NiAl, NisAl, TaAly, NDAly; and TiAl. In one varisnt,
compound formation and deneification is ccm.cnd in separate steps by mixing
slemental powders, reacting, pulverization (grinding), compaction, and
subsequent sintering. Variations on this basic scheme involved hot pressing
and pressure assisted sintering. Stoichiometry control is important and {f
often achieved using an excess of the sore volatile ingredient or intermediate
chemical leaching to remove unreacted constituents. The current reactive
sintering approsch circumvents these problems by using commercial elemental
powders, low processing temperatures, short process cycles with a classic press
And‘l_;.nt.: technology. Small particle sizes generally proved most useful
{2,6,7].

To date, most work in our laboratory on reactive sintering of composites
has been carried out on the NiAl-Ti system. In genaral, ctensile or
cospressive estrength is much improved the addition of up to 40veTiB,;
however, toughening cannot be achieved by the use of brittle particles, so we
have devoted recent efforts to preparing fibrous composites, utilizing Al,04
reinforcements.

Recently, we have d an appar ~di sion softening" effect in
nuu-ru, to which Hf has been added for solid solution strengthening of the
Satrix, s0e Pig. 2. Note that although Ti| strengthens NiAl, it weakens
NiAl+Nf; wsimilar results have been reporfted for XD NAAL/NLALTL-TiB,
composites, by Whittenbsrger et al (8).

The dispersion weakening phencmsenon occurs in highly creep-resistant
alloys between 0.3 and 0.7 T,. Bdwards et al (9] theorized that the particle-
matrix interface becomes a esource of mobile dislocations which leads to the
waakening phencmencn. The creep resistance of NiAl has been markedly improved
by alloying with Hf, with creep resistance approaching that of Wi Dase
superalloys (10).

Al,ﬂ alloys to which 9% Cr has been added to produce & fcc structurs
have been reinforced with 10 and 30vA chopped Al,0y tibers through reactive
RAIPing (31). Compressive yield strengths of 't satrix are increased
appreciably by the presence of JMA].,O, at 25 and 600°C, the only temperatures
at vhich samples have been tested, see PFig. Ja). However, ultimate strengths
in compression are actually decreased at 25°C and are little different than
that of the matrix at 400 and 600°C, as shown in Pig. 3b. This indicates that
the randomly oriented fibers, by acting as crack Lnitiators, decrease the load
carrying capacity of the matrix. Similar effects had Deen noted previously in
random short £iber composites of NigAl with PP Al0y (12).

TABMLE I

POWDER CONSOLIDATION

Hot Press

Reactive Processes
Sinter
HIP
Press

XD
Dynamic Compaction




TABLE 12
EROPERTIES OF INTERMETALLICS STUDIED AT RP|
Crystal Meiting Density Modulus
Compound  Structure PointC g/ GPa
NigAl L1z 13 750 1785
NiAl B2 1640 5.86 294.2
TiAl Lio 1460 3N 175.6
NbAl; DOz 1600  4.54 -
TaAly DOz 1550 690 167
MoSi2 Cn 2030 6.3 359

wt.% M
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rig. 1. Phane diagram of intermstallic systems a)Ni~Al D)Ti-Al.
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PONDER INJECTION NOLDING (PIN)

Unless reactive sintering is combined with a layup of fibers or a
prefors, alignment of continuous fiders ie not achievable. Nowever, aligned
short fiber composites can be made by combining powder injection molding
( extrusion) with a nhnrae reactive sintering or HIPing cycle
{2:3,13]. The method consists of paseing a heated aixture of a polymeric
binder, a matrix in powder form and chopped fibers through a tapered die to
achieve alignmsnt. The has been applied to WiAl, MoSi, and Al,Ta Dase
conposites reiaforoed with & fibarse. mm details are reported
oloowvhese (13). Suffioe it note here complete binder removal is
eritical to aveid contamination of the alley.




Sxtrusion is performed at tesperatures above the softening point of the
polymer binder. With the proper die design complex shapes can be fabricated.
However, the major shortcoming of the method is that coatinuous composites

pr .
NAAL _Aase Cospositen

NiAl reinforced with 15veAl,0; fibers produced by extruding from & small
die and CIPing the wires her. M icy resains in the sicrostructure

after reactive sintering Lndxclunq that pressure iLs necessary to consolidate
the composites. A HIP cycle proved sufficient for densification, see Pig. 4.

Pigures Sa) and b) show aicrostructures of as-HIPed NiAl reinforced with
10 and 20vs Al fibers respectively. ZExtrusion was performed with a large
die, which avdilled misalignment dus to CIPing. An increased number of
misaligned and agglomerated fibers is present in the composite with 20ws Al

A longitudinal section of NiAL-20vAAl,0; is ehown in Fig. 6a). Note ¢!
the sorphology of the fiber ends is either cdinical or square. This Lndl.cuu
that the alignment is not perfect. If 100 percent alignment existed, all the
fiber ends would be sqQuare if the section were cut in the plane of the
extrusion direction or conical if the section were not in plane. Por
comparieon, a microstructure of Al,Ta reinforced with 40vs Al , fabricated by
Anton (14) by hot pressing and loet‘.on.d at RPI ie lheun in Pi Gb). Sup‘uor
aligneent was obtained by the hand layup haique of A
to notice, from the microstructures in Pigs. 6 is the mnbn ot broken fibers
that result from powder processing. It appears that more fidbers are damaged
in caomposites fabricsted by PIN than by the hand layup technique.

vigures 4 through 6 indicate that reactive synthesis coupled with PIN is
a viable route for the consolidation of these composites. The effectiveness
of short fibers in improving the mechanical properties of Will was deteramined
by tensile tests. Tensile bars were electrodischarge sachined (EDM) from NiAl-
15v, HIP Bars. Tests were performed in air at a strain zate of 1.67x10°¢
oec’! a servohydraulic sachine. Results at 800°C, which is above the
ductile to brittle transition for ively ey ised Wikl (6] are reported
in Table IIl. Modest increases in strength resulted from the tibers, but the
ductility was asrkedly reduced. Practure surfaces for NiAl and the
composite are showm in lm 7a) and b), respectively. PFiber pullout is
prevaleat in the composite, with some fibers being :ouuy separated from the
satriz. It appears that at this temper a weak 4 face exists between
the fidber and asatrix. However, 4 eotrong interface is reqQuired for
strengthening & ductile matrix by a brittle fiber. DBelow the ductile to
brittle transitioa (<1oo'c) {6), WAL fails by brittle cleavage (Fig Sa). The
stress~-strain curve of the composite also resambled that of a brittle material.
However, fiber pullout was ocbesrved on the fracture surface (Pig. 8b). The
clam shell sarkings initiating from the fibers on the fracture surface suggests
that fiber failure caused fracture, indicating a etrong bond. Also, the
separation betwesa the matrix and fiber is not as extensive as it is at 800°C
(compare Pigs. 7b) and 8Dd), indicating that the strangth of the interface
increases with decreasing temperature. CompoOSite properties 4180 are governed
by the strength ot the fiber satrix interface. A wesk interface is necessary

r isprovements in toughness for a brittle fiber-brittle satrix composite.

15veAl by
injection molding plus

'“‘.l...‘.s .‘. ‘ ° KIPing.
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rig. s Cross eection of NiAl-Al composites produced by molding in a large
die plus HIPing. -)mvnfgﬂ,

B)20vAA1,0,.

rig. 6. Longitudinal section of composites produced by differing techniques
8)NiAl-Al,04, injection molding b)AlsTa=Al,0;, reactive hot pressing.

TABLE 11X

NIAI 15v% Al203 Fibers 142 163 3

NiAI 20v% TiB2 Particles 190 207 125




Pig. 8 Practure surfaces at 700°C a)WiAL BINLAL-1SvAAL,0, composite.

Included in Table III are values of strength and ductility for NiAl
reinforced with 20v8 T particles (llum in eize) fadricated Dy reactive
synthesis (6). It would appesar that 7T particles are more effective in
improving high temperature strength than thé short Al,0y fiber.

Mofldase Composites

The aicrostructure of MoSi, reinforced with 20vs Al is shown in Pigure
9. Due to lack of materisl only small specimsns coula produced by the
extrusion and CIP sethod. Rooa temperature hardness results indicate that Al 01
aight the toughness of MoSi,. The hardness isproved from 87.6 to 9&.
on the Rockwell "A" scale with the addition of the asligned fiders. Hardness
valuee for powdsr processed NoSi, have been reported to range fros 80 to 87
Rockwall "A° {1%,168]. Pig. 10a) and b) show the actual indentations. While
cracks propagated from the hardness indentation in the composite specimen, absent
were large craters of fractured material observed in the satrix. These results
indicate that the DuPont FP fibers may improve the fracture toughness of MoSi,.
Attempts to obtain fracture toughness values from Vickers hardness indentations
failed, as cracks did not peopagate from the indentations.
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Pig. 10 Sardness indentations in a)MoSi; Db)NoSiy-Al,0y

Ialidio Aase _Commoaites

This alloy is & two phase(e‘+y*) derivative of Ta. The sonolithic alloy
and its composites, see Pig. 11, -uo HIPed in stesl cans at 1230°,
172 MPa pressure for 2 hours. HNote that good alignment of PRD 186 Al tibers
is achieved, Pig. u-). but that scme agglomeration of fibers has occu rig.
11b) showe that the fibers and matrix do not significantly react with sach ethor
Compressive pcoperties of nrmm & composite with 10viAl particles (<Su )
are shown in Pig. 13. the particles streagthen aleo appear
toughen the aatrix. This surprising result, which cannot be attributed to a
grain retining effect, needs to be verified Dy further work. Tensile tests on
this system are planned for the near future.

DISCUSSION

Certain advantages and disadvantsges are inharent in powder processing.
T™he sost notable advantage is such lower ¢ temper than required for
mslting (even though exothermic resactions may drive the compact tasperature to
well above the melting point). In addition, powder proceesing is flexidle, in
that a range of sises and shapes can be produced froa either elemeatal powders,

prov.
malting precesses. With anisotropic alloys such & non-cubic NoSi, and Al,Ta,
cooling of powder compects with little or no crecking is possible, while arc
mmmotmuuy-mmucrnuu.

countecbalanced

Thees advantages are
of iacorperating impurities, especially oxygen, that can be very detrimeantal to
sschanical bshavior. Poroeity cas De & problam, Put ie usually ouu.y overcons
byl!lu. mtmmamwvzumpemu{ advantageocus
low temperzature estreagth and toughness, but is undesicable for good high




tempErature CCeep resistance. Neverthsless, the inherent versatility of powder
Processes has led to the many innovative techniques that have been applied to or

loped for intermetallic matrix composites. We shall now coneider specific
80pects of various processes described earlier.

Ssactive Sintering

The key to successful reactive consolidation is the use of fine powders,
the existence of a finite controllable exotherwm and the lack of formation of
intervening compounds (as in the Al-T§ system cited above). When full density
is not achieved by reactive sintering, subsequent consolidation by HIP can be
employed, although in these cases a single stage RHIP operation is wore
efficient. However, RHIP material tends to be lese homogeneous .

laisction Molaiog

Injection molding, coupled with resactive sintering or NIPing, has

to provide near perfect alignment and full density for NiAl, MoS and TaTiAl
composites. Howsver, the msethod suffers £Iom several shortcomings. Luc).ud
the need for tine spherical powders, proper selection of binder, complete binder
Temoval, and one or moré post extrusion steps. In addition, only short fiber
reinforcement is possible, and the fibers may be cracked during molding.
Nevertheless, the process offers the potential for near-net shape processing of
test wpecimens and of larger parts, such as turbine airfoils. The esffectivenese
of short fibers as strengtheners and toughnees enhancers has not yet been
demonstrated; tests are planned in the near future.

Quhez_Powdar Proceasing Iechalguas

We now consider other powder approsches to consolidation of WiAl and Mos
Satrix composites. The XD process developed by Martin Marietta has general'y
besn utilized to produce mulitiphase alloy Powders which are subsequently hat
preseed to full density. The pr can 1§ P both ard (strengtheaing;
and soft (toughening) phases of various eises. Norplu )gies ranging froe
whiskers to platelets can be obtained by APPropriite procesy control. The most
common reinforcement has besn TiB,, which has beea incorporated as 1 um disseter
particles into mstrices in the foth of & weakly bonded compact {17,18). Nowever,
other ceramic reinforcements: carbides, nitrides and silicides, have been
incorporated into Nd~Ti-Al matrices (19). After synthesis the samples usually
Are broken up, milled and then consolidated by hot pressing or NiPing [20]).

IWAII_

0 um

a) b)

749. 11 Micrestructures of nrm,-u,o, a)gensral croes section D)reaction-~
free interfaces.
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composite.

et al (21] have shown that random short fiber reinforcements of
(T4,W)B provide higher yield and creep strengths but lower ductility than
pu-u.eul.‘u reinforcements of T in TiAl~-base composites. In our own work, oa
NiAl, Table III, aligned fiders did not provide higher strength than particles.
since 15ve Al 02 fibers in NiAl were compered with 20ve TiB, particles in Table
11X, the ul& ve merit of particles vs aligned or random fibers of the same
reinforcemsnt cannot yet be established.

Potrovic and HNoanell (22) have extensively studied the esechanical
properties of hot pressed NoSi. reinforced with 8iC whiskers. The strength of
NoSi,-base composites can be further strengthened by alloying with WBL,. Antos
[14) has utilised vacuum hot pressing of reactive powders with continuous Al,0y
fibers to form full demsity composites that are stronger and tougher thea
unzeinforced Ta.

The ses described above have almost exclusively been applied to
composites strengthened by brittle ceramic particles or fibers. However, several
techniques have beea utilised to incorporate ductile particles, fibers or tubes
into a brittle MAtrix 80 48 to improve toughness. A few examples follow:

Not pressing of prealloyed powders has beea utilized to prepare ductile

al such as Siy-¥b (23], YTLAL-Ti-33aWNb (24] and HOSi,-Wd
[28). Pitser and Rammele (37) utilised WD wires to reinforce MoSi,. The latter
m:m-mmx,m powdezrs and prepege of Nb wiree, by a
sluzry techaique. The pr role of the was to reducs sintering
tempaTatures, but it aleo served to eliminate the (embrittlament) reaction.
Isproved bend was obtained with only one or two layers of the Wb-wire
prepegs on the teas oide.

A ocombinastion of ductile phase tougheaing and hard particle strengthening
has besa reported by Bardone {26,29). Thin-walled tubes of ductile metals have
been mixed with powders snd & binder to produce multiphase alloys capable of
stopping cracks Ln more than one direction. Composites of NiAl+B,C/304 tubes and
[ /M=188 tubee have been produced with substantial increases in

relative to the sonolithic matrices.

Several consolidation asthods have been described, with emphasis on
reactive processing and powder injection msolding. Densification during reactive
consolidation has been appliesd succesefully to several aluminides and has the
potentisl to be used for other intermetallic systems. PFull deansity often is
achieved only whan RIPing is amployed sudbeequent to Or coacurrently with reactive
sintering, especislly in systems with a weak ewothers or in two-phase systems.




phase systems. Reactive eintering is favored sleo dy the use of fine powders
and controlled atmospheres. Reactive NIPing of injection molded fibrous
composites is a fessible method of producing aligned intermetallic matrix
composites. Mec.anical properties of nm-rwseu prepared by reactive
synthetis compare wsll with properties achi by othar powder processes.
HoS1,-Al,0; short fiber composites are both asligned and fully dense after
Lajo;.'uc aclding and appear to be tougher than monolithic Mosl,. lInjection
201ding ie adaptable to other composite systems such as WiAl-Al,0y and TaTiAl,-
Al,05, but sechanical properties need to be determined.
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ARStIact

Several intermetallic matrix composites containing either
particles or short fibers have been consolidated by powder
metallurgical techniques. NiAl-TiB, particulate, NiAl-Al,0, and
Al,T,-Al,0, fibrous composites have been produced by reactive
sintering while MoSi,-Al,0, and TaTiAl,-Al,0, composites have been
tabricated by conventional prealloyed p/m techniques. Injection
molding techniques were utilized for the alignment of short fibers
in MoSi, and NiAl.

l._Introduction

Intermetallic compounds with low densities (<7.0 g/cm’) and
high melting temperatures (>1600°C) are attractive for potential
high temperature structural applications. However, before these
compounds can be exploited for this purpose their low toughness and
inadequate creep strength must be improved. Coaposite strength-
ening, in particular in the form of fibrous reinforcesent, is an
approach than can improve both toughness and creep strength. Thus,
the fabrication and properties of intermetallic matrix composites
are under intense investigation, as evidenced by a recent Materials
Research Society conference devoted to the subject (1].

To date, intermetallic matrix composites in our laboratory and
elsevhere have largely been fabricated by powder metallurgical
techniques. Both elemental powders (for reactive sintering or
reactive HIPing) as well as prealloyed powders have been utilized.
Most of these technigues have besn applied to aluminides, although
considerable attention has been devoted also to Mosi,. The
pmmﬂ:1 ies of alloys to be described in this paper are listed in
Table 1.

2. Raactive Processing

Our research has emphasized reactive sintering for foraing
several alumninides and their composites. Reactive sintering (J3,4)
involves reacting elemental powders to fora the desired compound.
Upon heating a powder mixture to the lowest ligquidus temperature
(commonly either a sutectic, or lﬂ.ting teaperature of one of the
constituents) a transient liquid forms. This liguid rapidly
spreads through the component, consuming the elemental powders and
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TABLE 1
PROPERTIES OF INTERMETALLICS STUDIED

Crystal Melting Density Modulus
Compound Structure Point °C g/cm® GPa
NiAl B, 1640 5.86 177-294
TaTiAl, DO, . 1800 =7.00 -
Mosi, Cu 2030 6.3 359
Al,Ti,Cr Ll, 1340w 3.37» -

* Values are for binary Al,Ti

precipitating a solid intermetallic compound. The driving force
for this process is the thermodynamic stability of the high melting
temperature of the intermediate compound. Consequently, these
reactions are exothermic in nature, which results in <the
temperature of the component being sintered to be markedly
increased. This process is spontaneous, self driving and persists
only for a few seconds. Like other transient liquid phase sintering
treatments the liquid provides a capillary force on the structure
which leads to densification [2]. However, if the solubilities are
unbalanced, swelling can occur, due to the formation of Kirkendall
porosity.

Reactive sintering has been applied in various forms to
produce composites based upon NiAl, Ni,Al, TaAl,, NbAl,, TiAl and
Al,Ti. In one variant, compound formation and densification is
achieved in separate steps by mnixing elemental powders, reacting,
grinding, compaction, and subsequent sintering. Variations on this
basic scheme involved hot pressing and pressure assisted sintering.
The current reactive sintering approach uses commercial elemental
powders, low processing temperatures, short process cycles with a
classic press and sinter <technology. Small particle sizes
generally prove most useful ([3].

d. _Particle-Reinforced Composites
NiAl-TiR,

To date, most work in our laboratory on reactive sintering of
composites has been carried out on the NiAl-TiB, systea. In
general, tensile or compressive strength is much improved by the
addition of up to 40veTiB,. However, toughening cannot be achieved
by the use of brittle particles.

Recently, we have noted an apparent "dispersion softening”
effect in NiAl-TiB, to which Hf has been added for solid solution
strengthening of the matrix, see Pig. 1. Note that although TiB,
strengthens NiAl, it weakens NiAl+Hf:; similar results have been
reported for XD NiAl/Ni,AlTi-TiB, composites, by Whittenberger et
al [4]).




The dispersion weakening phenomenon occurs in highly creep-
registant alloys between 0.3 and 0.7 T,. Edwards et al (5]
theorized that the particle-matrix interface becomes a source of
mobile dislocations which leads to the weakening phenomenon. The
creep resistance of NiAl has been markedly improved by alloying
with Hf, with creep resistance approaching that of Ni base
superalloys [6].
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[
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Fig. 1 Compressive flow stress vs. temperaturs for several
NiAl alloys.
TaTiAl. Rase composites

TaTiAl, is a two phase (o0’+y’) derivative of Al,Ts. e’
consists of Ta,Al alloyed with Ti, while vy’ is TiAl alloyed with
Ta. Prealloyed TaTiAl, powders were HiPed in 304 stainless steel
cans at 1250°C, 172 MPa pressure for 2 hours. The resultant
microstructure is shown in Pig. 2a. TaTiAl, reinforced with fine
(«5um) Al,0, particles also were consolidated employing the above
conditions (Fig. 2b). Compressive properties vs temperature for
these two alloys are shown in Fig. 3. Note that the particles
strengthen and also appear to toughen the matrix. This surprising
result, which cannot be attributed to a grain refining effect,
needs to be verified by further work. Tensile tests on this systea
are planned for the near futures.

4. Random Fibar Composites

ALTi-Base Composites

Al,Ti alloys were produced by RHIP conditions at 1270°C. Al, T4
is a tetragonal compound with DO,, Crystal structure. 1In order to
improve the chances for toughening of composites based upon this
alloy, 9% Cr was utilized to stabilize the fcc L1, structure.
X-ray results verified the achievement of this structure.




Compressive properties vs temperature for the intermetallic matrix
alone are shown in Fig. 4. Note that appreciable compressive
ductility is achieved even at 25°C, and that there is a sharp rise
in plasticity at temperatures above 500°C.

Fig. 2 Microstructures of a) TaTiAl, and
b) TaTiAl,/10v$ Al,0, particulate composite.
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The addition of random sholf fibers of FP Al,0, results in
ippreciable strengthening but severe loss of ductility at 25°C, see
‘1g. 5. At 600°C, fibers do not strengthen nearly as much, but the
juctility loss is again ve severe, also shown 8h Fig. 5. These
>pservations suggest* that domly oriented fiMWrs act as crack
-nitiators, thereby decreasing the load carrying_capacity of the
jatrix. Similar results have been obtained previgiikly with random
snort fibers of FP Al,0, in Ni,Al [7].
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Fig. 4: nigh temperature compressive properties of
A8, Cr.Ti,, RHIPed at 1250°C.

Aligned short fiber compasites chn Bade by combining powdar
injection molding (powder extrusion) w a subsequant reactive
sintering or HIPing cycle [8~-1 The nmethod consists of passing
a heated mixture of a polymeric 1ndc!', g astrix-in ez fOorm m

ped fibers through a tapered die to achieve alignment..:

ique has besn applied to ¥iAl, MoRi, and_Al,Ts bese
runtorcod with Al,0, fibers. !xp-umt‘n “details are ttld
elsevhere {10]. Suffice it to notq here that conplc:o bindes
removal is critical to avoid contaminatésn of the alloy.

Extrusion is performed at~tEmperatures above the softening
point of the polymer binder. With the proper.die design
shapes can be fabricated. However, the major shortcoming of the
method is that continuous composites cannot be prifiuced.

NiAl Rase Compositas

NiAl reinforced with IHEiAl,0, tiboragn produced by
extrudingsiron a.small die and CIPing the wir ether. Porosity




remainsg in the microstructure after reactive sintering, indic-zing
that pressure is necessary to consolidate the composites. . HIP
cycle proved sufficient for densification, see Fig. 6. An
increased number of misaligned and agglomerated fibers was present
in a composite with 20v% Al,0,.

The effectiveness of short fibers in improving the mechanical
properties of NiAl was determined by tensile tests. Tensile bars
were electrodischarge machined (EDM) from NiAl-15v8% Al,0, HIP bars.
Tests were performed in air at a strain rate of 1.67x10" sec™ on
a servohydraulic machine. Results at 800°C, which is above the
ductile to brittle transition for reactively synthesized NiAl ([11]
are reported in Table 2. Modest increases in strength resulted
from the fibers, but the ductility was markedly reduced.

1000 -~ 20.0
= 800 * —{i60 T
o &
g O on25°C 3
& & ® 0n600°C —{120 3§
PSS Atn.ZS’C (7))
R 400 4 ¢.800°C =
N e =
(=] -]
200~ 40 &
0
0 10 20 30 40°'°

Al,0, Fiber v/o

Fig. S: Compressive properties of Al,Cr,Ti,/Al,0, REIPed at 1270°C
and tested as function of volume fraction of Al,0, fibers.

MoSi. Base Composites

The microstructure of MoSi, reinforced with 20vS§ Al,0, is shown
in Pig.7. Due to lack of material only small specimens could be
produced by the extrusion and CIP wmethod. RoOm temperature
hardness results indicate that Al,0, might improve the toughness of
MoSi,. The hardness improved from 802 to 952 Vickers, equivalent
to 87.6 to 90.2 Rockwell "A®" with the addition of the aligned
fibers. Hardness values for powder processed MoSi, have Dbeen
reported to range from 80 to 87 Rockwell "A" (12,13). While cracks
propagated from the Rockwell "A" hardness indentation in the
composite specimen, large craters of fractured material observed in
the matrix were absent. These résults indicate that the DuPont FP




fibers may rmprove the fracture toughness of MoSi,. Attempts to
obtain fracture toughness values from micro hardness indentations
failed, as cracks did not propagate from the indentations.

TABLE 2
. . Lvely I 1 NiAl )
somposites - 800°C
Oye uTs Reduction in
{MPa) {(MPa) Arsa (%)
Nial 135 154 14
NiAl=-15v%Al,0, Fibers 142 163 3
NiAl-20%% T$B, Particles 190 207 12.5
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6. Discussion

Certain advantages and disadvantages are inherent in powder
processing. The nmnost notable advantage is much lower furnace
temperatures than required for melting (even though exothermic
reactions may drive the compact temperature to wvwell above the
melting point). In addition, powder processing is flexible, in
that a range of sizes and shapes can be produced from either
slemental powders, which are cheap, Or prealloyed powders, which
are not. Also, the powder process provides finer grained, more
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homogenecus material than can be achieved in most melting
processes. With anisotropic alloys such as non-cubic MoSi, and
Al,Ta, cooling of powder compacts with little or no cracking is
possible, while arc meited buttons of these alloys are prone to
cracking.

These advantages are scmewhat counterbalanced by the increased
likelihood of incorperating impurities, especially oxygen, that can
be very detrimental to mechanical behavior. Porosity can be a
problem, but is usually easily overcome by HIPing. The fine grain
size inherent with powder processing is advantageous for low
tenperature strength and toughness, but is undesirable for good
high temperature creep resistance. Nevertheless, the inherent
versatility of powder processes has led to the many innovative
techniques that have been applied to or developed for intermetallic
matrix composites.

The key to successful reactive consolidation is the use of
fine powders, the existence of a finite controllable exotherm and
the lack of formation of intervening compounds. When full density
is not achieved by reactive sintering, subsequent consclidation by
HIP can be employed, although in these cases a single stage RHIP
operation is more efficient. However, RHIP material tends to be
less homogeneous.

Injection molding, coupled with reactive sintering or HIPing,
has proven to provide near perfect alignment and full density for
NiAl, MoSi, and TaTiAl, composites. However, the method suffers
from several shortcomings. These include the need for fine
spherical powders, proper selection of binder, complete binder
rezoval, and one or more post extrusion steps. In addition, only
short fiber reinforcement is possible, and the fibers may be
cracked during molding. Nevertheless, the process offers the
potential for near-net shape processing of test specimens and of
larger parts, such as turbine airfoils. The effectiveness of short
fibars as strengtheners and toughness enhancers has not yet been
demonstrated; tests are planned in the near future.

2. Summary

Several powder consolidation methods have been described, with
emphasis on reactive processing and powder injection molding.
Densification during reactive consolidation has been applied
successfully to several aluminides and has the potential to be used
for other intermetallic systems. Full density often is achieved
only when HIPing is employed subsequent to or concurrently with
reactive sintering, especially in systems with a weak exotherm or
in two-phase systems. Reactive sintering is favored also by the
use of fine powders and controlled atmospheres. Reactive HIPing of
injection molded fibrous composites is a feasible method of
producing aligned intermetallic matrix composites. Mechanical
properties of NiAl-TiB, composites prepared by reactive synthesis
compare well with properties achieved by other powder processes.
MoSi,~Al,0, short fiber composites are both aligned and fully dense
after injection molding and appear to be tougher than monolithic
MoSi,. Injection molding is adaptable to other composite systems
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such ¥s. NiAl-Al.0, and TaTiAl,-Al1,0,, but mechanical properties need
to be determined. Al,Ti,Cr is strengthened by random Al,0, fibers,
but compressive ductility is sharply reduced.
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CONSOLIDATION AND MECHANICAL BEHAVIOR OF INTERMETALLIC MATRIX
COMPOSITES
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ABSTRACT

Composits strengthening is being investigated in an attempt to improve the
mechanical behavior of high melting tempersture  (T_> 1600°C) intsrmetailics. NiAI/TiB.,
NiAl/ALLQ,. MoSi/ALO,, and TaTiAl/AlO, particulate or fibrous composites have been
tubricated successfully by powder metallurgical techniques. NtAl matrix composites were
consolidated by reactive synthesis techniques. while MoS . «nd TaTiAl, matnix
composites  wers consolidated by conventionsl preslloyeu ~owder metallurgicsl
techniques. The powder injection molding techniqus has been ¢v..udted for the alignment
uf short fibers in thess matrices. Presented aure results of tension and compression tests
performed on these composites.

INTRODUCTION

Intermetallic compounds are being studied ss possible high tempersture,
oxidution resistant structural materials forasrospece and turbine applications. Aluminides
and silicides are particularly attractive, with high melting points, low density, high strength,
good corrosion and oxidation resistance, noastrategic eclements, and relatively low cost.
In some cases thess intermetailics exhibit improved strength with ‘smpemature (1). Must
importantly, recent research has demonstrated improved dJuctility in some intermetailic
systems (2-4). Thus, fabricability and reliability have been improved. leading t0 new
interest 1n the use of thess compounds as matrices for composites.

Melt processing techniques have proven successful for the fabrication of fibrous
reinforced intermetallic matnx composites (S-10). However, us the melting tempersture of
the matnx increases, powder methods for consolidation of composites become more
sttractive. Powder metallurgical techaiques have besn successfully applied 1o fabricate
aligned, continuous fibrous reinforced intermetallic matrix composites, us has been
demonstrated in the Ti,Al + NWSIC(SCS-6) (11) and AL, Ta/ALO, (DuPort PRD-166) (12)
composites.  This psper reviews various powder metallurgical techniques for the
fabrication  of intermetallic matrix composites. Resctive processing as well as
conventional prealioyed powder metallurgical techniques are considered for consolidation
approuches.  Powder injection molding can be employed (0 slign short fibers in various
matnces. The effectivensxs of hoth fibers and particles in strengihening thess compounds
also is discunsed.
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BACKGROUND

Reactive sintenng involves formation of a transient liquid phase (13.14). The intal
compact 1s composed of mixed clemental powders which are heated to a temperature
where they react to form a compound product. Often the reaction occurs on the
formaton of a first liquid. typically a eutectic lhiquid at the interface between contacnng
particies. Fig. 1shows a schematic binary phase diagram for a reactive sintenng system,
where a stoichtometnc mixture of A and B powders s used to form an intermediate
compound product AB. Atthe lowest cutectic temperature a transient hquid forms and
spreads through the compact dunng heating.  Heat s hiberuted because of the
thermodynamic  stabiity of the high melting temperature compound.  Consequently.
reactive sintenng 1s nearly spontaneous once the liquid forms. By appropriate selection
of temperature, particle size, green density and composition, the liquid becomes  seif-
propagating through the compact and persists for only a few seconds. Like other
transient liquid phase sintering treatments, the liquid provides a capillary force on the
structure which leads to densification (13). However, if the solubilities are unbalanced.
swelling can occur due to the formauon of Kirkendall porosity. If isostauc pressure 1s
applied duning consolidation the process 1stermed reactive hot 1sostatic pressing (RHIP).

In injection molding a mixture of powders, short fibers and a binder s extruded
through a tpered die to achieve fiber alignment, (15). Extrusion must be performed
above the softening temperature of the binding. After extrusion the bunder 15 removed
(thermaily or by wicking action) and the compact s consohidated to approximately full
density.  Apart trom the alignment of fibers, which is achieved only when the particles are
small 1n diameter, this process offers the possibility of producing complex P/M pars.

reactive
sintering final composition
A+B+AB 4
: L
I W, Y A V. N P
. ' temperature
5 H
3 AB
5| '
)
(]
s :
[}
i
1]
. _
A composition 8

estart with a mixture of A and B powders
o finish with o sintered compact of AB compound

Fig. | Schematic of a binary phase diagram.
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However. the pnncipal disadvantuges are the difficultyof complete binder removal and the
inability to produce continuous fiber reinforced composites.

Three intermetallic compounds  have been studied as matrices: NiAl, MoSi, and
TaTiAl,. NiAl (ordered B2 crystal structure) was chosen partly because of a large body
of literature that exists detaling the properties of this compound. Therefore,
measurements  of properties can be compared to previous results. Also, besides a high
melting temperature (1640°C) and low density (5.86 g/cm’). NiAl exhibits excellent
oxidation resistance. Depending on factors such as grain size, deviations from
stoichiometry. strain rate and impurity content, the ductile to bnittle transition has been
reported 10 be between about 400 and 600°C (16). MoSi, (ordered noncubic Cllb
crystal structure) warrants study due to its melting point alone (>2000°C). It possesses
a low density (6.3 g/cm’) and has useful oxidation resistance to 1700°C; however it
exhibits the pest phenomenon below 600°C. The ductile to brittle transition temperature
of MoSi, 1s approximately 1000°C (17). The properties (25.26) of the ternary alloy TaTiAl,
are as follows: TaTiAl, is a two phase alloy consisting of a’plus v/ o‘is Ta,Al alioyed
with Ti while y-is TiAl alloved with Ta. The melting temperature of this alloy is near
1800°C, and the density 1s approximately Tglem’, TaTiAl, exhibits excellent oxidation
resistance up to and above 1500°C.

In this study NiAl matrix composites were fabricated by reactive synthesis while
MoSi, and TaTiAl, matnx composite were fubricated from prealloyed powders. Fibers and
particles were chosen on the basis of commercial avalability and literature citations
concerning  thermodynamic  stability.

EXPERIMENTAL PROCEDURES
Reuctive Processing of NiAl

Elemental Niand Al powders were mixed to 8 composition corresponding to Ni-
49 at % Al (30wt%Al). For particulate strengthened specimens the appropriate amount
of reinforcement phase was blended with the matrix mixture. Mixing was performed with
a turbula type mixer for one hour. The mixed powder was then cold isostatically pressed
(CIP) to 210 MPa in a cylindrical polycurethane mold bag. Specimens were then vacuum
encapsulated in 304 stainiess steel. Prior to encapsulation the specimens were
in vacuum at 300°C for 10 hours. RHIP conditions were 172 MPa,750°C or 1200°C, for
one hour.

Consolidation of MoSi, and TaTiAl

Prealloyed powder tends not to CIP well; therefore, either loose powder was
poured into the HIP container and vibrated to allow for the loose powder to reach tap
density. or the powder was pressed into the HIP can directly, with the aid of a hydraulic
press. For TaTiAl, stainless steel cans were employed. The HIP conditions wers 1250°C
for two hours at 172 MPa. Owing to the high melting temperature of MoSi,, Tior Nb HIP
cans were utilized. Material placed in Ticans was wrapped with Ts or Nb foilto prevent
& rexction with the can. The HIP conditions were either 1500°C or 1600°C for Tiand Nb
cans respectively and 172 MPa pressure for two hours.




injectic  moiding

- mform dispersion of fibers is necessary !.- maximum strengthening; therefore,
proper blending of the fiber and powder is crucial. The chopped fibers tended to
agglomerate, but the alcohol slurry was useful for dispersing the fibers. Appropnate
amounts of powder were then added to the slurry of fibers and mixed in a turbuls type
mixer for one hour. The alcohol was then allowed to evaporate. Volume fractions of
fibers ranged from 10 to 20 percent. The fiber powder mixiure was added to melted
binder while being mixed. For small quantities (SO g or less) mixing was performed by
hand using a stirning rod. For larger amounts a double planetary 1ype rotating mixer was
employed. Typical loading of the feedstock was 65 to 70% by voiume of solid (powder
plus fiber).

Atapered die used for fiber alignment decreased in diameter from 1.27t0 0.15 cm.
The extruded “wires” 0.15 cm in diameter were carefully placed in a polyeursthane mold
and cold isostatically pressed (CliPed) at 208 MPa, to produce & cylindrical specimen 1.27
cm n Jiameter. This allowed for a sample of significant size 10 be produced. A hand
press was utilized for extruding from the dies which were preheated above the softening
point of the binder (90°C).

All samples were placed in (AlLO,) wicking powder and debinding was performed
in flowing hydrogen. The debinding cycle consisted of heating at 2°C/min to 450°C.
After 300 munutes the NiAl composites were allowsd to furnace cool. MoSi, und TaTiAl,
specimens  were heated at 10°C/min to 1200°C und held for 60 minutes before being
allowed 10 furnace cool. Afterdebinding, NiAl samples were placed ina vacuum fumace
and reacuively sintered at 700°C for 15 minutes. MoSi, and TaTiAl, specimens were
vacuum annealed at 1000°C for one hour. The samples were consohidated by HIP using
the cycles descnibed previously.

RESULTS

The exothermic reaction between Niand Al is so vigorous that melting and loss
of specimen shape commonly occurs during reactive sintering. As a consequence, it is
usually necessary (o mix 10 10 25% preslioyed powders with the elemental powders to
dempen the reaction. The optimum amount of prealloyed powder depends on panicle
size distnbution of the powder (18). Alternatively, an inert phase such as TiB.or AlL,O, (as
particles or fibers) can be used for the sams purpose. Pressure applied during the
reaction between Niand Al results in an inhomogeneous material, see Fig. 2. This
problem can be alleviated by resctive sintering, followed by HIPing (Fig 3). Various TiB,
puarticulute composites were then fabricated (10, 15, 20 und 40 v®). A typical
microstructure is shown in Fig. 4. Compressive yield vs. temperature for thess
composites are shown in Fig. 5. Tensile properties vs. temperature for NiAl and
NiAl/20TiB, sre shown in Fig. 5. Note that strengthening occurs even though the
particles are relatively coarse. Virtually no strengthening is observed from the particles
abuve 900°C.

Fig. 7 shows & typical microstructure of NiAl/1Sv% ALO, (DuPont FP) fibers
produced by mjecion molding. The tensile properties of this composite at 300°C,
compured to those of NiAl snd NiAl/TiB, sre shown in Tuble |. The fibers cuused
modest strengthening st the expense  of ductility.

Fig. 8a) and b) show the microstructures of TaTiAl, and TaTiAl/10v% AlO,
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particulate composite, respectively. Fig. 9 shows the compressive properties of TaTiAl,
and the particulate composite versus temperature. Somewhat surprising 1s the “apparent®
increase 0 strain to farlure with the addition of the parucles, even though there appears

to he no grain refinement 1n the microstructure of the composite.

R

00 pm

Fig. 2 RHIP NiAl Fig. 3 Reuctive Sintered and HIP NiAl

Fig. 4 Microstructure of NiAl reinforced with 20v% TiB,
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Fig. 9 Compressive strength versus temperaturs for TaTiAl, alloys.

DISCUSSION

Control over the exotherm associated with the formation of NiAl was attsined by
adding a high melting temperature particulate. to elemental powders. For the case of
monolithic NiAl, preslloyed NiAl powder was used to dilute the reaction. The application
of pressure during reactive sintering caused the transient liquid phase to becoms non-
umtormly dispersed, which led to the inhomogeneity. Similar inhomogeneities have been
found dunng HIPing in the presence of a liquid phans in the W-Nisystem (19).

Some of the strengthening with the addition of the TiB, particles to NiAl arises
from grain refinement. The grain sizes wers reduced from 30sm to Sxm with the addition
of the particles. A Hall-Petch analysis reveals the contribution of strengthening dus to
grain size (see Table 2). The remmining strengthening is attributed to the particles.

The “poor” elevated temperature strength of reactively sintered NiA/TiB,can be
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attributed to the largs TiB, panticles. NiAl/10v% TiB, powder produced by XD synthesis

was obtained from Martin Marietta Research Laboratories. XD is 3 proprietary in situ
process in which fine 1-3am TiB, perticles have besn dispersed in a vanety of
intermetallic matricss (21). This material was HiIPed &t RPI (1250°C, 2 hours, 172 MPa).
The XD microstructure has a finer TiB, dispersion than the resctively synthesized

material. Table 3 summarizes the mechanical behavior of thess composites st 25°C and
900°C. Clearly, fine TiB, particles sre more effective in sirengthening NiAl st elevated

temperature.

Both preslloyed and clemental powders were used to fabricate injection molded
specimens. However, experience revealed that elemental powders, which are spherical
in shupe, are less difficuitto extrude. The alignment produced by injection molding is not
as good as can be produced by infiltration or melt techniques (22).

Due to lack of McSi, powder. only small aligned composite specimens could be
fabricated by the extrusion technique. Room tempersture hardness results indicats that
A1,0, might improve the toughness of MaSi,. The hardness improved from $7.6 to 90.2
on the Rockwell “A°scale with the addition of the 20v% FP aligned fibers. Hardness
values for powder processsd MoSi, have haen reported to range from 30 to 87 Rockwell
*A"(23.24). Figure 10 shows the actual indentations. Whilecracks propagsted from the
hardness indentation in the composile specimen, absent wers large craters of fractured
material observed in the matrix. These results indicate that the DuPont FP fiber may
improve the fructure toughness of MoSi,. Attempts to obtain fracture toughness values
from Vickers hardness indentations failed as cracks did not propagate from the
indentations.

The compression behavior of TaTiAl.and TaTiAl/ALLO, particulats composites
is puzzling. To date, no plausible explanation exists for the apparent increass in ductility
with the addition of the particles, without any decrease in grain size.

TABLE 2
Contribution ot Geain Refinement 10 Room
JTamoerature Comorasaive Yield Streas
Grain Size (xm) Yisid Siress (MPa)
NiAl (10% Prealioyed) 30 890
NiAl (10% Prealioyed) s 1000
Caiculated from Hall Petch*
NiAl (10% Prealioyed) s 1080
15 Voi% TiB2
NiAl (10% Prealioyed) s 1380
20 Voi% TiB3
Hall Peich siope fram Schulsoni20)




ROOM TEMP XD compression 1180
RS compression 1160

900°C X0 tension 143 183 F ]
RS ftension %S 824 14

Tensile tests performaed in Vacuum, at a strain rate of 1.67x10°4 sec!.
Comipression tests performed in Air st a strain rate of 3.3x104 sec-!.




CONCLUSIONS -

Intermetnilic matrix components based upon NiAl, MoSi, and TsTiAl, may be
produced by several powder techniques. Random fibers or particles can be incorporated
by reactive sintering or HIPing of either prealloyed or clemental powders. Alignment of
short fibers is achievable by powder injection molding, fuli consolidation is thea
accomplished by HiPing. Preliminsry mechanical propertiss measuremenis indicate
strengthening  due to fibers or particles, but littieor no toughening can be achieved
without ahignment of fibers.
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ABSTRACT

Powder Ingl:on Molding or binder assisted extrusion allows for the alignment of
discontinuous fibers in a powder matrix. This technique has been applied to produce
composites in various intermetallic matrices (NiAVAl203, MoSip/Al203, MoSi2/SiC and
TaTiAly/Al703). Tensile test results indicate that dnsconnnuous Al703 (DuPont FP) fibers
will not toughen NiAl. However, cracks pro from hardness indentation indicate that
Al01 fibers (DuPont FP) may toughen M iz and a‘l'iA!z

INTRODUCTION

Many intermetallic compounds possess desirable properties for high temperature
applications such as low density, high melting point, ductility ate temperatures and
oxidation resistance. However, inadequate creep and fracture resistance of these intermetallics
must be improved before they can be exploited for such purposes. Fibrous reinforcement can
mprovebomﬁacmmmughmssmdcmpmmﬂnmfm.mmnlhccompomdsm
emerging as potential matrix materials for elevated temperature structural composites.

Nwwmmmdwfmpmmgmwmlmgmmmmm
processing is performed in the solid state. Powderwchmquusuchas.ﬁowdercloth[l].
powder infiltration [2] have beenapphedstmessﬁxllyforfabrmnng igned continuous
reinforced intermetallic-matrix ‘Re wder cloth technique consists of
mterspemngclod\sofpowderwnd\ﬁbernpes. cloths are produced by rolling the
powder with binder into thin sheets. Consohdauonubybotpmng.ﬂumhmqmu
s gt paciment, t g conoldision by to prestng agglomeration of fbes

uce larger specimens, but g consolidation pressing tion 0 is
common (for instance see Fig. 2. in ref. 2). This agglomeration tends to degrade the
mechamcalpmpunesofthecmum

o Comp:n produced by mwdenn?lnm‘“ﬁm “t:m:ol
extrusion. tes are mixing ¢ with a polymer
binder. The mixture is heated above the sofmmgpmntofdnm‘rhehwedmmu
then either extruded through a tapered die or injected into a mold cavity. The binder is then
removed and the composite is consolidated. The result is a composite that has aligned
discontinuous fibers and in the case of the injection molding, near net shape.
: This paper describes ongoing research aimed at determining the effects of processing
variables and the mechanical properties of po wderos;ecnonmldedmmmcmm
composites based upon the mnenmlhcs NiAl, MoSi3 and TaTiAlp

Materials Engineering Department, Rensselaer Polytechnic Institute, Troy, New York,
12180-3590.




SYSTEMS INVESTIGATED

Table 1 lists some properties of the the three matrices employed in this study. All three
compounds have high melting temperatures(>1600°C), low density (<7 g/cm3) and each has
excellent oxidation resistance. Note that TaTiAlj is a two phase material, consisting of ¥

(TiAl alloyed with Ta) and o/ (TazAl alloyed with Ti). In this study NiAl matrix composites
were consolidated by reactive synthesis techniques and MoSi3 and TaTiAl3 by conventional
prealloyed powder metallurgical techniques. Reactive synthesis consists of reacting elemental
powders together to form the compound. This technique has been employed successfully to
produce NiAl and NiAl matrix composites {3]. Two types of fibers were employed in this
investigation: DuPont FP Al303 fiber and Avco-Textron SCS-6 SiC fiber. Composites

produced were NiA/A1yO3, MoSiz/A1203, MoSiz/SiC and TaTiAly/Al,03.

FABRICATION PROCEDURE

Table 2 lists the characteristics of the fibers and powders employed for this study. The
fibers were chopped manually and had aspect ratios of 10 to 100. The fibers were dispersed
into the powder by mixing in alcohol. The fiber, powder and alcohol slurry were mixed in a
turbula type mixer for 1 hour, after which the alcohol was evaporated. The powder plus fiber
mixture was then added to melted binder. The binder used in this study is based on low
molecular weight polypropylene and paraffin wax whose exact composition is proprietary.
For small quantities of powder and fibers (50 grams) mixing was performed by hand in
stainless steel crucibles. For larger quantities (200 grams) mixing was performed with the aid
of a double planetary type mixer, again in stainless steel crucibles.

For small quantities of powder and fiber the die used for alignment decreased in
diameter from 1.27 t0 0.15 cm. Extrusion was performed with a hand press from a die
preheated to above the softening point of the binder (90°C). The extruded wires were
carefully placed in a polyeurethane mold and cold isostatically pressed (CIP) to 208 MPa.
This allowed for a cylindrical sample 1.27 cm in diameter to be produced. For larger

uantities the extrusion die was tapered from 5.08 to 1.27 cm in diameter. This avoided the
ing stage. Also, near net shape tensile and bend bars (Fig. 1) were produced with a
reciprocating screw-type injection molding machine.

All samples were placed in Al;03 powder to remove the binder by wicking action, and
debinding was gerformed in flowing hydrogen. The debinding cycle consisted of heating at
2°C/min to 450°C and holding at temperature for 4 hours. NiAl matrix composites were
heated in vacuum (10~5 Torr) to 700°C to allow for the Ni and Al to react to form NiAL
TaTiAly and MoSi) were presintered in vacuum at 1200°C for 1 hour.

Consolidation of all the samples was carried out by: Hot Isostatic Pressing (HIP). NiAl
and TaTiAl composites were vacuum encapsulated in 304 stainless steel and HIPed at
1250°C at a pressure of 172 MPa for 2 hours. Owing to its higher melting tem .,
MoSij composites were HIPed in titanium cans at 1500°C at a pressure of 172 MPa for 2
hours. To prevent a reaction between the can and MoSi3, the specimens were wrapped in
tantalum foil prior to encapsulation in the can. In an attempt to prevent cracking due to
thermal expansion mismatch depressurization and cooling were carried out slowly (from
temperature to 300°C in 60 min. with pressure decreasing only as a result of decreasing
temperature; over the next 60 min. depressurization to atmospheric pressure and cooling to
room temperature occured).

RESULTS AND DISCUSSION
Figures 2a-c) show microstructures for TaTiAly/10v% Al203, NiAV/15v% Al03 and

MoSiy/20v% AlyO3 composites, respectively, produced by extrusion in the small die. Note

that the alignment appears to be good in all three composites, even though the morphology of
the powders used was different; spherical for NiAl as opnosed to irregular for TaTiAlj and




MoSi). This indicates that the technique is widely applicable to various powder shapes.
German and Bose [4] report that in an Fe/Al;03 composite, alignment of the AlZO3 fibers
was superior when spherical Fe powder was smaller in diameter (Sum) instead of larger
(70um). Clearly, powder size plays a larger role in alignment than does powder
morphology. However, powder morphology can effect the rheological behavior of the
feedstock during extrusion or injection molding (5). Since many intermetallic powders are not
available in small sizes, the elemental pov-der approach of regctive synthesis for consolidation
appears ideally suited for coupling with binder assisted extrusion or injection molding.
Elemental powders tend to be readily available in small sizes.

The effect of fiber volume fraction is assessed in the microstructures shown in Fig 3a)
and b). These NiA/Al03 composites were produced from the large die; therefore,
misalignment due to CIPing has been avoided. Note that agglomeration and misalignment
appears to increase at the higher volume fraction of fiber loading. This is a major detraction of
this technique, since the volume fraction of fibers that can be aligned appears to be limited.

Figure 4 shows an as HIPed microstructure of MoSiy with aligned SCS-6 SiC fibers
produced from the small die. Note that the cracks propagate radially from fiber to fiber. This
has been auributed to the mismatch between the coefficient of thermal expansion of the fiber
and matrix (6]). However, note that these fibers also appear aligned, indicating that large
diameter fibers also can be aligned by the binder assisted extrusion or powder injection
molding technique. ,

One advantage of powder injection molding is that near net shapes can be produced (as
shown in Fig. 2). Fig. 5 shows various views of the fibers flowing with the powder and
binder in the the screw-gate-runper section of the die. The fibers appear to follow the flow of
the binder-and powder around thé corners well. Fig. 6 shows a cross section of an
NiAl/10v% AlO3 tensile bar in the as reactive sintered condition; pores are clearly visible.
The alignment of the fibers in the gauge section of the tensile bar appears satisfactory. In the
bend specimen the alignment of the fibers was unsatisfactory. Clearly, a key to alignment
coupled with near net shape processing is for the die to be designed so that flow of the
feedstock always converges.

Table 3 compares the tensile properties of NiAl/15v% Al;03 with monolithic NiAl and
NiAl20v% TiB3 particles produced by reactive synthesis[3]. The results indicate that short

FP fibers will not toughen this matrix at low temperatures, and are not as effective as particles
in improving elevated temperature tensile strength. Fracture surfaces show limited pull out at
700°C (Fig. 7). At 800°C (Fig. 8) extensive decohesion between the fibers and matrix has
occured. However, both the length of fibers and the strength of the fiber/matrix interface
plays a role in the composite mechanical bzhavior. To date, no reported tensile tests on
continuous aligned NiAVFP Al201 fibers have been reported. Therefore, it is unclear if the
short length of the fibers or the interface is causing the poor mechanical response of the
composite samples.

Figures 9a-c) show hardness (Rockwell "C") indentations in TaTiAly, TaTiAly/10v%
Al203 particulate composite and an TaTiAly/10v% Al>O3 aligned fibrous composite,
respectively. Note the large craters of fractured material adjacent to the indentation in the
monolithic and particulate specimens. In the fibrous composite specimen, cracks propagate
from the indentation, but no large craters of fractured material are visible. This indicates that
the fibers do, in fact, impede crack propagation and may improve fracture toughness. MoSiy
and an MoSi/20v% Al03 aligned fibrous composite displayed similar behavior. Large
craters of fractured material existed adjacent to hardness indentations in the monolithic alloy
but not in the fibrous composite. Clearly, further testing is warranted in the MoSio/Al203 and
TaTiAl)/Al203 systems to determine if the short aligned fibers will indeed improve fracture
toughness. It should be mentioned that in the monolithic NiAl alloy, while cracks propagated




from hardness indentation, no large craters of fractured material were present. In an
NiAV15v% fibrous composite cracks propagated around the fibers, yet no improvement in

toughness as disglayed in a stress-strain curve was detected when this composite was tested
in tension at 700°C.

SUMMARY

Powder injection molding has been successfully applied to align discontinuous fibers in
several intermetallic systems. Both small and large diameters fibers have been aligned. The
key to successful alignment appears to have been small starting powders. The morphology of
the powders has little effect on the degree of alignment. Tensile tests indicate that that NiAl
will not be toughened by discontinuous Al;03 (FP) fibers. Hardness indentations indicate
that the discontinuous FP fibers may improve fracture resistance in MoSip and TaTiAl).
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TABLE 1 '

SELECTIVE PROPERTIES OF INTERMETALLIC COMPOUNDS INVESTIGATED

Matrix Crysul Melting Density DBTT(°C)
Structure Point (°C) (g/emd)

NiAl B2 1660 5.86 400-600

MoSip Cllp 2030 6.30 1000

TaTiAb o/+y >1800 vi —




TABLE 2 .’

MATERIALS

Powder Source/Designation Shape Size

| Ni Novamev4sp-10 Spherical 3um
I Al ValimeyH-3 Spherical 3um
| MoSiz H.C.Stark/Grade C Irregular 4um
| TaTiAk Pratt and Whitney Mregular Sum
|

! ~

' Fiber Source/Designation

Alz03 DuPontFP 20um

SiC Avco-Textron/SCS-6 127um

TABLE 3

| TENSILE PROPERTIES OF REACTIVE SYNTHESIZED NiAl AND NiAl MATRIX
‘ COMPOSITES

TempCC)  Op(MP2)  OwsMPD) R.A(%)

NiAl 700 173 191 3
NiAl/15v®AL03 aligned fibers 700 196 196 0
NiAl20v%TiB particles 700 M 34 0
NiAl 800 133 154 14
NiAY/15v%Al203 aligned fibers 300 142 163 3
NiAl20v%TiB; particles 800 190 207 12.5

TENSILE BAR
DIE CAVITY

SPRUE/RUNNER/ ‘ —
BEND BAR
GATE DIE CAVITY

2cm

Fig. 1 Near net shaped specimens produced by Injection Molding
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Fig. 2 Cross sections of composites produced from the small die. (a)TaTiAlL/10v% AL,
(b)NiAI/15v% ALD, (c)MoSi,/20v% AL 0,.
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(3)NiAI/10v% ALO, (b)NiAl/20v% ALD,.

Fig. 3 Cross sections of composites produced {rom the large die

(2)

Fig. 4 Cross section of MoSi,/SCS-6 composite.
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Fig. 5 Various views of fibers in screw/gate/ runner section of injection molding die.

Fig. 6 Cross section of NiAl/15v% Al0, injection molded tensile bar.




Fig. 8 Fracture surface of NiAl/15v% Al,0, in tension at 800°C.
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Fig. 9 Hardness indentation in (a)TaTiAl, (b)TaTiALI0ve% ALO, particles sd
. (c)TaTiAl,/10v% fibrous composite.
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EFFECT OF DUCTILE PHASE REINFORCEMENT MORPHOLOGY ON
TOUGHENING OF MoSiz

D.E Aiman and N.S. Stoloff
~Matenals Engineenng Department. Hensselaer Polytechnic institute, Troy NY 12180

ABSTRACT

Niobium was added to MoSi2 in the form of particles, random short fibers and
continuous aligned fibers. It was found that the morphology of Nb piayed a role in the
toughening that occurred (as measured by the area under load displacement curves
from room temperature three point bend tests and the examination of fracture
surfaces). The Nb paricles did not toughen MoSi2. The random short fibers
appeared to toughen MoSiz via crack deflection along the fiber matrix interface.
Aligned fibers imparted the greatest toughness improvements, as toughening
resulted from fiber deformation. However. larger diameter fibers displayed a greater
ability to toughen MoSiz than smaller diameter fibers. This was attributed to the
constraint resulting from the interfacial iayer between the MoSi> matrix and the Nb
fiber. Maximum toughness occurs when the fiber is able to separate from the matrix
and freely deform.

INTRODUCTION

The attractive combination of low density (6.25 g/cm3), high meiting
temperature (2030°C) and excellent resistance to oxidation (up to 1700°C) makes
the compound MoSiz very attractive as a potential elevated temperature structural
material. Recent research employing MoSiz as a matrix material for composites has
resulted in improving the inadequate creep resistance and poor low temperature
fracture toughness of monolithic MoSiz. Petrovic and co-workers [1] have reinforced
MoSiz with SiC whiskers. The SiC whiskers markedly improved the mechanical
behavior of MoSi; at elevated temperatures. More importantly, the room temperature
fracture resistance of MoSiz has been improved by the addition of Nb fibers, first
reported by Fitzer and Remmele [2] in 1985. Room temperature fracture toughness
for MoSi2 with Nb fibers has been reported to be 12 MPasm1/2, compared to 3.3
MPasm'/2 for monolithic MoSiz2 (3]. These successes have generated enormous
research activity on MoSiz and other silicides over the past few years, as evidenced
by a recent workshop devoted solely to structural silicides [4].

Other researchers have published resuits on MoSia/Nb foil composites tested
in tension in situ in the scanning electron microscope [3.5]. In these studies, the Nb
foils would deform during testing. However, when powder-consolidated composites
with Nb filaments (3] or particles [5] were tested in bending at room temperature, the
Nb reinforcement showed limited ductility. The explanation for the behavior of Nb
was a combination of both embrittiement of the Nb by oxygen and the stress state
around the Nb reinforcement [5].

The goal of the present effort was to systematically study the role of Nb
reinforcement morphology on the mechanical behavior of MoSi2/Nb composites.
Thus, MoSiz was fabricated reinforced with Nb particles, random Nb fibers, ana
aligned Nb fibers with two different diameters.

EXPERIMENTAL PROCEDURE

The characteristics of the starting powders, particles and fibers are listed in




Table 1. The powders and particles were sized using a laser light Scattering
technique (microtrac) and shapes determined by viewing the powders or particles
with a scanning electron microscope. Short fibers were produced by manually
chopping the fibers to roughly 10 mm in length.

Particulate and random short fiber composites were produced by
incorporating the appropriate amount, twenty volume percent, of Nb with MoSisz
powder with the aid of a turbula mixer (mixing was performed for 60 minutes).
Continuously aligned composites were produced by a combination ‘hand layup-
infiltration technique described in detail in a previous publication [6]. Briefly, a Cold
Isostatic Press (CIP) mold bag was filled to half its capacity with MoSi; powder. The
fibers were layed up within the CIP mold, after which, the CIP mold was filled to
capacity with MoSi2 powder infiltrating the fibers. The amounts of powder and fiber
were determimed prior to layup and infiltration so to produce a composite with 20 v%
fibers.

The mixtures were then ClPed at a pressure of 241 MPa. Cylindrical CIP bars
were produced, approximately 25 mm in diameter and 65 mm long. CIP molid bags
were lined with Nb foil. The Nb foil had two purposes, first to prevent fragmentation of
the CIP bar, since MoSiz powder tend not to press well. Second to prevent a
reaction with the Hot Isostatic Press (HIP) cans and the MoSi2 powder during
consolidation. Specimens were vacuum degassed at 600°C for 10 hours and then
vacuum encapsulated in Ti HIP cans. Consolidation occurred by HIP at parameters
1350°C-172 MPa.

Smooth bar bend specimens (cylindrical, 6.35 mm in dia. by 38 mm long)
were produced by electrodischarge machining (EDM). All bend specimens were
containerless re-HiPed after EDM at 1350°C-172 MPa for 3 hours after which they
were mechanically polished though 0.3um Al203 powder. Room temperature three
point bend tests were performed at a crosshead velocity of 0.127 mm/sec. The
distance between the lower supports of the bend jig was 25.4 mm.

TABLE |

MATERIALS
[POWDER_|SOURCE/DESIGNATION [SHAPE __ [SIZE
MoSi2 H.C. Stark Grade C Germany | Angular 2um
Nb Teledyne -80 Mesh Angular 108um
FIBER SOURCE DIAMETER
Nb Teledyne 800 um
Nb NRC 400 um

RESULTS AND DISCUSSION

Typical microstructres of the consolidated composites are shown in Fig. 1.
Results of the bend tests are shown in Fig. 2. Note, that no toughening was observed
from the Nb particles. The maximum toughening (as measured by area under the
load displacement curves) occurred with the continuously aligned, large diameter
Nb fibers. Examination of fracture surfaces reveals that the Nb particles fractured by
cleavage and did not deform in the MoSia during testing. The graceful failure
exhibited by the random short fibrous composite resulted from extensive crack
deflection by decohesion at the Nb/MoSiz interface (Fig. 3a) for fibers that were oft
axis and for fibers which perchance happened to be on-axis (aligned perpendicular
to the motion of bending) by fiber fracture. For the small diameter continuous aligned
specimen the toughening mechanism appears to be fiber failure, with extra energy
required to either fracture or deform the fiber (Fig 3b). However, note from Fig. 3C
that both fiber failure and considerable separation between the fiber and the matrix
occurred with the large diameter fibers.




. Microprobe traces across the interface between MoSi2 and Nb indicate that
the size and chemical nature (mixed silicides) of the reaction layer were identical in
both the large and small diameter fiber composites. Oxygen traces across the
interfacg reveal similar oxygen contents in both fibers and even a lower oxygen
content in the Nb particles, implying that the Nb is not being embrittied by oxygen
during consolidation. Therefore, the differences in the observed mechanical
behavior of the composites cannot be attributed to differences in the
matrix/reinforcement interfaces that develop.

The results indicate that maximum toughening will occur when fiber
deformation is accompanied by fiber matrix separation (debonding), as occurred
with the large diameter continuous aligned Nb fibers. Similar observations have

Fig. 1 Typical microstructures of MoSia/20v% Nb a) Nb particles b) random Nb
fibers ¢) continuous aligned 400um dia.Nb fibers d) continuous aligned
800um dia. Nb fibers.




been noted for other brittle matrices reinforced with refractory fibers (SizNg/Ta (7]
and AlaNb/Nb(8)]). For tiber matrix separation to occur a critical fiber diameter must
be exceeded so that the fibers may deform. This critical diameter results from a
balance between the :nterfacial strength, which impedes fiber-matrix debonding and
prevents the fiber from deforming, and the load carrying capacity of the tiber. The
smaller diameter fiber did not exceed this diameter and thus failed without
debonding.

Fig. 4 shows a comparison of actual composite behavior to the calculated rule
of mixtures (ROM) behavior. Note, the actual composite behavior appears to be
superior to the calculated behavior. ROM calculations assume that once a crack
propagates through the matrix all load is transfered to the fiber; there is no
contribution of force necessary to debond the fiber from the matrix. The force
necessary to pull the fiber from the matrix results in an added energy required to
fracture the composite. This suggests that any coating applied to Nb fibers to prevent
a reaction with the matrix should be designed to provide some chemical bonding to
both the fiber and the matrix.
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Fig. 2 Results of room temperature bend tests on MoSi2/20v% Nb composites a)
monolithic MoSiz and MoSia/Nb particles b) MoSi2 /Nb fibers.




Fig. 3 Fracture surfaces of MoSi2/20v% Nb tested in bending at room temperature
a) random Nb fibers b) Nb continuous aligned 400um dia fibers ¢) No
continuous ahgned 800um dia fibers




Fig. 4 Comparision of calculated rule of mixtures (ROM) to actual composite
CONCLUSIONS

mechanisms that occured in MoSiz/Nb composites. The large diameter aligned Nb
fibrous composites had the highest toughness (as measured by area under a load
displacement curve) due to a combination of fiber deformation and separation at the
fiber-matrix interface.

phases when the reinforcement phase is able tc separate from the matrix and freely
deform. The behavior of these types of composites is very much dependent on
interfacial properties.
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ABSTRACT

NijFe is a compound that exhibits long range ordering below 500°C
and a disordered structure above that temperature. Thus, NijFe allows
study of the effect of ordering on the mechanical properties This paper
discusses the tensile properties of Ni3Fe produced via powder
metallurgy. Fabrication of NijFe started with elemental nickel and iron
powders that were solid state sintered followed by containerless hot
isostatic compaction. Ordering was done by heat treating at 470°C for 210
hours. Disordering was attained by heating to 800°C for 2 hours followed
by a water quench. Composites of NijFe with § v/o Y,0; were
prepared by pre-sintering cold isostatically pressed rods followed by
containerless hot isostatic pressing. Similar ordering and disordering
treatments were carried out on these composites to evaluate the effect of
particulate additions. Ordering of NijFe increases both strength and
hardness with a small affect on ductility. For the NijFe - Y50,
composite, the increase in the strength and hardness when the material is
ordered is accompanied by a loss in ductility.
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INTRODUCTION

This research is focussed on the effect sf long range order on the
properties of the NijFe intermetallic compound. A majority of the
intermetallic compounds for example, NijAl, FeAl, Nb3Al exhibit long
range order up to the melting point of the compound. Thus, it is
impossible to study the effects of ordering on the properties. This is
equally true for intermetallic matrix composites where the effect of
ordering has not been reported.

The compound NijFe has a L1, structure which exhibits long
range order below 500°C and is disordered at temperatures above that.
Thus, this compound offers the opportunity to study oraering effects on
the properties of a ductile intermetallic [1,2]. The addition of 5 v/o
Y703 to NijFe yields a composite whose matrix can be ordered or
disordered, allowing assessment of ordering effects on the composite
properties. Ir this study, Powder processing techniques have been applied
for the fabrication of ductile NijFe and a composite having NijFe as
the matrix. Tensile tests were performed on both materials in the ordered
and disordered conditions.

EXPERIMENTAL

The nickel-iron binary phase diagram is shown in Figure 1. An
alloy with a composition of 76.5 at. % Ni was chosen for this study. This
alloy is in the ordered phase field below 500°C and can be ordered by
proper heat treatments.

A mixture of carbonyl iron and nickel powders was used to fabricate
the compound. The characteristics of the elemental powders are given in
Table I. The powders were mixed in a Turbula mixer in 2009 batches and
die compacted into flat tensile specimens using a double action floating
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die. The die wall was lubricated with zinc stearate and the compaction
pressure was 300 MPa. The resulting compacts were 5mm thick, 645mm in
pressing area, and 5mm wide in the gauge section. These compacts were
sintered at 1410°C for lh in dry hydrogen (-42°C dew point). During the
last 10 min of sintering the atmosphere was shifted to dry argon (-48248C
dew point) to minimize hydrogen embrittlement [3,4]. These P+S (press and
sintered) samples were 95% dense with uniformly distributed closed pores.

Full density NizFe compacts were fabricated by cold isostatic
compaction of mixed elemental powders at 210 MPa to form 18mm diameter by
75 mm long rods These rods were given the same sintering treatment,
followed by containerless hot isostatic compaction (103 MPa in argon at
1200°C for 30 min). These 100 dense rods were machined into 4mm diameter
tensile bars with a 15 mm gauge length. Composites consisting of 5 vol. %
Y203 (15 um mean particle size obtained from Cerac) were prepared
from mixed powders using the same compact, sinter, hot isostatic
compaction, and machining sequence.

Disordered samples were prepared by heating in argon at 10 K/min to
880°C, holding this temperature for 2h, with a water quench. Ordering was
performed by vacuum encapsulating the specimens in glass with a Ir setter
and then soaking for 200h at 470°C. The degree of order was estimated at
0.95 [5].

All of the tensile tests were performed at room temperature in
tension using a crosshead speed of 0.12 mm/min. The fracture surfaces
were examined using scanning electron microscopy and typical
metallographic cross sections were prepared for assessment of pore and

grain structures.



RESULTS AND DISCUSSION
A. Material Evalyation

The resulting microstructures of the as sintered NijFe and the
hot isostatically pressed NijFe, with and without yttria particulate
reinforcement, are shown in Figure 2. Note the variation in magnification
necessary to account for the grain size differences. Figure 2a shows that
the sintered NijFe has a finer grain structure with an average grain
size of 80 um compared with 450 ;m for the hot isostatically pressed
material shown in Figure 2b. Moreover the sintered alloy exhibits a
uniform distribution of fine porosity of about 5 ym in size whereas the
hot isostatically pressed samples show a fully dense microstructure.
Therefore, it appears the HIP process has effective closed the remaining
porosity present in the as-sintered material. Pore elimination has
decreased the inhibiting effect on grain growth due to a pining of the
grain boundaries. The large increase in grain size has also probably been
favored by the relatively high HIP temperature.

The Y503 reinforced HIP NijFe has a finer microstructure than
the parent alloy (see Figure 2C). The dispersion of the yttria particles
within the NIjFe alloy appears to be fine and uniform. Density
measurements show that there is no essentially remaining porosity after
the HIP process. The large inhibition of grain growth observed in the HIP
reinforced NijFe i§ attributed to the fine oxide dispersion. The
ordering or disordering temperatures were too low to significantly affect
the scale of the microstructure beyond the growth during the sintering of
HIP treatments.

B. Mechanical Properties

The tensile properties obtained with the three different processing

4




conditions, in both ordered and disordered conditions, are listed in Table
I1. The ordered condition has a significantly higher yield strength and
ultimate tensile strength and only a slightly lower ductility than the
disordered condition. The engineering stress strain curves in Figure 3
graphically illustrate these trends and show that the onset of order also
increases the strain hardening rates. The increases in yield strength,
strain hardening rate, and ultimate tensile strength can all be associated
with ordering. Ordered alloys generally deform by the motion of
superlattice dislocations, resulting in intense planar slip and restricted
cross-slip, while disordered alloys show more diffuse slip. The fact that
ordering does not appreciably reduce ductility is rather unusual.

Behavior has been previously reported for NijFe (6,7). This compound
possess the L1, structure in its ordered state, i.e. a structure with a
sufficient number of independent slip systems to obey the Von Mises
criteria, and shows non-inherent brittleness, unlike other le
intermetallic alloys such as NijAl or Ti,CuAlg.

If the three alloys show similar trends in the effect of order on
the tensile properties the differences in microstructure give rise to
important variations in tensile behavior and fracture when compared one to
each other.

Porosity effect

By comparing date for both ordered and disordered alloys, either
HIP or P+S, it appears that the elimination of residual porosity results
in a significant increase in the yield strength but very little changes in
the ultimate tensile strength and elongation. This is shown by the
respective engineering stress-strain curves in Figure 3 a and b. The
strain hardening rate is nearly unaffected in the disordered condition,
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but is increased in the first part of the curve by the suppression of the
residual porosity in the ordered condition.

The onset of necking is increased in the case of the fully dense
HIP material. The strain begins to localize at about the same strain for
both the ordered and disordered NijFe. However, the disordered alloy is
able to avoid linkup to fracture until a larger value of total strain.
For the P+S specimens, strain is localized later than with the HIP
specimens. Once slip is localized, the porous NijFe quickly fails with
limited necking in both the ordered and disordered states.

The HIP treatment removed the residual porosity and gave a large
increase in the average grain size from 80 ;m to 450 ;m. Both
effects are responsible, for the observed changes in tensile properties.
Grain growth is responsible for lowering the strain at which necking
starts to occur since large grains promote shear instability process. The
limited necking of the P+S alloys is related to their porosity. On the
other hand, determining the mechanism involved in the observed increase of
yield strength through HIP is not so straightforward. The residual
porosity in the P+S alloys has two possible detrimental effects on yield
strength. Slip may initiate near the individual pores as plastic zones
form due to concentrated stresses, and thus leading to a lower flow
stress. The porous alloys may be regarded as damaged material in which
the observed flow stress is inferior to the effective flow stress of an
equivalent undamaged material. It is unlikely these effects related to
the porosity would have compensated and even overpassed the large drop in
yield strength that should have occurred with grain growth. A possible
explanation is that a substructure might be present within these large

grains after the HIP operation.




An increase in the porosity in the range of 2 to 5 percent voids
decreases the strength, but has a negligible effect on the tensile
ductility (8,9). Ductility is dependent on a shear instability process
involving the linking of a critical number of pores/voids and the path of
high void content. Therefore, due to the low probability of linking a
critical number of pores/voids to failure in materials with porosity in
the range of 2.5 to 5%, the ductility of the porous ordered and disordered
alloys is not affected.

Although the strain to failure is about the same for both the fully
dense alloy and the specimens with 5% porosity, the path to failure
results in different ductile fracture surface characteristics, as shown in
Figure 4. Examination of the fracture surfaces indicates that the ordered
and disordered material failed by a dimpled transgranular mode of
rupture. The mean dimple size seems to be the same for the porous ordered
and disordered conditions, and in both cases the residual porosity is
apparent at the center of the dimples. This suggests the dimples have
been generated by residual pores and indicates that residual porosity is
responsible for the limited amount of necking of these alloys. In the
fully dense material, the dimples are larger, especially in the case of
the disordered alloy which exhibited the larger amount of necking on the
stress-strain curve,

As shown in Figure 5, the very large grains in the fully dense
material show slip bands in the deformed grains near the fracture
surface. The ordered alloy exhibits the expected large amount of
planarslip (Figure 5a), while the disordered alloy shows diffuse slip
(Figure 5b).




Reinforcement effect

Comparisons between the unreinforced and yttria reinforced HIP
alloys (Table II), show that yttria has a major effect on the tensile
properties in both the disordered and ordered states; the yield stress
increases by 80 to 85 MPa and the ductility is reduced from near 40% to
approximately 10%. The strain hardening rate is also increased, this
effect being more pronounced for the ordered alloy. The fracture surface
are shown in Figures 6a and 6b. These exhibit a ductile dimpled
transgranular appearance, with smaller dimples than in the case of the
parent unreinforced alloy. In both conditions, most of the dimples appear
to be centered around the yttria particulates, and to some extent the
dimples are larger in the disordered condition.

The drop in ductility and the increases in yield strength and
strain hardening rate associated with the introduction of particulates is
commonly reported for oxide dispersion strengthened superalloys as well as
other intermetallic alloys (10,11). Thus, the yttria particles used as
reinforcement in this study strengthen the alloys mainly through their
inhibiting effect on grain growth. For particles of a 15 ym size the
contribution to strengthening by the Orowan mechanism is small (12).
Similarly, coarse dispersoids create problems of compatibility of
deformation and large stress gradients can be generated in their vicinity
(11). This accounts for the observed large drop in ductility and explains
dimples centered around the yttria particles on the fracture surface.
SUMMARY

The elimination of the last 5% residual porosity in NijFe
prepared by powder metallurgy has a large benefit to the yield stregnth.
With 5% residual porosity neither the tensile strength nor the elongation



are effected. In contrast, the inclusion of 5% Y,0; (15/m particle
size) in fully densified NijFe increases both the yield and tensile
strength, but degrades the elongation to failure. Comparisons between
mechanical properties in the ordered and disordered states for Ni3Fe and
the yttria reinforced NijFe brings up an important point concerning the
interaction between order and reinforcement. Both ordering and
reinforcement give strengthening with lower ductility. When considered in
terms of relative ductility loss, the ductility decrease between the
disordered and ordered states is more from the parent alloy to the
reinforced alloy. From Figure 6, the fracture paths of the yttria
reinforced alloy in both ordered and disordered conditions shows more
particulates on the fracture surface of the ordered alloy, suggesting
decohesion of the matrix/particulate interface is easier in the ordered
condition. The only effects truly related to this coarse particulate
reinforcement are on ductility and fracture. Thus, it appears that the
onset of order in a dispersoid alloy enhances the effects of the
dispersion on the tensile properties. This might be related to the
particular mode of deformation of ordered alloys, through the motion of
superlattice dislocations, resulting in intense planar slip and restricted
cross-slip.
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Table I
Powder Characteristics

Property Ni Fe Y203
vendor INCO GAF Cerac
designation 123 HP
purity, % 99.99 99.50
Fisher subsieve size, m 3 3.0
mean size, um 3 11 15
specific surface area, -2/9 | 2.19 0.88

.1 2.20
apparent density, g/c:l3 2.13
majior impurities (ppm) Ca(10) Ca(600)
Fe(30) A1(600)
S1(40) $1(300)
0(300)
Mn (2000)
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Table II

Mechanical Properties of Ordered and
Disordered NijFe Compacts

— disordered ordered

condition  YS.MP3  UIS.MPa EX YS,MPa  UTS,MP3 L%

p+s 11 490 43 180 627 3
HIP 172 487 43 247 627 37
5%Y,0; 250 513 14 333 649 10

YS = yield strength, UTS = ultimate tensile strength,E = elongation,
g+s * press and sinter, HIP = hot isostatic press, 5% Y,0; = HIP with
vol.
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Eigure Captions

3.

The binary phase diagram for the Fe-Ni system showing the NiFe
compound as being ordered below approximately 500°C.

Optical micrographs of the NijFe samples; a) press and sinter
(P+S), b)hot isostatically pressed (HIP), and c) HIP wityh 5 vol.%
yttria (5%Y,03), molybdic acid etch.

Engineering stress-strain curves for NIjFe compounds in both the
ordered and disordered conditions prepared by three routes; a) P+S,
b) HIP, and c) 5% Y,04.

Scanning electron microgrpahs of the fracture surfaces of the pressed
and sintered (P+S) NijFe compacts in the disordered (a) and ordered
(b) conditions, and HIP NizFe in the disordered condition.

Scanning electron micrographs of HIP Ni3Fe showing planare ship
bands in the ordered condition (a) and diffuse slip bands in the
disordered condition (b).

Scanning electron micrographs of the fractrure surfaces of HIP
NIyFe containing 5 vol. % yttria (Y,03) in the diisordered (a)

and ordered (b) conditions.
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PATIGUS/CAEXP INTERACTIORS IN BijAl-BASE ALLOTS

G.N. Camms, D.J. Duquatte and N.$. Stoloff
Materials Eagineeriag Departmsat
Rensselser Polytechnic Iastitute

Troy, Bew York 12180-3590

Strese-controlled fatigue tests and fatigue crack growth rate tests
respectivaly have been carried out om two Ni3Al Cr/Zr alloys, IC 218 at
600°C and 800°C, and IC 221 at 800°C, in vacuum, at various test frequen-
cies. Decressing the test frequency and/or increasing the temperature
leads to & decrease in the number of cycles to failure, and a gradual dis-
appearance of a fatigus fracture zome. In fatigue crack propagation tests,
the crack growth rate only decreases at .ae lowest frequency and remsins
constant in the major part of the frequencv range investigated. The fatigue
propagation mode in all cases is intergrenular. These trends are shown 1a
both cases to be related to a true creep compoment but, uader fatigue crack
grovth test conditions, crack blunting intervenes gradually as the frequency
is decreased, leading therefore to a less severs frequency effect.

Large improvements in high tempersture ductility hsve been achieved
in boron-doped NijAl through additions of chromium [1,2]. Creep/strese-
rupture proparties have been improved through additiocns of sirconium [2,3).
Simultaneously it has recently been shown (4) that these NijAl alloys
aleo have improved fatigue properties in terms of crack imnitiacions as well
as crack propagation. However, little work has been done on the creep-
fatigue behavior of NijAl alloys. This phenomenon, ia which during
cyclic stresses st slevated temperature, both fatigue snd creep demage
interact to reduce & specimen’'s fatigue life is of major incerest for
eventual high temperature applicatioms. In their recent study of a
directionally solidified WijAl (B,Nf) alloy, Ballows et sl. (5,6] have
concluded that thers ie¢ & very good {ntrineic creep/fatigue resistance at
450°C and 760°C under stress-controlled fatigue in vacuum. They were not
80 sure of the eventusl behavior of an equiaxed polycrystal NijAl since
some intergranular failures were noted. Also, s study of the fatigue crack
propagation behavior of a NijAl+l alloy containing sowe substantial addi-
tions of cobalt and hefnium, at 400°C, has eb o freq y effact on the
crack growth rate in vecuum, but a stromg dependence upon the frequency when
the tests are performed in air (7).

The purpose of the present work was to 1 tigate freq y effects
on the high temperature stress-controlled fatigue life and fatige crack
propagation properties of IC 218 and IC 221, respectively, two NijAl
B3/Cr/2r alloys, ia vacuwm. In the case of the IC 218 allcy, temperature
and stress-range vere additional experimental varisbles.

The IC 218 and IC 221 alloys wvers provided by Oak Ridge Natiocmal
Laboratory. Processing, chemical compositicns (at %), heat treatmencs
parformad on these alloys and the resulting grain sise are listed in
Table I.

et Ren. Soe. Symp. Fres. Vol 133, #1000 Mistertate Resasrsh Sosiety
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TARLE I
Composition (at %) Processing Heat Treatment Grain Size
(Vacuum<3.10°%Pa) (um)
Ni Al Cr Zr B
IC 218 Bal. 8.45 8.13 0.90 0.027 VIM Cast + 1050°C 1 hr + 16
extruded 800°C 24 hrs
IC 221 Bal. 9.01 7.97 1.77 0.020 HIPed + 1160°C 30 m + 8
extruded 800°C 24 hrs

Fatigue specimsns with a 3.0 sm dismeter by 11.3 mm long reduced cylindri-
cal gage section and compact tension specimens with We25.4 sm, B=3.0 mm
vere directly sachined from the IC 218 and IC 221 rods, respectively, prior
to heat treatment. Both alloys were tested in a closed loop machine under
stress-controlled fatigue, using a triangular vave function and a stress
ratio value R*0gin/Omax ©f 0.1, in a vacuum of less than 1.5 10”3 Pa. The
1C 218 alloy was tested at different frequencies ranging from 0.2 Hz to 20 Hz
at 600°C with A0=724 MPa and 800°C with A0=690 MPs as temperature and stress
range conditions, under stress-controlled fatigue. Fatigue crack growth
experiments were conducted on IC 221 specimens at a unique temperature of
800°C for different frequencies ranging from 0.02 Hz to 20 Hz, using a
calibrated direct current potential drop technique to monitor the instan-
taneous crack length.

Informations on fracture surfaces and crack morphologies vere obtained
by optical metallography and by Scanning Electron Microscopy.

Stress-Controlled Fatigue (IC 218)

The infl of freq y on the ber of cycles to failure at
600°C and 800°C is shown in Fig. 1. Data shov s permsnent decrease in
the number of cycles to failure for each ten-fold reduction in frequency
at the two temperatures investigated. The magnitude of this decrease
appears to increase at higher temparsture. For a given frequency, raising
the tempersture from 600°C to 800°C slso appears to reduce strongly che
fatigue life in terms of cycles to fsilure, in spite of the lower stress-
range used at 800°C. On the same figure also appear the data plotted in
terms of time to failure versus frequency: in this case, only the tests
run at 800°C exhibit a constant decrease of the fatigue life with the
frequency. Ductility, measured as reduction in cross-sectional area and
as the total elongation in the gage length after tests (Fig. 2) alvays
increases with decreasing frequency, vith the exception of the test per-
formed at 800°C/0.2 Hz vhere a plateau seems to be reached. The decrease
is greater at the lovest temperature, but the values obtained for both
elongation and reduction {n srea are such higher at 800°C than at 600°C.

The observed fracture mode varies with temperaturas and, to a lesser
degree, with frequency. Samples tested st 600°C exhibit surface-connected
crack initiation with a relatively flat initial intergranular crack propa-
gation zone, but the overall size of the fatigue zone decresses as the
freq y is decr d, see Fig. 3. At 800°C, no presence of & definite
fatigue zone is observed at asny of the three frequencies investigated.
Cracks always initiate internally with the major portion of the fracture
occurring by microvoid growth and coalescence, leading to the fracture
path exhibited in Pig. 4.
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Figure 1. Effect of frequency om Figure 2. Changes in ductility for
fatigue lives of IC 218 at 600°C IC 218 as a function of temperature
and 800°C {n vacuum. and test frequency.
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a) b)

Figure 3. SENM fractographs of

IC 218 ctested at 600°C

a) v =20 8s b) ve0.28:

e) Crack initfation and fatigue
zoue, v = 2 Hs




a) b)
Figure 4. a) SEM fractograph of IC 218 tested at 800°C/2 Hz
b) Higher magnification on the central region

Fatigue Crack Propagation (IC 221)

Results of crack growth experiments carried out at 800°C on IC 221
for a set of frequencies ranging from 0.02 Hz to 20 Hz are shown in Fig. §.
The rate aof crack growth is nearly insensitive to test frequency betveen
20 Hz and 0.2 Hz but increases at the lowest frequency of 0.02 Hz. When
the data are plotted as s function of the test frequency, under a given
cyclic stress intensity of AK=25 MPa/m (Fig. 6), the seme trend obviously
remsaine in terms of crack growth rate per cycle, da/dN, but the crack
growth rate calculated per time, da/dt, shows s consistent decrease with
a decrease in the tast frequency, even at 0.02 Hz.

The observed fatigue propagstion mode alvays remains identical to the
one exhibited in Fig. 7 st any of the frequencies investigated, i.e. an
intergranular path where the grain boundaries appear to be rounded and not
as sharp a» vhen an intergranular fsilure occurs under a tensile conditiom.
Optical micrographs taken on re-polished sides of broken specimens show an
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Figure 5. Crack growth rates da/dN Figure 6. The freq y depend

vs. AK for IC 221 at various of da/dN and da/dt for IC 221 at a
frequencies. given AK.
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Figure 7. SEM fatigue fracture Figure 8. Transverse optical
surface of IC 221 tested at 800°C/ fractograph of fatigue crack in
2 Hs. IC 221 tested at 800°C/0.2 Hz.

increased tendency for the occurrence of secondary cracks developing per-
pendicularly to the propagation direction as the frequency is decreased
(Pig. 8). Moreover, the fracture path itself appears more ervatic at lover
frequencies.

DISCUSSIOR

Decreased fatigue life and, to a lesser degree, increased crack propa-
gation rate for respectively IC 218 and IC 221 are noted as test frequency
is reduced. This behavior has been commonly reported in many systems and
has been related to a cresp interaction, an envirommental interaction and/or
the combination of the two (8,9]. Although vith the medium range vacuusm
used in this etudy environment effects cennot be neglected, the experiments
reveal considerable evidences for a true creep component.

1C 218 ctested under stress-controlled fatigue conditions exhibit at
800°C a fracture mode initiated internally by microvoid growth and coales-
cence st any of the frequencies employed. Limited fatigue zones decresse
in size as the frequency is lowered at 600°C. Moreover, the large increase
in ductility occurring with decreasing the fresquency at both temperatures
is particularly strong evidence for the role of creep in the fatigue process.
On the other hand, if creep alone was the principal mechanism for failure,
the time to failure wvould not be expected to be a function of frequency.
Thus, taking into account the evolution of the fracture mode and the ob-
served increase of time to failure with a decrease in the frequency (with
a lover amplitude at the lowest frequency), it is believed that, within
the stress range and frequency conditions used, creep starts to interact
at 600°C on a still predominant fatigue failure mode. At 800°C, the ab-
sence of a vell-defined fatigue zone on the fracture surfsce and the rela-
tively wveak frequency effect on the time to failure showv that creep is
largely predominant.

Patigue crack growth experiments conducted on IC 221 at 800°C result
in sn intergranular fatigue path at all of the frequencies investigated.
The relatively non angular shape of the grain boundaries {ndicates that
grain boundary sliding, i.e. & creep related mechanism, is largely in-
volved in the fatigue propagation mode. However, the wesk frequency effect
on da/dN and the persistent decrease of da/dt vith decreasing frequency, st
a given AK, suggests that a secondary mechanisa simultanecusly occurs. The
facressed tendency for the develop t of dary cracks with a decrease
in the frequency seems very likely to be this interacting phenomenon.




Thus, it is believed that creep plays a significant role in the FCP of
IC 221 at 800°C, but the development of secondary cracks countributes to
limiting any visible frequency effect.

Frequency effects on the high temperature behavior of two NijAl
B/Cr/2r alloys, IC 218 and IC 221, in stress-controlled fatigue and fatigue
crack grovth tests, respectively, have been studied at 600°C and/or 800°C.
Fractographic studies reveal that in both cases a creep component acts in
conjunction with the fatigue mechanisms, but frequency effects influence
wuch more the fatigue life than the fatigue propagation rates. The
relative role of crcop and fatigue on the fatigue life of IC 218 {s temper-
ature and freq dent, vith creep interacting more strongly as the
temperature is rattnd nnd/or the frequency is lowered. The increased ten-
dency for the development of secondary cracks vith a decrease of the fre-
quency during crack propagation of IC 221 contributes to limit strongly
frequency effects on the propagation rates.
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THE EFFECT OF ORDER ON HYDROGEN
EMBRITTLEMENT OF Ni,Fe
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Abstract—The susceptibility of a cold pressed and sintered Ni,Fe alloy to hydrogen embrittlement has
been investigated by means of room temperature tensile tests in air and with hydrogen charging in both
fully ordered and disordered conditions. Pre-charging with hydrogen and simuitaneous charging with
hydrogen resuited in a fracture morphology which ranged from a mixed transgranular/intergranular mode
to a totally intergranular depending on the type of exposure to hydrogen and the degree of ordering.
Associated reductions in the tensile elongations as well as in the ultimate tensile strengths were also
observed. Hydrogen diffusion along the grain boundaries led to intergranular fracture concentrated near
the surfaces of the alloy when cathodic pre-charging conditions were used, with a deeper penetration due
10 higher hydrogen diffusivity in the case of the disordered alloy. Susceptibility to hydrogen embrittement
has been found to be largely promoted by ordering under simultaneous charging conditions with a
resulting totally intergranular fracture. The results suggest that enhanced diffusitivity of hydrogen to grain
boundaries, associated with dislocation transport, occurs in combination with planar slip in the ordered
alloy.

Résumé—La sensibilité d'un alliage Ni,Fe, comprimé & froid et fritté, a la fragilisation par I'hydrogéne
est étudiee d I'aide d’essais de traction 4 température ambiante dans I'air et dans une atmosphére chargée
en hydrogéne dans des conditions d'ordre et de désordre parfaits. Le chargement préaiable et le
chargement simultané d’hydrogéne conduisent 4 une morphologie de rupture qui va d'un mode mixte
transgranulaire/intergranulaire @ un mode totalement intergranulaire selon le type d'exposition &
"hydrogéne et le degré d’ordre. On a observé des réductions associées pour les élongations en tension ainsi
que pour les charges de rupture. La diffusion de I'hydrogéne le long des joints de grains conduit & une
rupture intergranulaire concentrée prés des surfaces de I'alliage quand on a utilisé des conditions de
chargement cathodique préalable, avec une pénétration plus profonde due i une plus grande diffusivité
de 'hydrogéne dans le cas de l'alliage désordonné. On trouve que la sensibilité i la fragilisation par
I'hydrogéne est largement favorisée par I'ordre dans des conditions de chargement simultané avec une
rupture résultante totalement intergranulaire. Les résultats suggérent qu'il se produit une diffusiveité
renforcée de I'hydrogéne vers les joints de grains, associée & un transport par les dislocations, en
combinaison avec un glissement planaire dans 'alliage ordonné.

Zusammenfsssuag—Dic Neigung ciner kaitgepreBten und gesinterten Ni;Fe-Legierung zur Wasser-
stoffversprodung wurde mit Zugversuchen an Luft bei Raumtemperatur untersucht; dier Wasser-
stoffbeladung erfoigte im vollstindig geordneten wie auch im entordneten Zustand. Wasserstoffbeladung
vor und wihrend des Versuches fiihrte zu einer Bruchmorphologie, die von einer gemischt transgranu-
lar/intergranularen Mode vis zu einer vollstindig intergranularen Mode reichte, je nach der Art der
Wasserstoffexposition und dem Grad der Ordnung. Damit waren Verlingerung und
absolute Festigkeit im Zugversuch verringert. Die Diffusion des Wassersioffs entlang den Korngrenzea
flihrte zu einem intergranularen Bruch, der in der Nihe der Oberflichen der Legierung konznetriert war,
wenn vorher katodisch beladen worden war. Die Eindringtiefe des Wasserstoffs war wegen der hdheren
Wasserstoffdiffusivitiit in der entordneten Legierung grofer. Die Neigung zur Wasserstoffversprodung
wird unter sonst gleichen Beladungsbedingungen durch Ordnung stark wobei sich ein
volistiindig intergranularer Bruch ausbildet. Die Ergebnisse legen nahe, daB die verstirkte Diffusion des
Wasserstoffs an diec Komgrenzen, unterstiitzt durch Traansport entlang von Versetzungen, zusammen mit
planarer Gieitung in der geordneten Legierung auftritt.

INTRODUCTION

The susceptibility of long-range ordered intermetallic
compounds to hydrogen embrittiement, especially
those ordering in an L1, superiattice, has now been
well established [1-4]. Comparative studies per-
formed by Kuruvilla and Stoloff (1,4], who first
reported the effect, also have shown that embrittle-
ment is much more severe for ordered alloys vs.
disordered alloys of identical composition. Therefore,

it appears that long-range order, which has been
known to substantially affect the mechanical response
of intermetallic compounds, primarily through a
change in the dislocation configuration, enhances the
susceptibility of these alloys to hydrogen embrittle-
ment. Different theories explaining this behavior have
been proposed by several investigators, virtually ail of
them suggesting changes in the cohesive strength of
the grain boundaries, since the observed fractures
have always been at least partly intergranular in the
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presence of hydrogen. For example, Kuruvilla and
Stoloff have proposed that planar slip., which is
characteristic of ordered intermetallic compounds,
provides a rapid transport path of hydrogen from the
matrix to the grain boundaries and reduces the
cohesive strength of the boundary. Takusugi et al. 3]
have suggested that the hydrogen is channelled along
the grain boundary surfaces and/or the crack surfaces
from the sample surface and directly operates to
reduce the cohesive strength of the boundaries.

Since Ni;Fe is known to exhibit appreciable
ductility in both the ordered and disordered condi-
tions [S, 6}, i.c. there is no inherent brittieness of the
grain boundaries, it represents an ideal model alloy
for a study of the effects of order, and accordingly slip
character, on hydrogen embrittlement.

EXPERIMENTAL

An alloy of composition Ni-234 at.% Fe
(22.5 wt% Fe) was cold pressed and sintered using
clemental powders of nickel and iron. Sintering was
performed at 1410°C for | h, in successive gaseous
atmospheres of hydrogen (50min) and argon
(10 min). Sintered samples were annealed at 800°C
for 2 h in flowing argon, followed by a water quench,
in order to obtain a fully disordered structure. At this
stage of processing, the samples exhibited a uniform
grain size of ~80 um and a uniform distribution of
residual micropores of ~Sum diameter (Fig. 1)
resulting in a measured density of 95% of theoretical.
The presence of the micropores had no appreciable
effect on the mechanical properties of the alloys
examined in this study; ductility was high in both the

EMBRITTLEMENT OF Ni,Fe

ordered and disordered conditions. An ordenng heat
treatment was carried out on specimens which were
encapsulated in vacuum under a pressure of
~ 10~* torr with Zr getters, at a temperature of 470°'C
for 200 h. The degree of order, S. achieved by this
heat treatment has been shown to be about 0.95 {7].

All tensile tests were conducted at room tempera-
ture on 2.23 x 0.51 x 0.46 cm gage section specimens,
using a screw-driven Instron machine at a crosshead
speed of 0.012 cm/min. Hydrogen was introduced
into the material either by cathodically pre-charging
for 45min or by cathodic charging simultaneously
with testing, at a current density of 50 mA/cm’. in a
solution of 1 N H,SO, containing 0.05 g/l of NaAsO,
as a hydrogen recombination poison. Fracture
surfaces were examined in a scanning electron micro-
scope.

RESULTS

The results of the tensile tests performed in air, and
with pre-charging and/or simultaneous charging of
hydrogen during testing are summarized in Table 1
and in Fig. 2(a) and (b). When tested in air, the alloy
displayed a yield strength, a strain hardening rate,
and an ultimate tensile strength which were greater in
the ordered condition than in the disordered con-
dition. However, the ductility was comparable for
both the ordered and disordered conditions, i.e. 37
and 43% elongation respectively. Examination of the
fracture surfaces indicated that the material failed in
both conditions by a dimpled transgranular mode of
rupture, Fig. 3(a) and (b).

When precharged with hydrogen and tested in air,
the tensile strength and the ductility were reduced by
10.5 and 29% respectively in the disordered con-
dition, and by 4.5 and 14% in the ordered condition.
The fracture surfaces, as shown in Fig. 4a) and (b),
exhibited a mixed mode of failure for both heat
treatment conditions, with an intergranular fracture
path concentrated in the outer rim of the specimens.
The penetration of the intergranular fracture was
deeper in the case of the disordered alloy (130 vs
45 um in the ordered condition).

When hydrogen was simultaneously charged
during tensile testing, the ductility was reduced by
59% and the ultimate tensile strength was reduced by
33% for the disordered alloy. For the ordered alloy,
the ductility was reduced by 81% and the ultimate
tensile strength was reduced by 65%. The fracture
surface of the ordered alloy exhibited a completely

Table 1. Tensile properties of Ni,Fe

Disordered Ordered
Simultaneously Simultancously
Air Precharged charged Air  Precharged charged

o, (MPa) 1 12 110 180 176 1m
UTS (MPa) 0 49 7 627 598 2
% El. 4 308 17.5 kyj 32 7
Average depth

of 1G zone. Totally

(gm) 0 130 590 0 45 1G fracture
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Fig. 2. Engineering stress~strain curves for Ni,Fe tested
under several conditions. (a) Disordered, (b) ordered.

intergranular fracture path, with smooth grain
boundary facets [Fig. 5(a)}. The fracture surface of
the disordered alloy exhibited a mixed mode of
fracture [Fig. 5(b)). Brittle intergranular fracto-
graphic features were concentrated in the outer rim,
as in the former case for hydrogen precharging,
but with anaverage depth of penetration of ~ 590 um.

It also should be noted that hydrogen did not affect
the yield stress for any of the conditions examined.

'DISCUSSION

Recent studies have shown that L1, intermetallic
alloys are commonly susceptible to hydrogen embrit-
tlement, exhibiting significant reductions in ductility
as well as in ultimate tensile strength. The fracture
paths of these alloys are generally partly and/or
entirely intergranular when hydrogen is introduced
into the alloys [1-4]. The susceptibility to hydrogen
embrittiement aiso has been shown tc be greater in
the ordered condition compared to the disordered
condition [1, 4]. This behavior has been attributed to
the inhomogeneity of the dislocation substructure
associated with the ordered condition. Ordered alloys
generally deform by the motion of superlattice dislo-
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cations, resulting in intense planar slip and restricted
cross-slip- This mode of deformation accordingly
introduces high stress concentrations at grain
boundaries. Hydrogen dissoived in the alloys -is
believed to interact with the stress concentrations at
the grain boundaries, thus reducing boundary co-
hesive strength, resulting in intergranular fracture.

The present study shows that Ni,Fe, in cither the
ordered or disordered condition is severely embrittled
by hydrogen. Failure occurs either in a mixed mode
and/or a completely intergranular mode of fracture
with significant reductions in ductility, as has been
observed for other intermezallic alloys. Also, hydro-
gen has no appreciable effect on the yield stress of the
alloys in cither condition. Thus, it appears that
dislocation motion is a prerequisite for hvdrogen
induced failure in this class of alloys. However, the
relationship between order and embrittiement has
been shown to be dependent on the mode or path of
hydrogen entry. The susceptibility to hydrogen
embrittlement is greatly enhanced by order when
hydrogen is charged simultaneously during the tests.
For pre-charging conditions, however, disordered
alloys show a larger decrease in ductility when
compared to ordered alloys.

The results of the tensile tests performed in labora-
tory air, without hydrogen, are consistent with the

(db) . ) ‘
Fig. 3. SEM (ractographs of sampies tested in air. (a)
Disordered. (b) ordered.
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(b)

Fig. 4. SEM fractographs of samples precharged and tested
in air. (a) Disordered (b) ordered.

results of Calvayrac and Fayard [5]. That is, the
observed increases in yield strength, strain hardening
rate and ultimate tensile strength can all be associated
with ordering and the effect of ordering on slip
character. On the other hand, ordering does not
appreciably reduce ductility; the overload failures are
essentially transgranular and occur by dimpled rup-
ture. This behavior is not surprising for Ni,Fe since,
even in the ordered condition, this alloy has a
sufficient number of independent slip systems, as do
other L1, intermetallic alloys such as Ni,Al or Ni,Si.
However, the latter two alloys exhibit inherent brit-
tleness in the absence of hydrogen. Recent studies
have shown that the wide range of fractures occurring
for nominally the same type of LI, intermetallic
compounds can be correlated with differences in
valence, electronegativity and atomic radii between
the two elements of the compounds [6,8). The
tendency toward brittle behavior appears to increase
with differences in the above factors.

When cathodically pre-charged with hydrogen, the
Ni,Fe alloy shows a greater degree of embrittlement
when disordered, with a greater reduction in ductility
and tensile strength and a larger amour: of inter-
granular fracture. Dus and Smialowsk: [9] have
shown that the diffusion rate of hydrogen into Ni,Fe
is higher in the disordered state than in the ordered

condition. The observation that the intcr.-unular
fracture associated with hydrogen embrittiement is
concentrated in the outer rim of the samples indicates
that, under pre-charging conditions. concentrations
of hydrogen in the grain boundaries are established
prior to testing either through lattice or grain
boundary diffusion. Thus, the depth of hydrogen
penetration due to diffusion and the associated lack
of ductility in the alloy near-surface region are a
function of hydrogen diffusivity, the depth of pene-
tration being reduced in ordered alloys when com-
pared with disordered alloys.

When the tests are performed under simultaneous
charging conditions, embrittlement is much more
severe in the case of the ordered alloy and total
intergranular separation occurs. The disordered
alloy, on the other hand, exhibits 2 mixed trans-
granular/intergranular mode of failure which tends to
be concentrated towards the surface of the sample.
Thus, under simultaneous charging and tensile defor-
mation, it appears that the highly planar slip which
occurs in the ordered condition effectively “delivers”
hydrogen to the grain boundaries by dislocation
transport. For the disordered alloy, on the other
hand, diffuse slip appears to homogeneously dis-
tribute the hydrogen throughout the matrix, with no
appreciable increase in the hydrogen concentration at

Fig. 5. SEM fractographs of samples charged while testing.
(a) Disordered (b) ordered.
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grain boundaries. For the disordered condition, only
hydrogen which preferentially diffuses into the grain
boundaries during the tensile tests results in embrit-
tlement. These experiments do not indicate if the
disordered alloy is intrinsically embrittled by hydro-
gen: however, the limited reduction in ductility and
UTS which are observed during simultaneous
charging with hydrogen strongly suggests that em-
brittlement only occurs at grain boundaries. As for
most alloy systems, the specific mechanism(s) for
grain boundary embrittlement is largely unknown.

It should be noted that the extent of surface related
grain boundary fracture, in the disordered condition,
for tests performed under stimultaneous charging was
greater than that observed for pre-charging,
(590 #m/50 um) even when the time of pre-charging
was extended to 70 min, the time period of a typical
tensile test under simultaneous charging condition.
Thus, it appears that dislocation transport of hydro-
gen to grain boundaries also occurs during dynamic
straining of disordered samples when hydrogen is
continuously supplied. However, the extent of this
transport process is greatly reduced when compared
to that in ordered alloys.

In summary, the present work confirm previous
conclusions, based on tests performed on (Fe, Ni),V,
that ¢ d . enhances the susceptibility to hydrogen
embrittlement in L1, intermetallic alloys [1}. The data
reported for Ni,Al (2] also indicated that there was no
effect of hydrogen on the yield strength, suggesting
that dislocation motion is a prerequisite to embrittle-
ment and that hydrogen—dislocation interactions with
the grain boundaries are involved.

Since this alloy is embrittied by hydrogen in both
the ordered and disordered conditions, the present
study does not address the hypothesis that enhanced
embrittiement in the ordered state (under simulta-
neous charging) might be due to hydrogen—
dislocation interactions at the grain boundaries
through a higher build-up of stress caused by planar
slip rather than by a simple increase in hydrogen
transport to grain boundaries. However, the previous
studies performed on the L1, intermetallic (Fe, Ni),V
{1) have shown that the latter explanation is more
likely since, in contrast to the present study, no
hydrogen embrittiement was noticed in the disor-
dered condition for (FeNi),V. Therefore, even when
hydrogen is present at the grain boundaries, the
non-planar slip associated with disordered (FeNi),V
inhibits embrittlement. Bond et al. [10] have directly
observed extensive dislocation pileups at grain
boundaries between unfavorably oriented grains in
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boron-doped Ni,Al. Therefore, while pileups can
induce grain boundary fracture even in the absence of
hydrogen, the presence of hydrogen exacerbates the
effect. .

CONCLUSIONS

1. Ni;,Fe is severely embrittled by hydrogen.
Unlike other intermetallic compounds previously
studied, this embrittlement occurs in both ordered
and disordered conditions.

2. Under cathodic pre<charging conditions,
diffusion of hydrogen occurs along the grain
boundaries which leads to intergranular fracture con-
centrated near the surfaces of the alloy. Greater
penetration of hydrogen and a larger region of
embrittlement are observed for the disordered alloy
because of the higher diffusivity of hydrogen.

3. Under “dynamic” simultaneous charging
conditions, ordering largely promotes susceptibility
to hydrogen embrittiement through enhanced pene-
tration associated with dislocation transport and
planar slip. These resuits, in conjunction with pre-
vious studies, indicate that the enhanced embrittle-
ment observed upon ordering also may be due to a
higher build-up of stress at the grain boundaries
associated with planar slip and restricted cross slip.
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ABSTRACT

Ni,Fe is a campound that exhibits long range crdering below 500°C
and a disardered structure above that temperature. Thus, Ni,Fe allows
study of the effect of ordering on the mechanical properties. This paper
discusses the tensile properties of Ni,Fe produced via powder
metallurgy. Fabrication of Ni;Fe started with elemental nickel and iron
powders that were solid state sintered, with same samples subsequently
densified by containerless hot iscstatic campaction. Composites of
NijFe with 5 v/o ¥,0, were prepared by pre-sintering cold
isostatically pressed rods followed by containerless hot isostatic
pressing. Similar ardering and disordering treatments were carried out on
these camposites to evaluate the effect of particulate additions.
Ordering of Ni Fe increases both strength and hardness with a small
effect on ductility. For the Ni;Fe - Y,0, camposite, the increase
in the strength and hardness when the material is crdered is acocampanied
by a lose in ductility.




INTRODUCTION

This research is focussed on the effect of long range order on the
properties of the NiFe intermetallic campound. Many intermetallic
campounds, for example: NijAl, FeAl, NiAl, and Nb,Al exhibit long
range order up to the melting point of the campound. Thus, it is
impossible to study the effects of ordering on the properties. This is
equally true for intermetallic matrix camposites where the effect of
ordering have not been reported.

The campound NijFe has a L1, structure; it exhibits long range
order below 500°C ard is disordered at temperatures above that. Thus,
this campound offers the opportunity to study ordering effects on the
properties of a ductile intermetallic [1,2). The addition of 5 v/o
¥,04 to NijFe yields a camposite whose matrix can be crdered or
disordered, allowing assessment of ordering effects on the camposite
properties. In this study, powder processing techniques have been applied
for the fabrication of ductile NiFe and a camposite having NijFe as
the matrix. Tensile tests were performed on both materials in the ordered

EXPERIMENTAL

The nickel-iron binary phase diagram is shown in Figure 1. An
alloy with a camposition of 76.5 at. § Ni was chosen for this study. This
alloy is in the ordered phase field below 500°C and can be ordered by
proper heat treatments.

A mixture of carbonyl iron and nickel powders was used to fahricate
the capound. The characteristics of the elemental powders are given in
Table I. The powders were mixed in a Turbula mixer in 200 g batches and



die campacted into flat tensile specimens using a double action floating
die. The die wall was lubricated with zinc stearate and the campaction
pressure was 300 MPa. The resulting campacts were 5 mm thick, 645 mm?
in pressing area, ard 5 mm wide in the gauge section. These campacts were
sintered at 1410°C for 1 h in dry hydrogen (-42°C dew point). During the
last 10 min of sintering the atmosphere was shifted to dry argon (-48°C
dew point) to minimize hydrogen emirittlement (3,4). These P+S (press and
sintered) samples were 95% dense with unifarmly distributed closed pores.

Full density NijFe campacts were fabricated by cold isostatic
campaction of mixed elemental powders at 210 MPa to form 18 mm diameter by
75 ma long rods These rods were given the same sintering treatmant,
followed by containerless hot isostatic campaction (103 MPa in argon at
1200°C for 30 min). These 100% dense rods were machined into 4 m
diameter tensile bars with a 15 m gauge length. Composites comtaining
5 vol. % Y505 (15 im mean particle size obtained fram Cerac) were
prepared from mixed powders using the same campact, sinter, hot isostatic
campaction, and machining sequerce.

Disordered samples were prepared by heating in argon at 10 K/min to
880°C, holding this temperature for 2 %1, followed by a water quench.
Ordering was perfoarmed by vacuum encapsulating the specimens in glass with
a Zr getter and then soaking for 200 h at 470°C. The degree of order was
estimated at 0.95 (5].

All of the tensile tests were performed at room temperature in
tension using strain rate of 1.33 x 1072s™}. The fracture surfaces
were examined using scanning electron microscopy, metallographic cross
sections were prepared for assessment of pore and grain structures.




RESULTS AND DISCUSSION
A, Material Evaluation

The resulting microstructures of the as sintered Ni Fe and the
hot isostatically pressed (HIP) Ni,Fe, with and without Y,0,
reinforcement, are shown in Fig. 2. Note the variation in magnification
necessary to acocount for the grain size differences. Fig. 2a shows that
the sintered Ni;Fe has a finer grain stxructure with an average grain
size of 80 um campared with 450 im for the hot iscstatically pressed
material shown in Fig 2b. Moreover, the sintered alloy exhibits a uniform
distribution of fine porosity of about S :m in size whereas the HIP
samples show a fully dense microstructure. Therefore, it appears the HIP
process has effectively closed the remaining porosity present in the
as-sintered mata:ia)l. Pore elimination has decreased the inhibiting
effect on grain growth due to pinning of the grain boundaries. The large
increase in grain size has also probably been favored by the relatively
high HIP temperature.

The Y,05 reinforced HIP NijFe has a finer microstructure than
the parent alloy (see Fig. 2c). The dispersion of the Y,0, particles
within the Ni,Fe alloy appears to be fine and umiform. ' Density
measurements show that there is essentially no remaining porosity after
the HIP process. The large inhibition of grain growth cbserved in the HIP
reinforced Ni,Fe is attributed to the fine oxide dispersion. The
ordering ar disordering temperatures were too low to significantly affect
the scale of the microstructure beyord grain growth during the sintering
or HIP treatments.
B, Mechanical Properties

The tensile properties obtained with the three different processing




corditions, in both crdered and disordered corditions, are listed in Table
II. The ardered condition displays a significantly higher yield strength
and ultimate tensile strength and only a slightly lower ductility than the
disordered condition. The engineering stress strain axrves in Fig. 3
graphically illustrate these trends and show that the onset of order also
increases the gtrain hardening rate. The increases in yield strength,
strain hardening rate and ultimate tensile strength all can be associated
with ordering.

Among L1, alloys, NijFe, Co,Ti, and (FeCoNi),V are ductile
in the ardered condition, while NijSi, NijAl, NiGe and Ni,Ga are
not. The farmer group (except for Co4Ti) can be discrdered by heat
treatment, while the latter can not. For each of these alloys the L1,
structure permits satisfaction of the Von Mises' criterion for
polycrystalline plasticity when {111} <110> slip systsms operats. It is
beyond the scope of this paper to discuss the factors which make same
L1, alloys ductile ard others hrittle. However, we can point cut that
ductility in the ordered cordition for Ni,Fe and other ductile Li,
alloys always is accompanied by a dimpled rupture fracture mode for tests
in air or inert envirorments.

Althammtthi;Feallay!slwsimilartre!ﬂSinthoeffact
of order on the tensile properties the differences in microstructure give
rise to important variations in tensile behavior and fracture when
carpared cne to each other.
Porosity effect

By conparing data for both ardered and discrdered alloys, either
HIP or P+S, it appears that the elimination of residual porosity results
in a significant increase in the yield strength, but causes very little




change in the ultimate tensile strength and elongation. This is shown by
the respective engineering stress-strain curves in Figs. 3 aand b. The
strain hardening rate is nearly unaffected in the disordered cordition,
but in the oardered condition is increased in the first part of the curve
by the suppression of the residual porosity.

Necking cocurs earlier for fully dense HIP material. Deformation
begins to localize at about the same strain for both ordered and
discrdered NiFe. However, the disordered alloy is able to avoid linkgp
to fracture until a larger value of total strain. For the P+S specimens,
defarmation is localized later than with the HIP specimens. Once slip is
localized, the porous Ni,Fe quickly fails with limited necking in both
the ordered and disordered states.

The HIP treatmsnt removed the residual porosity and produced a
large increase in the average grain size, from 80 um to 450 im.

Both effects are responsible for the cbserved changes in tensile
properties. Grain growth causes a lowering of the strain at which necking
starts to ocour since large grains pramote shear instability. The limited
necking of the P+S alloys is related to their porosity, which causes
fracture to ocour soon after strain localization begins.

Determining the mechanism involved in the ocbserved increase of
yield strength through HIP is not so straightforward. The resicual
porosity in the P+S alloys has two possible detrimental effects on yield
strength. Slip may initiate near the individual pores as plastic zones
form due to concentrated stresses, thus leading to a lower flow stress.
The porous alloys may be regarded as damaged material in which the
cbserved flow stress is lower than the effective flow stress of an
squivalent undamaged material. It is unlikely that these effects relatad




to porosity would have campensated and even surpassed the large drop in
yiddstrugthﬂntﬂmldhawwmrdﬁthgraingfwth.
Alternatively, a substructure might be present within these large qrains
after the HIP cparation, thereby leading to increased stength.

An increase in the porosity in the range of 2 to 5 percent woids
decreases the strength, but has a negligible effect on the tansile
ductility (8,9). Ductility is dependent on a shear instability process
involving the linking of a critical mmber of pores/voids and the path of
high void content. Therefore, due to the low probability of linking a
critical mmber of pores/voids to failure in materials with 2.5 to 5%
parosity, the ductility of the porous crdered and discrdered alloys is not
affected. )

Although the strain to failure is about the same for both the fully
dense alloy and the specimens with 5% parosity, the path to failure
results in different ductile fracture surface characteristics, as shown in
Fig. 4. PBamination of the fracture surfaces indicates that the ardered
ard disordered materials failed by a dimpled transgramular mode of
rupture. The mean dimple size is the same for the porous ordered and
disordered conditions, and in both cases the residual porosity is apparent
at the center of the dimples. This suggests that the dimples have been
generated by residual pores and indicates that the residual porosity is
responsible for the limited amount of necking of these alloys. In the
fully dense material the dimples are larger, especially in the case of the
disordered alloy, which exhibited the greater degres of necking on the
stress-strain arve.

As shown in Fig. 5, the very large grains in the fully dense
material show slip bards in the deformed grains near the fracture




surface. The ordered alloy exhibits the expected large amount of planar
slip (Fig. 5a), while the disardered alloy shows wavy slip (Fig. sb).
These differences in slip character are typical of suptrlattic-ﬁ that can
be disordered.

Reinforcemant effect

Coperiscns between the unreinfarced and Y,04 reinforced HIP
alloys (Table II), show that Y,0; has a major effect on the tensile
properties in both the discrdared and crdered states; the yield stress
increases by 80 to 85 MPa and the ductility is reduced from near 40% to
approximately 10%. The strain hardening rate also is increased, this
effect being more pronocunced for the ordered alloy. The fracture surfacss
are shown in Figs. 6a and 6b for discrdered and ordered samples,
respectively. These ehibit a ductile dimpled transgramular appsarance,
with smaller dimples than in the case of the parent unreinforced alloy.
In both conditions, most of the dimples appear to be centered around the
¥,0, particles, and to same extent the dimples are larger in the
disordered condition.

The reduced ductility and increased yield strength and strain
hardening rate associated with the introduction of particles is cammonly
reported for oxide dispersion strengthened superalloys as well as other
intermetallic alloys (10,11). As in other alloy systems, the Y,0,
particles strengthen the alloys mainly through their inhibiting effect on
grain growth. For 15 um diameter particles the contribution to
strengthening by the Orowan mechanism is small (12). Similarly, coarse
dispersoids create problems of campatibility of deformation and large
stress gradients can be generated in their vicinity (11). This accounts
for the cbserved large drop in ductility and explains dimples certared




around the yttria particles on the fracture surface.

The elimination of the last 5% residual porceity in NijFe
prepared by powder metallurgy sharply increases yield stress. With 5%
residual porosity neither the tensile strength nor the elongation are
affected campared to fully dense material. In camtrast, the inclusion of
5% ¥,0, in fully densified Ni,Fe increases both the yield and
tensile strength, hut degrades the elongation to failuwre. Camparisons
between mechanical properties in the ardered and discrdered statss for
Ni,Fe and the Y,0,-reinfarced NijFe krings up an impartant point
concerning the interaction between order and reinforcement. Both ardering
and reinforcement provide strengthening with lower ductility. When
considered in terms of relative ductility loss, the ductility decrease
between the disordered and ordered states is more from the perent alloy to
the reinforced alloy. From Fig. 6, the fracture paths of the Y,0,
reinforced alloy in both ordered and disordered conditions shows more
particles on the fracture surface of the ardered alloy, suggesting
decchesion of the matrix/particle interface is easier in the ardered
candition. The only effects truly related to this coarse particle
reinforcement are on ductility and fracture. Thus, it dppears that the
onset of order in a dispersion strengthened alloy enhances the effects of
the dispersion on the tensile properties. This might be related to the
particular mode of deformation of crdered alloys, through the motion of
superlattice dislocations, resulting in intense planar slip and restricted
cross-slip.

SUMMARY

Powder metallurgical techniques have been used to prepare NijFe

anc a Ni,Fe-5 vol.% Y,05 alloy. Tensile properties have been




determined at rocm temperature. Increased strength of NijFe is achieved
by crdering ar by the addition of 5 vol.% Y,0,. However, Y,0,
reduces the ductility of Ni;Fe. The onset of necking is affected by the
same variables. Thess effects can be explained via strain localization
arguments. Fracture in all alloy conditions was by dimpled npture. The
elimination of porosity principally affects yield stress, with little or
no effect cn tansile strength or ductility.
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Table I
Powder Characteristics

Property Ni Fe
vendor INCO GAF
designation ' 123 HP
parity, % 99.99 99.50
Fisher subsieve size, um 3 3.0
mean size, im 3 11

specific surface area, mzlg 2.19 1 0.88
2.15 2.20
apparent density, g/an:’

major impurities (ppm) Ca(10) Ca(600)
Fe(30) Al (600)
s1(40) $1(300)
0(300)
Mn(2000)




Table II

Mechanical Properties of Ordered and
Discrdered Ni,Fe Campacts

condition YS.MPa UISMPe 0 0ES 00 YSMR® 2 UIS.MPs  EA

P+S 111 490 43 180 627 37
HIP 172 487 43 247 627 37
53Y,04 250 513 4 333 649 10

YS = yield strength. UIS = ultimate tensile strength,E = elongation,
P+S = press and sinter, iH{IP = hot isostatic press, 5% Y,0, = HIP with
5 vol. %
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1. mmmmfamrﬂimmwm,&
capound as being ordered below approximately 500°C.

2. Optical micrographs of the Ni;Fe samples; a) press and sinter
(P+S), b) hot iscstatically pressed (HIP), and c) HIP with 5 vol.§
Y504, molybdic acid etch.

3. Enginearing stress-strain axves for Ni,Fe campounds in both the
ordered and disordered coxlitions prepared by thres routes; a) P+5S,
b) HIP, and c) 5% Y,04.

4. Scanning electron micrographs of the fractire sufaces of the pressed
and sintered (P+S) Ni,Fe campacts in the disordered (a) and ordered
(b) conditions, and (c) HIP NijFe in the disardered condition.

5. Scanning electron micrographs of HIP NijFe showing planar ship
bards in the ordered condition (a) and wavy slip bands in the
disordered condition (b).

6. Scamning electron micrographs of the fracture surfaces of HIP Ni,Fe
containing 5 vol. § Y,0, in the disordered (a) and crdersd (b)
corditions.
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Effect of an oxide dispersion on the hydrogen embrittlement

of a Ni;Al base alloy
G.M. Camus, D. J. Duquette, and N.S. Stoloff

Materials Engineering Depariment, Rensselaer Polytechnic Instituse, Troy, New York 12180-3590
(Received 2 November 1989; accepted 29 January 1990)

The susceptibility of a hot isostatically pressed NisAl, Cr, Zr alloy to hydrogen
embrittiement has been studied. The base alloy and a second alloy containing 5 vol. %
Y;O; particles were tested by cathodically charging with hydrogen prior to or
simultaneously with tensile testing. Embrittlement of both alloys was noted under both
charging conditions, but was much more severe for simultancous charging. Intergranular
fracture due to hydrogen was noted in the base alloy, while the dispersoid-containing
alloy failed along prior particle boundaries. The results are explained by a dislocation
transport mechanism in which hydrogen is delivered to interior fracture sites by mobile
dislocations. Much greater penetration of hydrogen is achieved under simultaneous

charging conditions.

I. INTRODUCTION

Since the intermetallic L1, alloy Ni;Al has been
successfully ductilized through microalloying with
boron,' an increasing interest in its use as a potential
high temperature structural material has led to the de-
velopment of alloys based on Ni;Al with improved
strength, creep resistance and resistance to high tem-
perature, and oxygen induced embrittlement.*> More
recently, oxide dispersion strengthened as well as fiber
reinforced alloys, with a Ni;Al alloy as a matrix, have
also begun to be developed in an attempt to provide
further increases in yield strength, toughness, and
creep resistance.** However, many intermetallics pos-
sessing the L1, structure, among them Ni;Al + B’ and
Ni;(Al, Mn),* have shown a strong susceptibility to hy-
drogen embrittiement.”"! The presence of particles or
fibers can be expected to provide a large number of
hydrogen trapping sites, with a possible concomitant
effect on the susceptibility of the alloys to hydro-
gen embrittlement. This work is concerned with some
preliminary studies on the hydrogen susceptibility of
alloys based onNi,Al reinforced with yttria particles.
Hydrogen embrittiement studies also have been per-
formed on the unreinforced matrix for comparison.

l. EXPERIMENTAL PROCEDURE

An intermetailic alloy of composition Ni-16.4 at. %
Al-8% Cr-0.5% Zr-0.1% B was hot isostatically pressed
(HIPed), extrude¢ from powder, and supplied in rod
form by Oak Ridge National Laboratory, which has des-
ignated this alloy as IC-218.

An identical alloy, containing S vol. % of yttria par-
ticles as reinforcement, was prepared at Rensselaer
by powder processing. Prealloyed powders of the alloy
(average size 70 um) and of Y;O, (average size 15 um)

980 J. Mater. Res., Vol. 5, No. 5. May 1980

were mixed in a Turbula mixer, then HIPed at 1100 °C/
25 MPa for 1 h. This material was then heat treated at
1050 °C for 2 h followed by 800 °C for 24 h under a
vacuum of less than 5.2 x 10™* Pa (4 x 10~ Torr). This
heat treatment resuited in a microstructure consisting
of a uniform grain size of 14 um and a dispersion of
coarse yttria particles surrounding the prior particie
boundaries (Fig. 1). The base alloy (with no disper-
soids) was heat treated at 1160 °C for 4.5 h and then at
800 °C for 24 h, under the same vacuum in order to
obtain the same average grain size (14 um) for direct
comparison (Fig. 2). It should be noted, from the micro-
structures shown in Figs. 1 and 2, that both alloys
exhibit a two-phase y/y' microstructure commoaly ob-
served in Ni;Al-Cr alloys.?

All tensile tests were conducted at room tempera-
ture oa specimens with 0.3 cm diam x 1.13 cm long
nominal gage dimensions, using a screw-drivea Instron
machine at a crosshead speed of 2 x 10~ cm/s. Hydro-
gen was cither cathodically precharged for 1 h or
charged simuitaneously while testing at a current den-
sity of 50 mA/cm’ in a solution of 1 N H;SO, contain-
ing 0.05 g/1 of NaAsO; as a hydrogen recombination
poison. Fracture surfaces were examined in a scanning
electron microscope.

M. RESULTS

The results of the tensile tests performed in air,
with precharging and/or simultaneous charging of hy-
drogen during testing, are summarized in Table I and
in Fig. 3.

The NiAl based alloy exhibited an elongation of
28.5% along with ultimate tensile strength (UTS) of
1343 MPa when tested in air, and the fracture surface
exhibits a ductile (dimpled) transgranular fracture
(Fig. 4(2)). When a sampie was precharged for 1 h and

© 1900 Materiais Ressarch Society
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(@)

(b)

FIG | Microstructure of IC-218 + S vol. % Y;0. after heat treatment: (a) unnotched and ib) higher magnification, etched.

tested in air, the ductility and the UTS decreased by
about 24% and 5%. respectively, and the fracture sur-
face, shown in Fig. 4, displayed a mixed mode of fail-
ure. with an intergranular fracture path concentrated
in the outer rim of the specimen. When hydrogen was
charged simultaneously with tensile testing, the elonga-
tion decreased to 3%, the UTS was decreased by 57%,
and the fracture path appeared to be entirely intergran-
ular [Fig. 4(c)]. Previous work on a Cr-free Ni;Al + B
alloy had shown that simultaneous charging and testing
causes complete loss of ductility.’

The alloy containing 5 vol. % Y,0, showed an elon-
gation of 5.9% and an ultimate tensile strength of
744 MPa when tested in air. When precharged with hy-
drogen for 1 h and tested in air. these values remained
nearly unchanged. However, when simultaneous charg-

] %) Hm

—_—

FIG 2 Microstructure of IC-218 after heat treatment

ing and tensile testing are performed, the elongation
was reduced to less than 1% and the UTS was reduced
by almost 29%. The fracture surfaces remain similar
in the three conditions used, with a fracture path
propagating along the matnx prior particle boundaries
(Fig. S).

It should also be noted that, for both alloys. charg-
ing with hydrogen ecither prior to or simultaneously
with the tensile test did not affect the vield stress.
Furthermore, the yttria-containing alloy displayed a
yield stress averaging 33% higher than the vield stress
of the unreinforced alloy (Table I).

Ettfect of processing on strength and ductility

The tensile yield strength in air, 374 MPa. of IC-
218 HIPed at 1100 °C, see Table I, is considerably lower
than that observed for hot pressed (at 1150 °C) IC-218
by McKamey et al.'’: 551 MPa average of two points.
However, the ultimate tensile strengths were identical.
The elongation in air also was considerably lower for
the HIPed alloy (28.5%) elongation vs 43.2-53% for hot
pressed material. Grain sizes of the two alloys were
similar. The differences in yield strength and elonga-
tion cannot readily be explained by differences in oxy-
gen content since the yield strength should increase
while ductility should decrease as oxygen content in-
creases. Porosity does not seem to be a factor, either.
since fully dense material was obtained in both investi-
gations. Since McKamey et al. report that their P/M
samples of IC-218 had strength and ductility similar to
as-cast alloys of the same composition, it must be con-
cluded that our HIPing cycle adversely affects mechani-
cal properties, perhaps due to the presence of prior
particle boundanies in HIPed matenal (see Fig. 1. or to
differences in substructure produced by the two P'M
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FIG. 3. Engineering stress-sirain curves for tesis performed under different conditions on (a) IC-218 and (b) IC-218 + S vol. % Y,0,.

processes. For example, the prior particle boundaries
may act as enhanced dislocation sources. If this hy-
pothesis is correct, the yield stress can be expected to
be decreased relative to that reported by McKamey and
his co-workers, while the tensile strength should be
relatively unaffected, as is observed. Similarly, the
prior particle boundaries of HIPed materials, which
may provide initiation sites for ductile rupture, can be
expected to lower the ductility once necking com-
mences (i.c., at the UTS) when compared with hot
pressed materials.

V. DISCUSSION

A. Ettect of a Dispersold of Yttria on the Tensile
Properties

Comparisons between the tests performed in air
show that alloying of the intermetallic alloy with yttria
has a major effect on the tensile properties as well as on
the fracture mode; the elongation is reduced from
28.5% 10 5.9% and the yield stress increases by nearly
125 MPa. The fracture surface of the parent alloy

exhibits a ductile dimpled transgranular appearance,

while that of the alloy containing the dispersoid follows
the prior powder particle boundaries where the yttria
particles are located. This observation imdicates that
the fracture path of the alloy containing the dispersoid
is governed by decohesion between ihe yttria particles
and the matrix. The large drop in ductility with the
introduction of particles or fibers has been reported
also for other Ni;Al alloys.'* On the other hand, the
large increase in yield strength is quite surprising, con-
sidering the basic alloy microstructure and the rather
large size and spacing of the yttria particulates used in
this study. it is likely that the strengthening of the alloy
containing the dispersoid is linked to the heat treat-
ment required to obtain the same grain size in both
alloys, and perhaps to the pickup of oxygen during
processing.

8. Effect of hydrogen on tensiie properties

The intermetallic alloy examined in this study, as
well as other L1, intermetallics,”" is severely embrit-
tled by hydrogen. Moreover, the fractographic features
of this embrittlement are similar to those which were

TABLE 1. Effect of hydrogen o tensile properties of IC-218 and IC-218 + 5% Y,0;.

ic-218 IC-218 + 5% Y,0,
Simultaneously Simuitaneously
Alr Precharged charged Air Precharged charged
on (MP2) 374 m 367 91 501 "
UTS (MPs) 1343 1273 m 744 76S LX)
% Ei s 218 59 43 09
% RA 438 268 8.0 89 33
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FIG 3 SEM fractographs of IC-218 sampies tested under different conditions: (a) n air, (b) precharged and tested in air. and
.+ simuitaneously charged.

observed for other intermetallic compounds: an inter-
granular path concentrated in the outer rim of the frac-
tured surface when the specimen was precharged prior
10 testing, and a completely intergranular fracture when
the alloy was tested while simultaneously charged. Al-
though the specific mechanism(s) for grain boundary
embrittlement 1s largely unknown. a correlation be-
tween order and hydrogen embnittlement of NiFe re-
cently has been demonstrated." According to the model
suggested in that work, hydrogen transport 1s facilitated
by the highly planar slip of supertattice dislocations
which occurs 1n ordered lattices. and the hydrogen,
once delivered to the grain boundaries. exacerbates the
etfect of the large local pileup stresses also associated

with planar slip, suggesting that dislocation motion 1s
required for significant embrittlement to occur. The
macroscopic yield stress is unaffected by precharging
with hydrogen or by simuitaneous charging during test-
ing. After precharging, only the surface-connected
grain boundaries. which act as short circuit diffusion
paths. are embnttled. On the other hand. when hydro-
gen charging and dynamic tensile testing are performed
simultaneously, dislocation transport of hvdrogen to the
grain boundaries results in embrittlement of all of the
boundaries.

An alternative point of view has been presented by
Bond and co-workers.'? who suggest that embnittlement
of NiyAl + B s caused simply by a reduction in cohe-
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FIG. 5. SEM fractograph of IC-218 + § vol. % Y:0s tested in air.
Fracture surfaces of sampies tested in the presence of hydrogen are
identical.

sion of grain boundaries in the presence of hydrogen.
In situ observations of grain boundaries by TEM re-
vealed no discernible changes in dislocation arrange-
ments which could be attributed to hydrogen; therefore,
it was concluded that the stress concentrations at grain
boundaries should not be markedly influenced by
hydrogen. There seems to be little doubt that decohe-
sion by hydrogen is the underlying mechanism in
hydrogen embrittiement of intermetallics, as recently
concluded also for Co,Ti single crystals.” Whether
or not pileup stresses facilitate decohesion remains
an open question. We shall now consider the case of
particle/matrix fracture.

In the present work, severe embrittlement also oc-
curs for the alloy containing yttria when hydrogen is
simultaneously charged, as shown by the large reduc-
tions in ductility and UTS. However, the fracture sur-
faces remain identical to those dispiayed by the sample
tested in air. This behavior is not surprising, since the
test performed in air has shown that the matrix/particle
interface is weak and hydrogen is known to segregate to
the weakest interface." Thus, it is very likely that dis-
location transport of hydrogen, in this case to matrix/
particle interfaces, assists an already casy decohesion
process. For the case of precharging, the more numer-
ous trapping sites introduced by the yttria particles also
have probably led to a decrease in the hydrogen diffu-
sivity in the alloy. This may explain why, when hydro-
gen is precharged under the same conditions where
surface embrittiement of grain boundaries at the sur-
face is observed for the parent alloy, no embrittlement
is observed for the dispersion strengthened alloys [see
Fig. 4b)].

A noteworthy feature of this work is that it further
demonstrates the very high susceptibility of NijsAl to

hydrogen embrittlement under simultaneous charging
and testing conditions even when chromium is present.
Chromium is known to suppress oxygen induced em-
brittlement of Ni;Al + B,? but seems to have only a
modest effect on hydrogen ingress or embrittlement.
This effect may be due to the presence of the dis-
ordered second phase in IC-218, which could be some-
what less susceptible than Ni;Al to embrittiement.

V. CONCLUSIONS

An intermetallic alloy based on Ni;Al and the same
alloy containing 5 vol.% yttria particles have been
shown to be severely embrittled by hydrogen under
“dynamic” simultaneous charging conditions. As in the
case of other L1, alloys, decohesion is the probable
bond breaking mechanism, perhaps assisted by en-
hanced diffusivity through dislocation transport under
conditions of planar slip. Locally high stresses at the
grain boundaries and/or at the matrix/particie inter-
faces also may contribute to embrittlement by enhanc-

ing hydrogen solubility.

ACKNOWLEDGMENT

This research was supported by the DARPA/ONR
University Research Initiative on High Temperature
Structural Composites, under ONR Contract N0OO14-
86-K-0770.

K. Aoki and O. Izumi, J. Jpn. Inst. Met. 43, 1190 (1979).

'C.T. Liu and V. Sikka, J. of Met. 38 (5), 19 (1986).

3C.T. Liu and C.L. White, in High Temperature Ordered Inter-
metailic Alloys (Proc. Mater. Res. Soc. Symp.) (Materials Re-
search Society, Pittsburgh, PA, 1985), Vol. 39, p. 355.

‘B. Moore, A. Bose, R.M. German, and N.S. Stoloff, in High
TemperatureiHigh Performance Composites (Proc. Mater. Res.
Soc. Symp.) (Materials Research Society, Pittsburgh, PA, 1988),
Vol. 120, p. 51.

53.5.C. Jany and C.C. Koch, Scripta Metall. 22, 677 (1988).

%G. L. Povirk, J. A. Horton, C. G. McKamey, T. N. Tiegs, and S.R.
Nutt, J. Mater. Sci. 23, 3945 (1988).

7a.K. Kuruvilia and N.S. Stoloff, Scripta Metali. 19, 83 (1985).
N. Masahashi, T. Takasugi, and O. Izumi, Metall. Trans. A 194,
353 (1988).

*A. K. Kuruvilla, S. Ashok, and N.S. Stoloff, Proc. 3rd Int. Con-
gress on Hydrogen in Metals, Paris (Pergamon, 1982), Vol. 2.

p. 629.

T, Takasugi and O. Izumi, Acta Metall. 34, 607 (1986). )

11G. M. Camus, N.S. Stoloff, and D. J. Duquette, Acta Metall. n
1497 (1989).

12G. M. Boad, I. M. Robertson, and H. K. Birnbsum, Acta Metsll.
37, 1407 (1969).

vy Liu, T. Takasugi, O. lzumi, and T. Yamada, Acta Metall. »,
507 (1969). ‘

g Ashok, D. ]. Duguette, N. S. Stoloft, and C. Verpoort, Scripta
Metall. 18, 1329 (1981).

15C. J. McKamey, G. L. Povirk. J. A. Horton, T.N. Tiegs, and E. K.
Obriner, in High Tempersture Ordered Intermeailic Alloys 11
(Proc. Mater. Res. Soc. Symp.) (Matetials Research Socicty,
Pittsburgh, PA, 1989), Vol. 133, p. 609.

964 J. Mater. Res., Vol. 8, No. S, May 1990




The influence of test frequency, temperature. and environment
on the fatigue resistance of an Ni3Al-B/Cr/Zr intermetallic alloy

G.M. Camus

Laboratoire des Composites Thermostructuraux, UM.R. 47 CNRS/SEP/UBI. 3 Avenue Leonard
de Vinci, 33600 Pessac. France

D.J. Duquette and N. S. Stoloff
Materials Engineering Department, Rensselaer Polytechnic Institute. Troy. New York 12180-3590

(Received 11 March 1991; accepted 27 August 1991)

Stress-controlled fatigue tests have been carried out on an Ni:Al-B/Cr/Zr alloy. at
600 °C and 800 °C in air and in vacuum at various test frequencies. Decreasing the
test frequency and/or increasing the temperature leads to a decrease in the number of
cycles to failure and a gradual disappearance of a fatigue fracture zone. This trend is
shown to be related to a true creep component. Environment has a weak interacting
effect on fatigue life but strongly influences the fracture path in the fatigue zones, with
fracture becoming partly or entirely intergranular when the environment is changed
from vacuum to air. It is suggested that most of the fatigue life is spent in initiating a
crack. Comparisons are made with some creep data in terms of fracture paths and time

to rupture. Fatigue life at 800 °C is shown to be entirely controlled by creep damage

at the lowest test frequency of 0.2 Hz.

I. INTRODUCTION

The L1; intermetallic compound NijAl, successfully
ductilized through microadditions of boron,’ displays
good high temperature strength and oxidation resistance.
These properties have generated extensive interest in
Ni3Al as a potential candidate for high temperature
structural applications. The physical and mechanical
properties of NisAl and its alloys have been extensively
studied and recently reviewed.’ However, the majority
of recent studies have concerned the boron ductiliz-
ing effect,’ processing techniques,* and mechanical
behavior, including tensile properties,® fatigue*’ and
creep/stress-rupture properties.® Very little has been
reported on creep-fatigue-environment interactions. This
phenomenon, in which cyclic stresses at elevated
temperature, creep, and environment damage interact to
reduce the material's fatigue life is, however, extremely
important for eventual high temperature applications.
In a recent study of NisAl (B, Hf) single crystals and

directionally solidified alloys, Bellows et al.*'® have

concluded that there is very good intrinsic creep/fatigue
resistance at 450 °C and 760 °C under stress-controlled
fatigue in vacuum. Doubt was raised as to creep fatigue
resistance for equiaxed polycrystals of NiAl + B, due
to the detrimental effect of environment on its ductility
at high temperature.!' Also, a study of the fatigue crack
Propagation behavior, at 400 °C, of a NijAl + B alloy
containing substantial additions of cobalt and hafnium,
has shown no frequency effect on the crack growth
fate in vacuum, but a strong dependence upon the

uency when the tests were performed in air.!? On
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the other hand, recent investigations'>'* have shown
that additions of chromium in the optimum amount
of 8 at.% dramatically improved high temperature
ductility, and creep/stress-rupture properties have been
improved through additions of zirconium.'*!* Also, it
has recently been shown'® that these NiyAl-B/Cr/Zr
alloys have improved fatigue properties in terms of
crack initiation as well as crack propagation. This
alloy class was, therefore, selected for study of fatigue-
creep-environment interactions. This research has been
conducted by examining the effects of frequency on
stress-controlled fatigue resistance of a Ni;Al-B/Cr/Zr
alloy at elevated temperatures. It has been shown in the
past'’ that, in the presence of creep and/or environmental
interactions, a decrease in frequency can substantially
decrease fatigue resistance at elevated temperatures. Test
temperature, environment, and, to a lesser degree, stress-
range were additiona) experimental variables.

il. EXPERIMENTAL PROCEDURE

The NisAl alloy used in this study was provided
by Oak Ridge National Laboratory and is designated
IC 218. The nominal composition is listed in Table I.
The oxygen and carbon contents were less than 150 and
100 ppm, respectively. The alloy was supplied in the
form of a 1 cm diameter rod produced from a vacuum
indication meited (VIM) cast ingot which had been hot
extruded at 1100 °C and cold swaged in a stainless
steel can. Fatigue specimens with a 3.0 mm diameter
by 11.3 mm long reduced cylindrical gage section were
machined from the rod. The samples were then heat
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TABLE 1. Composition (at. %) and tensile properties of 1C 218 (for a
cast + extruded alloy, 14 um grawn size).'*'®

ComEmon (al. %)
Ni Al Cr Zr B

Bal. 8.45 8.13 0.90 0.027

Tensile properties (*in a vacuum of less than 1.5 x 10~ Pa)

T¢°0O Y.8.0.2% (MPa) UTS (MPa) Elongation (%)
25°C 640 1405 345

*600 °C 650 1025 26.1

*800 °C 576 710 19.8

Normalized stress ranges used

T(¢°C) Ao (MPa) Amia,
600 690 1.06
600 724 1.1
800 690 1.19

treated in a vacuum of less tnan 3 x 10~ Pa at 1050 °C
for 1 h, and at 800 °C for 24 h, resulting in the micro-
structure exhibited in Fig. 1. Due to the Cr content the
alloy displayed a v/~' two phase microstructure.' The
alioy was fully recrystallized and the average grain size.
measured by a mean linear intercept method. was ap-
proximately 14 m. After abrasive polishing using 0.3 m
alumina powder in the final step, the samples were tested
in an Instron closed loop machine under stress-controlled
cyclic loading, in laboratory air or in a vacuum of
less than 1.5 x 107" Pa. Test frequencies selected were

FIG. 1. Microstructure of IC 218 after heat treatment.

20 Hz. 2 Fz. and 0.2 Hz. at temperatures of 600 °C or
800 °C. A stress range of 690 MPa initiallv was selected
for all tests but a higher value of 724 MPa was later used
at 600 °C in order 10 maintain the duration of the tests
performed at the lowest frequency in a suitable range.
The stress ratio. R (minimum 10 maximum stress). was
held constant at 0.1. Tensile data obtained from other
sources'*'® on an identical material similarly processed
and possessing the same grain size of 14 m. also are
listed in Table | along with the stress ranges used in this
work (normalized by the vield stress). In order to have
a suitable comparison for the mechanism(s) involved.
some stress-rupture tests were performed at 800 °C in
vacuum, using the same electrohydraulic closed-loop
machine under constant load control. Fracture surfaces
were examined in a scanning electron microscope to
determine the failure initiation sites and fracture modes.
Foils for transmission electron microscopy (TEM) were
prepared from the cross section of the gage lengths of
a number of fractured specimens to examine possible
differences in the deformation substructures.

l. RESULTS
A. Fatigue tests

Results of the stress-controlled fatigue tests per-
formed under different conditions of frequency. tempera-
ture. stress-range. and environment are listed in Table II.

The influence of frequency on the number of cycles
to failure as a function of temperature and environment is
shown in Fig. 2. The data show a monotonic decrease in
the number of cvcles to failure with decreasing frequency
for everv condition of temperature, environment, and
stress-range investigated. For a given frequency. raising
the test temperature from 600 °C 1o 800 °C markediv
reduces the fatigue life measured as cycles to failure
and the reduction in fatigue life 15 accentuated at jower
test frequencies. An air environment has littie effect on
the number of cvcles to failure at any frequency. When
the data are replotted in terms of time to failure versus
frequency, only the tests performed at 800 °C show 2
decrease of the fatigue life with decreasing frequency.
Time to failure is relatively insensitive to test frequency
at 600 °C.

Ductility, m~asured as reduction in cross-sectional
area and as the total elongation of the gage length after
test. see Fig. 3. appears (o increase monotonically with
a decrease in the frequency. with the exception of the
tests performed at 800 °C/0.2 Hz in both vacuum and
air, for which a plateau seems to be reached. The values
of both elongation and reduction in area are much highe?
at 800 °C than at 600 °C (see Table II). Ductility of the
samples tested in air was always lower when compared
with the same tests performed in vacuum, this trend
being enhanced by an increase of the test temperature.
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TABLE I1. 1C 218 tested under stress-controlled fatigue for different conditions of wmperature. frequency. stress range, and environment.

Conditions v (Hz) Ny R.A. at failure (%) Elongation at failure (%) Fracture appearance
600 °C/Ac = 690 MPa 20 6 x10° 15.2 7.6 TG fatigue zone, initiated at the surface
Vacyum 2 1.88 x 10¢ 244 11.2 TG fatigue zone, initiated at the surface
600 °C/Ac = 690 MPa 20 4 x10° 17.3 75 Mixed IG + TG fatigue zone, initiated at
Air the suiface
2 1.7 x 10% 249 8.0 TG faiigue zone, initiated inside
600 °C/Ac = 724 MPa 20 7.35 x 10° 15.6 11 TG fatigue zone, initiated at the surface
Vacuum 2 1.76 x 10° 289 13.2 TG fatigue zone, initiated at the surface
0.2 2.44 x 10* 46.2 17.2 Small TG fatigue zone, initiated at the
surface
600 °C/Ac = 724 MPa 20 5 x10° 174 9.3 Mixed IG + TG fatigue zone, initiated at
Air the surface
2 1.6 x 10° 25.6 11.4 1G fatigue zone. initiated at the surface
0.2 2.12 x 10* 318 124 Very small 1G fatigue zone. initiated at
the surface IG areas in outer rim
800 °C/Ao = 690 MPs 20 2.09 x 10* 538 18.1 No fatigue zone, dimples at the center
Vacuum 2 1.14 x 10° 60.3 19.5 No fatigue zone. dimples at the center
02 60 59.9 23.1 No fatigue zone, dimples at the ¢ ter
800 °C/Ac = 690 MPa 1.73 x 10* 269 10.1 Very small 1G fatigue zone. initianoJ at
Air the surface + small dimple zone in
the center
2 94 x 102 51.1 17.1 No fatigue zone, dimples at the center
02 30 478 224 No fatigae zone, dimples in center, 1G

areas in outer rim

B. Metaliography and fractography

The observed fracture mode varied with temperature
and, to a lesser degree, with frequency and environment.
Pertinent information concerning the resulting fracture
paths for each of the tests conducted is listed in Table I1.
Samples tested under vacuum at 600 °C exhibit surface-
connected crack initiation with a relatively flat initial
crack propagation zone, although the overall size of the
fatigue zone decreased as the frequency was decreased;
e.g., see Fig. 4. The fatigue zones as well as the overload
zones were transgranular at 600 °C, as shown in Fig. 5.
For tests conducted at 800 °C in vacuum, no indication
of a defined fatigue zone was observed at any of the
three frequencies investigated. Cracks always initiated
internally, with the major portion of the fracture occur-
ring by microvoid growth and coalescence, leading to
fracture paths such as that exhibited in Fig. 6.

Samples tested in air at 600 °C also, as in vacuum,
exhibited surface-connected crack initiation sites with
the fatigue zone shrinking as the frequency was lowered,
but the fatigue path was of mixed mode at high frequency
changing to a primarily intergranular mode at lower fre-
quencies; see Fig. 7. An exception to this result was
observed for the sample tested at 690 MPa/2 Hz, which
exhibited a transgranular fatigue zone. In this case, the
crack initiated internally, probably at an existing defact.
The overload zones for samples tested in air remained

transgranular and were similar to that shown in Fig. 5.
Tests performed in air at 800 °C also exhibited internally
initiated fracture with dimples in the center of the frac-
ture areas, but the portion of the fracture that occurred
by microvoid growth and coalescence was reduced when
compared to the same tests run in vacuum. Numerous
intergranular areas were present along the outer rim at
the lowest frequency (Fig. 8), indicating a very limited
intergranular surface-connected fatigue zone.

C. TEM observations

Two fractured samples were examined in the TEM.
The test conditions chosen were 600 °C/72 MPa/20 Hz
and 800 °C/690 MPa/0.2 Hz as, respectively, tempera-
ture, stress-range, and frequency, both in vacuum. These
conditions are at both extremities of the range of tem-
perature and frequencies chosen for the present study
and should therefore correspond to the maximum differ-
ences in the dislocation substructures. Vacuum has been
chosen rather than air in order to better isolate possible
creep interaction. The sample tested at 600 °C/20 Hz
[Fig. 9(a)] exhibits a relatively high density of entangled
dislocations. Some straight dislocations also can be seen.

A 800 °C/0.2 Hz, no straight dislocations can be
seen [Fig. 9(b)]. Dislocation densities appear to be sim-
ilar in (a) and (b), but the dislocations tend to be
rearranged into a subgrain structure in the latter.
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FIG. 2. Effect of frequency on fatigue lives at 600 °C and 800 °C
1n vacuum and in air.

V. DISCUSSION

When alloys are cyclically deformed at elevated
temperatures, and only fatigue deformation and crack
growth occur, the number of cycles to failure should
be independent of frequency; see Fig. 10(a). In this
study, however, decreased fatigue lives were observed
as the frequency was reduced for all of the conditions
investigated. This behavior has been reported in many
systems and has been related to a creep interaction,
an environmental interaction, and/or the combination of
the two.'”!® Although the moderate vacuum used in
this study did not guarantee those tests performed in
vacuum were completely free of environmental effects,
the results provide considerable evidence for a true creep
component at the temperatures of interest.

A. Creep interaction

Samples tested at 800 °C under vacuum exhibit a
fracture initiated internally by microvoid growth and
coalescence at each of the frequencies employed. At
600 °C the fatigue zones decreased in size as the
frequency was lowered. Moreover, the large increase
in ductility observed with decreasing frequency at both
temperatures is particularly strong evidence for the role
of creep in the fatigue process. Additional evidence for a
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FIG. 3. Changes in elongation as a function of test frequency, tem-
perature. and environment.

creep-fatigue interaction is provided by the experiments
conducted in air. Although fatigue lives are slightly
shorter compared to the same tests run in vacuum, the
general trend of the results in these experiments paralleis
those obtained in vacuum (i.e., the slopes of Ny and 4
vs v are identical), indicating that environment plays a
minor role in the observed frequency dependence on the
stress-controlled fatigue life. Finally, while TEM
revealed no major differences in dislocation substructure
at the extremes of temperature and frequency, there is
some indication of cell formation at the lowest fre-
quency, Fig. 9(b).

On the other hand, if creep alone were the principal
mechanism for failure, the time to failure would not be
expected to be a function of frequency. A schematic
representation of specimen life versus frequency for
creep and fatigue-dominated processes is shown in
Fig. 10 (after Stoloff?®). The transient regions between
the two “pure” mechanisms are qualitatively represented.
In Fig. 10(b), it can be seen that since the lower
frequency represents a lower applied stress rate, it is
expected that fatigue life measured in elapsed time
should increase with decreasing frequency if the process
is fatigue-dominated. If creep processes dominate,
however, lower applied stress rates should result in
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(®)
FIG. 9. TEM observations of dislocations in samples tested under
two widely different conditions: (2) 7 = 600 °C. v = 20 Hz. Jo =
724 MP3 and (b) T = 800 °C, v = 0.2 Hz, Ao = 690 MPa.

additions 1o NizAl improve high temperature tensile
propentizs as well as high cycle fatigue properties in
air. On the other hand, the decreased ductilities-and
Intergranular fatigue zones show that, once a crack is
initiated. “dynamic” oxygen embrittiement occurs.

V. CONCLUSIONS

(1) The elevated temperature fatigue resistance of
the NizAl~B/Cr/Zs alloy IC 218, tested under load con-
trol at 600 ° C and 800 °C, is sensitive 10 test frequency
and temperature. Life decreases with a decrease in the
frequency and/or an increase of the temperature.
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FIG. 10. Schematic diagrams of specimen life versus frequency for
creep and fatigue-dominated processes: (a) number of cycles and
(b} duration. "

(2) The fractographic features as well as enhanced
ductility observed with decreasing frequency provide
evidence for a creep interaction being the predominant
mechanism for these effects.

(3) The refative role of each phenomenon. i.c.. creep
and fatigue, is frequency and temperature dependent.
Within the stress range and frequency conditions used,
creep begins 10 interact at about 600 °C with a stili
predominant fatigue failure mode, but creep is the major
mechanism for failure at 800 °C.

(4) An air environment has a weak effect on crack
initiation but strongly influences crack propagation with
farigue zones, when present, becoming partly and/or
entirely intergranular.

ACKNOWLEDGMENT

This research was conducted under a University
Research Initiative funded by the Defense Advanced
Research Projects Agency (DARPA) and the Office of
Naval Research under Contract N00014-86K-0770.

J. Mater Res., Vol 7. No. 2. Fed 1892 319

\




CanE

G. M. Camus, D.J. Duquette. and N. S. Sroioft The influence of test frequency. temperature. and environment on the fatigue resistance

REFERENCES

1

tJ

10.

1L

320

. K. Aoki and O. 1zumi. Nippon Kinzoku Gakkaishi 43, 1190-1196
(1979).

. N.S. Stoloff. Int. Mater. Rev. 34, 157-183 (1989).

. 1. Baker, E.M. Schulson, and J.A. Horton, Acta Metall. 35.
1533-1541 (1987).

. V.K. Sikka, in High-Temperature Ordered Intermetallic Alloys
ll. edited by N.S. Stoloff, C.C. Koch, C.T. Liu, and O.
lzumi (Mater. Res. Soc. Symp. Proc. 81, Pittsburgh. PA. 1987),
pp. 487-493,

. C.T. Liu and C.L. White, in High-Temperaiure Ordered Inier-
metallic Alloys, edited by C.C. Koch, C.T. Liu. and N.S.
Stoloff (Mater. Res. Soc. Symp. Proc. 39. Pittsburgh. PA, 1985).
pp. 365-380.

. G.E. Fuchs and N. S. Stoloff, Scripta Metall. 21, 863-868 (1987).

. A.K. Kuruvilla and N.S. Stwoloff, Scripta Meuall. 21. 873-877
(1987).

. J.H. Schneibel, G.F. Petersen, and C.T. Liu, J. Mater. Res. 1.
68-72 (1986).

. R.S. Bellows and J.K. Tien, Scripta Metall. 21, 1659-1662

(1987).

R.S. Bellows, E. A. Schwarzkopf, and J. K. Tien. Metall. Trans.

A 19A, 479-486 (1988).

C.T. Liu and C.L. White, Acta Metall. 35. 643-649 (1987).

12.

13.

14.

16.

17.

19.
20.

K. M. Chang. S.C. Huang. and A.l. Taub. High-Temperature
Ordered intermeiallic Alloys 1l. edited by N.S. Stoloff. C.C.
Koch. C.T. L. and O. Izumi (Mater. Res. Soc. Symp. Proc.
81. Piusburgh. PA. 1987), pp. 303-308.

C.T. Liu and V. Sikka, J. Metals 38 (5), 19-21 (1986).

V.K. Sikka and E.A. Loria. in Superalloys 1988. edited by
D.N. Duhl. G. Mavurer, S. Anolovich, C. Lund. and S. Reichman
(AIME. Warrendale. PA. 1988), pp. 203-212.

. S.E. Hou. N.S. Hou. C.H. Tong, C.Y. Ma. and S. Y. Lee. in

High-Temperature Ordered Intermezallic Allovs Il. edited by N.S.
Stoloff. C.C. Koch. C.T. Liu, and O. lzumi (Mater. Res. Soc.
Symp. Proc. 81. Piusburgh, PA. 1987), pp. 507-512.

W. Matuszvk. M.5. Thesis, Rensselaer Polytechnic Institute,
Troy. NY. 1988.

N.S. Stoloff and D.J. Dugquette. in Creep-Fatigue-Environment
Interactions. edited by R.M. Pelloux and N.S. Sioloff (TMS-
AIME, Warrendale. PA, 1980). pp. 178-194.

. G.L. Povirk. J. A. Horton, C.G. McKamey. T.N. Tiegs. and S.R.

Nutt, J. Mater. Sci. 23 (11). 3945-13950 (1988).

E. Blank and N.S. Swoloff, Acta "-ictall. 35, 2255-2264 (1987).
N.S. Stoloff. in Fangue Environment and Temperaure Effects.
Sagamore Army Conf. Proc. 27. edited by J.J. Burke and V.
Weiss (Plenum Press. New York. 1983), pp. 301-327.

J. Mater. Res., Vol. 7, No. 2, Feb 1992




Effects of Temperature and Environment on the Tensile
and Fatigue Crack Growth Behavior of a NizAl-Base Alloy

W. MATUSZYK, G. CAMUS, D.J. DUQUETTE, and N.S. STOLOFF

The effects of temperature, frequency, and environment on the tensile and cyclic deformation
behavior of a nickel aluminide alloy, Ni-9.0 wt pct Al-7.97 pct Cr-1.77 pct Zr (IC-221), have
been determined. The tensile properties were obtained in vacuum at elevated temperatures and
in air at room temperature. The alloy was not notch sensitive at room temperature or at 600 °C,
unlike Cr-free Ni,Al + B alloys. In general, crack growth rates of IC-221 increased with in-
creasing temperature, decreasing frequency, exposure to air, or testing at higher R ratios. At
25 °C, crack growth rates were slightly higher than for a previously investigated Cr-free Ni;Al
alloy. However, at 600 °C, the crack growth rates for IC-221 were lower than for the Cr-free
alloy. Substantial frequency effects were noted on crack growth of IC-221 at both 600 °C and
800 °C in both air and vacuum, especially at high K. The relative contributions of creep and
environmental interactions to fatigue crack growth are discussed.

I. INTRODUCTION

THE Ni,Al intermetallic has received considerable at-
tention due to its potential for engineering applications
at elevated temperatures. Despite such attractive features
as increased strength at high temperature and good ox-
idation and corrosion resistance, applications of poly-
crystalline Ni;Al have been limited by its low ductility
at room temperature.

Microalloying of Ni Al with boron has proven to be
very effective in improving ductility.!"-?! Unfortunately,
Ni;Al experiences a ductility loss when tensile tested in
an oxidizing environment between 500 °C and 1000 °C,
accompanied by a transition in fracture path from trans-
granular to intergranular.”® An effective solution to this
problem has been to alloy Ni,Al with moderate amounts
of Cr (8 pct).1* The beneficial effect of Cr may be to
develop a Cr,0, subscale which could reduce the sever-
ity of dynamic embrittlement.!*! Previous studies!?! have
indicated that chemisorption of oxygen ultimately resnits
in weakening of atomic bonding across grain bound-
aries. The present work examines the tensile and fatigue
crack growth properties of a Ni;Al + B alloy containing
Cr and Zr. In performing this study, temperature, en-
vironment, and frequency (for the cyclic deformation tests)
were the principal experimental variables.

II. EXPERIMENTAL PROCEDURE

A. Alloys

A heat of an alloy, designated 1C-221, was received
from Oak Ridge National Laboratory, Oak Ridge, TN.
The composition of the tested alloy is 9.0 wt pct Al,
7.97 pct Cr, 1.77 pet Zr, 0.02 pct B, and bal. Ni. The
alloy was hot isostatically pressed (HIP) from prealloyed
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powders and hot extruded. The ingot was 4.4 cm in di-
ameter by 25.4 cm in length. This material was used for
both tensile and crack growth experiments.

B. Metallography and Microstructure

Metallographic samples were mounted in epoxy or
bakelite and then mechanically polished through 600 grit
SiC paper, 9-um diamond paste, and a 0.3-um Al,O,
slurry. The samples were then chemically etched with
Kallings reagent to reveal their microstructures. The grain
size was measured using the linear-intercept technique.

Heat treatments were performed in vacuum at 1150 °C
for 0.5 hours with a furnace cool to 800 °C and a hoid
for 24 hours followed by a furnace cool to room
temperature.

The microstructure of the alloy, in the as-received
condition, exhibited fine, apparently unrecrystallized
grains of <1-um diameter. The grain size of the heat-
treated material was 8 um (Figure 1). A slight degree
of porosity was detected in the alloy, which was not sur-
prising for a powder metallurgy product. At high mag-
nification, a second phase was detected; this phase is
reported to be disordered y.1%

C. Tensile Testing

Tensile samples were machined from IC-221 prior to
heat treatment. The sample geometry is shown in
Figures 2(a) and (b) for unnotched and notched samples,
respectively. Following the appropriate heat treatment,
unnotched tensile samples were mechanically polished in
a fashion similar to the metallographic samples. Notched
samples were not polished prior to testing.

The samples were tested in a servohydraulic machine
with a resistance-heated environmental chamber. This
permitted testing up to 800 °C in air or in vacuum. A
split wedge-action grip was used. All tests were per-
formed in stroke mode at a strain rate of 4.2 x 107*s7".
The temperature was monitored with a chromel-alumel
thermocouple in contact with the gage section of the
sample. A 20-minute soak was employed once the sam-
ple reached test temperature to allow the sample to
equilibrate.
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Fig. 1 —Microstructure of HIP and extruded IC-221 alloy.

Unnotched and notched samples of IC-221 were tested
at room temperature in air and at 600 °C and 800 °C in
vacuum (<4.5 x 107* Pa).

D. Fatigue Crack Growth

The fatigue crack growth properties of IC-221 were
examined as a function of temperature, environment, and
R ratio (minimum/maximum stress). All crack propa-
gation experiments were conducted on compact tension
samples of the geometry shown in Figure 2(c). Electro-
discharge machining was used to ensure a sharp notch
for precracking. Crack growth was monitored using either
a traveling microscope or a dc potential drop technique.
During the initial room-temperature tests, crack growth
was monitored simultaneously by the dc potential drop
technique and the traveling microscope. This provided a
calibration curve between the observed potential drop and
the actual length measured with the microscope.

Crack growth tests were performed at room temper-
ature in air at R = 0.1 and R = 0.6. Elevated temper-
ature tests were performed at 600 °C and 800 °C atR = 0.1
and R = 0.6 in air and in vacuum. The standard test
frequency was 20 Hz, except at 800 °C, where frequen-
cies were controlled in the range of 0.02 to 20 Hz. Crack
growth was monitored by the potential drop technique
only at 600 °C and 800 °C.

HI. RESULTS
A. Tensile Tests

Tensile properties of IC-221 are listed in Table I and
shown in Figure 3. IC-221 did not display notch sensi-
tivity at room temperature or at 600 °C (Table II). In
general, an alloy is considered notch sensitive if the notch
sensitivity ratio (UTS /UTS o) is less than 1.0.

B. Fatigue Crack Growth

The influence of temperature on fatigue crack growth
rate (FCGR) for IC-221 tested at a constant frequency
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Fig. 2—Test sample configurations: (a) unnotched tensile. (b) notched
tensile, and (¢) compact tension.

of 20 Hz is shown in Figures 4(a) and (b) for R = 0.1
and R = 0.6, respectively. An increase in temperature
produces a significant increase in FCGR in similar en-
vironments. At 800 °C, crack growth rates are about
100 times higher than at 25 °C. The increase in temper-
ature also results in decreased values of the threshold
stress intensity range, AK,,.

Crack growth rates of IC-221 increased as the envi-
ronment was changed from vacuum to air at constant R
ratio and temperature. Testing in air resulted in only a
slight decrease of AKX, values at R = 0.1 (Figure 4(a)).
The difference in da/dN between air and vacuum was
greater at high K than at low X.

The effects of temperature and R ratio on FCGR of
IC-221 in air and in vacuum are individually summa-
rized in Figures S(a) and (b), respectively. Note that at
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Table I. Tensile Data for 1C-221 Alloy
Yield Strength UTS Ductility
Sample T (°C) Environment (ksi) (MPa) (ksi) (MPa) (Pct
1C-221 25 air 94.8 653.2 206.0 1419.3 213
1C-221 600 vacuum 116.1 800.0 152.3 1049.3 232
1C-221 800 vacuum 101.0 695.9 109.9 757.2 15.2

both 600 °C and 800 °C in air, there is a substantial ef-
fect of R ratio on growth rate near threshold, but the
effect diminishes with increasing AK (Figure 5(a)). In
vacuum, on the other hand. there is a strung effect of R
on growth rates at all X at 600 °C and no effect at 800 °C
(Figure 5(b)).

The effects of test frequency on FCGR at 800 °C in
air and in vacuum, at R = 0.1, are shown in Figures 6(a)
and (b), respectively. Note in Figure 6(a) that crack growth
rates in air increase substantially with decreasing fre-
quency at high K but that there is little or no effect of
frequency near threshold. In vacuum, a similar effect is
noted, but it is not as clear cut (Figure 6(b)). In fact, the
curve for » = 0.02 Hz has an entirely different shape
from the other two. The data have been recalculated for
R = 0.1 on the basis of time-dependent growth in
Figures 7(a) and (b), and both da/dN and da/at are plot-
ted vs frequency at AKX = 25 MPa'm in Figure 8. A clear
trend of decreasing crack growth rate, da/dN, with in-
creasing frequency is seen, with the crack growth rates
more than 10 times lower in vacuum than in air at all
but 20 Hz. The growth rate based on time, da/dt, shows
the opposite trend with frequency, with a higher growth
rate at higher frequency in both vacuum and air
(Figures 7(a) and (b) and 8).

C. Fractography

Scanning electron microscopic (SEM) examination of
samples fractured between 25 °C and 700 °C in vacuum
revealed transgranular failure with dimpled regions pres-
ent. A significant difference in fracture mode was ob-
served in a specimen of IC-221 tested in tension at 800 °C
in vacuum (4.5 x 107 Pa). The fracture is a mixture of
transgranular ductile tearing with intergranular facets
(Figure 9).

Crack growth samples of 1C-221 showed fracture paths
that varied with both temperature and environment.
Intergranular fracture was noted for a test at 600 °C in
air (Figure 10(a)), while transgranular fracture was noted
at 600 °C in vacuum (Figure 10(b)).

At 800 °C in air, IC-221 revealed for all test frequen-
cies and both R ratios a heavily oxidized surface in which
the fatigue crack path could not be identified. However,
the overload zone invariably was intergranular. In vac-
uum, a mixed mode of fracture was observed for R = 0.1

Table Il. Notch Sensitivity Values (NSR) for 1C-221
T (°C) Environment NSR
25 air 1.02
600 vacuum 1.40

METALLURGICAL TRANSACTIONS A

at 20 Hz (Figure 11(a)). At lower test frequencies, the
fracture was entirely intergranular in vacuum for R =
0.t or R = 0.6, as shown, for example, in Figures 11(b)
and (c) for fatigue and overload zones, respectively.

IV. DISCUSSION
A. Tensile Behavior

The tensile results reported here (Figure 3) were ob-
tained primarily to establish the stress levels at which
fatigue crack growth tests were to be run and to deter-
mine whether the alloys were notch sensitive. It is in-
teresting to note that although the room-temperature
ductility of IC-221 is only about 20 pct (Figure 3), there
is no sudden drop in ductility at 600 °C and above. The
lack of notch sensitivity of IC-221 (Table II) is partic-
ularly noteworthy. Previous work has shown that al-
though Ni;Al + B is ductile at room temperature, it is
quite notch sensitive.'s! Manganese also eliminates notch
sensitivity in Ni,Al + B, probably through the presence
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Fig. 3—Tensile test results as a function of test temperature for
1C-221 alioy.
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of a disordered second phase.!® The I1C-221 utilized in
this investigation contains a small amount of disordered
y (Ni-rich solid solution),'” suggesting the generally
beneficial effect of such a phase on notch sensitivity.

B. Fatigue Crack Growth
Plastic zone sizes were estimated according to the

Irwin!® equation:
I (Ax)’
r,=—|—
T 2m\ao,

where the cyclic yield stress, a,, is estimated to be twice
the tensile yield stress (due to cyclic hardening) and r,
is the plastic zone size. Plane strain conditions (r,/B <
0.02, where B = specimen thickness) were not achieved
at AK values greater than 25 MPa-m™'/* at 25 °C,
30 MPa'm~"/? at 600 °C, and 26 MPa-m~"/? at 800 °C.
Therefore, the results do not conform to ASTM Standard
E 637." and the crack growth data can be used only to
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analyze trends in properties of this alloy as a function of
temperature, R ratio, and environment.

At 25 °C, crack growth of IC-221 occurs slightly faster
than for a Cr-free, single-phase Ni,Al-base alloy
(IC-50)"*! at low AK only, as shown in Figure 12. At
high K, crack growth rates for the two alloys are iden-
tical. At 600 °C, on the other hand, IC-221 cracks at a
lower rate than IC-50, as is also shown in Figure 12.
The results of crack growth experiments carried out at
600 °C in vacuum have been compared to those for other
high-temperature alloys (Figure 13). Only an ordered
(Fe, Ni);V + Ti alloy, LRO-60™ Fe-39.5 wt pct Ni, 37 pet
Fe, 22.4 pct U, 0.4 pct Ti, and IN X-750,"% possesses
lower crack growth rates at AK = 20 MPa-m~'/. At high
AK, 1C-22] displays lower crack growth rates than all
the other high-temperature alloys shown in Figure 13.

Crack growth rates increased for IC-221 between 25 °C
and 800 °C in spite of an increasing yield stress over the
same temperature range. One possible explanation for
the high growth rates at elevated temperature is an en-
vironmental effect due to adsorbed oxygen at the crack
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Fig. 5—Crack propagation rates for IC-221 alloy as a function of
AK and R at 600 °C and 800 °C; v = 20 Hz: (a) in air and (b) in
vacuum.

tip.'"¥ The crack propagation experiments on IC-221 were
carried out both in air and in moderate vacuum (<4.5 X
10~ Pa). Although the surfaces of the specimens tested
in vacuum appeared to be shiny after the test, fractog-
raphy revealed oxide formation in the fatigue zones

(Figure 10(b)).
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Fig. 6—Crack propagation rates for IC-221 alloy as a function of
AK and frequency at 800 °C: (a) in air and (b) in vacuum.

The values of AK,, decreased with increasing load ratio
for IC-221 at ali temperatures. The effect of load ratio
on near threshold crack propagation rates may be ra-
tionalized by crack closure. At the threshold levels, crack
tip opening displacements (CTOD) are small. Hence,
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Fig. 7— Time-based crack propagation rates for IC-221 alloy as a
function of the maximum stress intensity. frequency. and R ratio at
800 °C: (a) in air and (b) in vacuum.

oxide debris with a thickness comparable to the CTOD
or fracture surface roughness with a mismatch between
the mating facets will cause early contact of fracture sur-
faces and raise the crack closure loads. The greater the
oxide thickness or the rougher the fracture surface, the
higher will be the degree of crack closure. This results
in a reduction of the effective crack tip stress intensity,
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Fig. 8— Influence of frequency and environment on crack growth rates
of IC-221 at 800 °C; AK = 25 MPa'm.

AK 4. thus increasing the apparent value of 4K,,. Oxide-
and roughness-induced closure are significant only at low
R values, since high load ratios minimize crack closure.

At both 600 °C and 800 °C, with an R ratio of 0.1,
AK,, values are virtually identical in both air and vac-
uum. At high AK, both air and vacuum curves also tend
to merge, with a maximum difference in da/dN being
observed at intermediate AK ranges. These data indicate
that at these temperatures, where oxidation rates are low.
oxide affected crack closure does not influence the val-
ues of AK,. At high AK, crack propagation rates are
sufficiently high so that the cracks are driven primarily
by cyclic mechanical driving forces, i.e., pure fatigue.
In the intermediate AK range, air increases the FCGR
when compared to vacuum, and the fracture path is
changed from transgranular in vacuum to intergranular

Fig. 9— SEM fractograph of IC-221 showing transgranular ductile
tearing with intergranular cleavage facets; tensile test. 800 °C. vacuum.
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Table 1II. Activation Energies
for Crack Growth of 1C-221
Koox Temperature Q
Environment (MPa-m) Range (kJ/m)
Air 20 600 to 800 89
Air 30 600 to 800 82
Vacuum 20 600 to 800 96
Vacuam 30 600 to 800 100

in air. A similar effect has been observed in an
(Fe,Ni),V + Ti alloy (LRO-42) which has essentially
the same composition as alloy LRO-60, data for which
are included in Figure 13. The increase in growth rates
in air relative to vacuum may be attributed to the ad-
sorption of oxygen at the crack tip, leading to inter-
granular embrittlement of the alloy.!'¥

At 600 °C and 800 °C with an R ratio of 0.9, AK,, is
larger in air than in vacuum. As for an R ratio of 0.1,
the FCGR's in air and in vacuum tend to merge at high
AK, and the differences between them are maximized at
intermediate AK’s (Figure 4(b)). These data indicate that
the absence of closure due to a high R ratio results in a
greater interaction of the alloy with oxygen at the crack
tip at low X and, thus, results in some embrittlement.
As for an R ratio of 0.1, high K’s show little effect of
environment, indicating that crack propagation effec-
tively outpaces oxidation processes.

The specific effects of environment and R ratio are
shown in Figure 5, which verifies that in air, the R ratio
is only important at low to intermediate AK. In vacuum,
on the other hand, the R ratio is only important at 600 °C,

107
O IC-50,A.T.AIR R=0.1
o 16-50,500°C,VACUUM v=20 Hz
10-5}- 4 1C-50,800°C.VACUUM
® 1C-221,.R.T.AIR
& 1C-221,600°C.VACUUM
8 1G-221,800°C.VACUUM
1w
g o
> W'
S
E o
Z
® 10
E] F {
°
1w*' -
10-10 e
10_" I A .l A i il
2 4 6 810 20 40 80 80100

AK (MPay/m)

Fig. 12— Comparative crack propagation rates as a function of AK
for alloys IC-50 and IC-221 at room temperature, 600 °C, and 800 °C
in air and in vacuum.
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Fig. 13— Comparative crack propagation rates as a function of AKX
for IC-221 and a number of commercial and experimental alloys be-

tween 550 °C and 650 °C.101

over the entire AK range. At 800 °C, increasing the R
ratio from 0.1 to 0.6 has little perceptible effect on
FCGR’s at any AK. These data confirm the concept that
only when AK's are low can oxidative processes affect
FCGR’s. Moreover, the tests performed ir vacuum in-
dicate that the cyclic stress range, rather than the max-
imum stress, provides the driving force for crack growth
at 800 °C. At 600 °C, there is an apparent effect of R
which appears to contradict this observation. However,
at the vacuum levels used in this study, it is likely that
some oxygen embrittlernent has occurred, since the FCGR
is considerably lower than at 800 °C, thus providing more
time for oxidative reactions.

The effect of environment also can be determined by
examining the effects of cyclic frequency shown in
Figures 6 and 7. In air, AK,, is independent of fre-
quency, while FCGR’s increase at intermediate to high
AK’s. These effects are due to the increased oxidation
time available at the crack tip during slower cycling, and
when the data are plotted as da/dr rather than da/dN, it
can be seen that, except at the highest frequencies, the
data are relatively independent of either frequency or R
ratio. The apparent discrepancy at the highest frequency
is believed to be due to crack propagation which is more
rapid than oxygen-induced embrittiement in the process
zone ahead of the crack. When tests are performed in
vacuum, frequency has little or no effect on FCGR's,
except at the lowest frequency of 0.02 Hz. It is likely
that the moderate vacuum used in these experiments was
not sufficient to inhibit environmental interactions at this
low frequency.

As shown in Figure 8, there is a pronounced increase
in growth rate (da/dN) at 800 °C with decreasing fre-
quency to 2 Hz in vacuum and to 0.02 Hz in air. The
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absolute value of growth rate remains higher in air at all
frequencies, but the differences in growth rate narrow at
high frequency. Previous work on a similar alloy, IC-218,
Ni-85 wt pct Al-76 pct C-0.83 pct Zr, under stress con-
trolled high cycle fatigue conditions revealed a decrease
in the number of cycles to failure with decreasing fre-
quency at both 600 °C and 800 °C.!"*! Strain to failure
and reduction in area also increased with decreasing fre-
Gquency, suggesting a contribution of creep to deforma-
tion during the fatigue tests.!'> However, it is clear from
the oxidized intergranular fracture surfaces obtained at
all frequencies that environmental attack occurs even in
the vacuum employed for these experiments. Therefore,
the frequency effect on growth rate probably reflects a
combination of environmental (oxygen) attack and creep
processes, although it is believed that environmental
interactions are dominant. Also noted at low frequencies
was an increased number of secondary cracks. Such cracks
also were noted by Hippsley and DeVan!'*! in their static
fatigue tests on a Ni-22.9 at. pct Al-0.5 pct Hf-0.24 pct B
alloy (IC-50) carried out in air. The fact that these cracks
were noted in our work only at low frequencies suggests
that diffusion of oxygen is necessary for these cracks to
appear.

It is instructive to compare our crack growth results
under cyclic loading with the crack growth data under
static loading in air reported by Hippsley and DeVan!'*!
fcr IC-50 in the temperature range of 500 °C to 760 °C.
Fracture in the latter alloy occurred by stable inter-
granuiar cracking, with an apparent activation energy of
110 kJ/mol for the process. That value is smaller than
that for oxygen diffusion along grain boundaries in pure
nickel in the absence of stress (~311 kJ/mol).!'3!

Utilizing crack growth data for IC-221 at 600 °C and
800 °C (from Figure S(a)) at a stress intensity range of
20 MPa-m'/? (comparable to the stress intensity of
15.8 MPa-m'/? used in the static fatigue tests), apparent
activation energies of 89 kJ/mol for tests in air and 96 kJ/
mol for tests in vacuum are obtained. Similar numbers
are obtained for AK = 30 MPa'm'/? (Table IlI). Since
IC-221 contains 7.97 wt pct Cr, while IC-50 is Cr-free,
one might expect a lower crack growth rate for IC-221
in a similar temperature range (500 °C to 760 °C), with
perhaps a transgranular crack path for IC-221. However,
it is clear from Figure 10(a) that Cr is unable to prevent
intergranular slow crack growth in air at 600 °C. With
regard to activation energies, the lower activation ener-
gies obtained in both environments for cyclic crack growth
of IC-221 than for static crack growth of 1C-50 in air
might be accounted for by one or more of the following
factors:

(a) if oxidation is rate controlling, oxide formation may
be more rapid in 1C-221 than in IC-50 due to the effects
of Cr!' and Zr!'%! in promoting the formation of a sur-
face film;

(b) cyclic crack growth, in which the oxide film is bro-
ken by repeated loading and unloading of the crack, may
allow oxygen more ready access to the crack tip than
would static growth; or

(c) cracking may be controlled by some mechanism other
than oxygen diffusion.

Recent research in our laboratory on oxidation of IC-221

METALLURGICAL TRANSACTIONS A

in the range of 900 °C to 1100 °C revealed that mixed
Cr,0;-Al,0, surface films form witn an increased pro-
portion of Al,O, at higher temperature.””! An activation
energy of 211 kJ/mol for oxidation betv:sen 900 °C and
1000 °C was calculated. This value is so much higher
than those observed in our work at lower temperatures
on .raci.. _.>wth that it must be seriously doubted that
oxidation per se is the rate limiting step in crack growth.
However, grain boundary diffusion of oxygen, wich a
lower activation energy, may still explain the inter-
granular crack growth noted in air. Previous work on a
similar alloy, IC-218, Ni-85 wt pct Al-76 pct Cr-0.83 pct
Zr, under stress controlled high cycle fatigue conditions
revealed a decrease in the number of cycles to failure
with decreasing frequency at both 600 °C and 800 °C.!""!
Strain to failure and reduction in area also increased with
decreasing frequency, suggesting a contribution of creep
to the fatigue tests.!'> However, it is clear from the ox-
idized intergranular fracture surfaces obtained at all fre-
quencies and in both environments that environmental
attack occurs, even in the vacuum employed for these
experiments. Therefore, the frequency effect on growth
rate probably reflects a combination of environmental
(oxygen) attack and creep processes.

V. CONCLUSIONS

1. IC-221 was not notch sensitive at room temperature
or at 600 °C, probably due to the presence of a dis-
ordered second phase.

2. Crack growth rates in IC-221 increased with testing
in air relative to vacuum and with testing at a higher
R ratio.

3. The rate of crack propagation in IC-221 increases with
increasing temperature, paralleling an increase in yield
stress with temperature. This behavior is attmbuted
primarily to an environmental effect at the crack tip,
as previously noted by others!'¥ for crack growth under
static loading in Cr-free Ni;Al + B.

4. Crack growth rate (da/dN) increased with decreasing
test frequency, both in air and in vacuum, at 800 °C,
indicating creep contributions to the environmental
effects on crack growth. Secondary cracking is en-
hanced at lower frequencies.

5. IC-221 displays excellent resistance to fatigue crack
propagation and compares favorably with other struc-
tural alloys tested under similar conditions at 600 °C.
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Isothermal and Cyclic oOxidation
of TiAl Composites

ARstract
Titanium Aluminide and TiAl matrix composites reinforced with
aluminé fibers (PRD166) were fabricated by powder metallurgy.
During isothermal oxidation at 950 and 1070°C, Composites containing
PRD166 fibers exhibited larger weight gains than monolithic TiAl;
the composites showed evidence of oxidation along the perimeter of
the fibers. A fiber reaction, which was observed after oxidation in
air, is believed to result from internal oxidation. The reaction
was suppressed by heat treating in vacuum and increasing the
aluminum content of the matrix. The oxide adherence on TiAl was
improved by the addition of alumina (PRD166) fibers.
l.Introduction

Titanium Aluminides are being considered for high temperature
structural applications, such as the National Aerospace Plane and .
rotors in automobile superchargers. However, similar to other
intermetallics, TiAl suffers from a lack of room temperature
ductility, inadequate creep resistance, and susceptibility teo
hydrogen embrittlement. Fiber reinforcement is being studied as a
means to improve the damage tolerance, creep resistance, and
specific strength of titanium aluminides.

The maximum operating temperature of titanium aluminides will
be limited by oxidaticn resistance rather than by creep or strength
retention-. Therefor2, an understanding of the oxidation
mechanisms of these materials is essential. Oxidation of binary Ti-
Al alloys produces mixed oxides of Al.0; and TiO.. During oxidation

at 1100 °C in air, a csntinuous alumina f'lm is formed only on Ti-Al

° Compositions are in wt.3}




alloys containing more than 42-45%° aluminumS.

While several studies of the mechanical properties of titanium
aluminide composites have been conducted, very little research has
been published on the oxidation behavior of these composites. The
purpose of this study was to examine the oxidation behavior of TiAl
composites containing alﬁmina reinforcements.
2.Fxperimental Procedures

The material used in this study was fabricated by powder
metallurgy using elemental titanium and aluminum powders. Dupont's
advanced alumina fiber, PRD166, was chosen as the reinforcement for
the ccomposites. The composition and size of the powders and fibers
are shown in Table 1. The Dupont PRD16§6 fiber contains 15%
stabilized zirconia to improve the fiber's creep res;;tance and
ultimate tensile strangth’. The composition of the monolithic TiAl

and the matrix of the composites was 40% (54 at.%) aluminum, which

corresponds to single phase gamma on the Ti-Al phase diagram.

Table 1. Powders and PRD166 Pibers

Reowvderx Riametex (um) Somposition douzce
Aluminum 8 99°% Al Valimet
Titanium 35 99°% Ti Micron Metals
PRD166 20 85% Al.0;, '15% Zro, Dupent

The PRD166 fibers were chopped to lengths of 3 mm and mixed
with ethanol to raduce agglomeration. The chopped fibers were then
mixed with the elemental citanjum and aluminum powders, cold
- isostatically pressaed at 242 MPa (35 ksi), pre-reacted at 800°C for
45 minutes, and then zonzclidated by hot iscstatic pressing at

1350°C and 173 MPa (25 ksi) for two hours.




Oxidation samples were polished to 0.3 um alumina and
ultrasonically cleaned with acetone and ethanol. Isothermal
oxidation experiments were performed using alumina boats in dry air
over the temperature range of 950 to 1070°C. Cyclic oxidation
experiments, to evaluate oxide adherence, consisted of ten hour
cycles at temperature followed by cooling in static air. Weight
change measurements were used to determine the oxidation resistance
of the composites. Oxide morphology. adherence, and composition
were evaluated by X-Ray diffraction, scanning electron microscopy
(SEM), energy dispersive analysis by X-Ray (EDAX), and electron
microprobe analysis (EMPA).
3.Results anad Dilcuanién
3.1 TiAl-PRD166 Oxidation

Oxidation weight change measurements of the PRD166 reinforced
composites are shown in Figures 1 and 2. The specific weight gain
of the composites was greatar than that of monolithic TiAl and
increased proportionally with the volume fraction of reinforcement.

Figures 3 and 4 show SEM micrographs of the oxide morpholegy
and cross sections of the oxide after oxidation for 100 hours at
1070°C. Approximately 40% of the monolithic sample was covered with
a convoluted oxide and the rest of the surface contained a highly
faceted oxide. These oxides were idontiticd'by X-Ray diffraction
and EDAX as.K1203 and TiO-, respectively. Figure 3 shows that the
matrix of the composites was covered by a buckled Al;0; film and
that an external oxide was not formed on the surface of the PRD166
fibers.

Based on SEM observations of oxidized samples, a schematic
model of the oxidation of TiAl (40% Al) at 1070°C is presented in

Figure 5. During the initial stages of oxidation, both rutile and




alumina nucleate on the sample surface. Oxidation exposures for
less than one hour indicate that a buckled alumina layer initially
forms. Golightly et. al.* proposed that compressive stresses,
resulting from oxide nucleation and growth within the parent Al;0;
film, are responsible for the bucklaed oxide.

Formation of the alumina film depletes the substrate of
aluminum and produces the Ti;Al zone shown in Figure 4(a). The
lower aluminum content of the Tij;Al promotes internal oxidation,
producing Al;0; precipitates and further reducing the aluminum
content. As the activity of titanium increases (and the activity of
aluminum decreases), titanium oxide formation becomes more favorable
than alumina formation. Continued oxidation produces a
heterogeneous oxide consisting of alternating layers of rutile and
alumina, shown in Figures S(a) and 6(d).

Depending on the aluminum content, the alumina film shown in
Figure S(b) may be discontinuocus; Meier et. al.? showed that
approximately 42-45% aluminum is necessary for continuous alumina
film formation on binary TiAl during oxidation in air at 1100°C.
Ti-Al alloys without sufficient aluminum content to produce a
continuous Al;0; film form a thick external oxide of Ti0;5/%.

Figures 4(a) and 5(d) show a TiO- oxide which formed over a
discontinuous alumina scale. The rutile layir may result from the
outward diffusion of titanium through gaps in the Al,0; film or may
result from other rapid diffusion paths. Voids, which have been
reported at oxide-metal interface®, may be Kirkendall porosity
resulting from outward titanium diffusion and are expected to raduce
. the integrity of the oxide-metal bond.

In contrast to monolithic TiAl, the PRD166 composites did not

develop a stratified oxide or a thick external TiO: layer. 1In




addition, Figure 4(b) shows evidence of oxidation along the

perimeter of the fibers. The alumina layer along the the fibers was
thickest near the surface of the composite and diminished towards
the center, as shown in Figure 6. Oxygen diffusion along the fibers
and subsequent oxidation of thevmatrix along the perimeter of the
fibers is believed to be responsible for the increased weight gain
of the composites; Tortorelli et. al.’ reported that Nij;Al
reinforced with PRD166 and FP fibers exhibited larger weight gains
than unreinforced NijAl.

3.2 PRD16§ Reaction

A fiber-matrix reactiocn, shown in Figure 7, occurred at some
of the fibers, predominantly at fiber clusters, during oxidation at
950, 1020 and 1070°C in air. Measurements of the reaction zone
indicate that it grows at a parabolic rate. EMPA revealed that the
dark precipitates are Al-O3; in addition, the matrix adjacent to the
reaction zone was doped with about 2.5% zirconium.

Nourbakhsh et. al.3 found that TiAl(Mn)-PRD166 composites
produced by pressure casting were doped with zirconium and formed
zirconia at the fiber-matrix interface. This effect was attributed
to creep of the fiber which swept zirconia to the fiber perimeter
and into the matrix. However, Nourbakhsh's study did not include
any oxidation experiments or report anyching.similar to the reactiocn
in Figure 7:"

The matrix-PRD166 reaction does not result from an inherent
fiber-matrix incompatibility. Diffusion couple experiments have
shown that Al-O; is stable with gamma TiAl®. Above 1000°C, zirconia
i is thermodynamically more stable than alumina‘’. A sample
containing 30% PRD155 was heat treated for 100 hours at 1070°C in an

evacuated quartz tube, and Figure 7(b) shows that the reaction did




not occur after this heat treatment. Therefore, the reaction is
most likely related to oxygen diffusion and reaction with the matrix
along the PRD166 fibers.

Wagner!® derived an expression for the critical aluminum
content, N°a:, necessary to prevent internal oxidation. The
cricical aluminum content is dependent on the volume fraction of
internal precipitates, g, and the ratio of?ght diffusivity of oxygen

and aluminum in the matrix, D,/Dp;. Other variables in equation (1)

include the oxygen solubility in the alloy, Ny, and the molar

NN .

volumes of tho'oxidiffvgx, and of the alloy, V,. Internal oxidation
occurs when the oxygen flux into the alloy is greater than the
counter flux of aluminum. At a critical volume fraction of internal

precipitates, g°, the oxygen flux is reduced by the alumina

precipitates to allow the formation of a continuous alumina film.

g NoDVy
(1)
3Da:Vox

N'a1 =
The following model is presented to explain the matrix-PRD166

reaction and the acgaleraimnd weight gain of the composites. As a
result of stress assis:ed-tusion at the high fabrication
tempcrature (1350°C) and pressure (173 MPa)..the TiAl matrix is
doped with g}fconium and a zirconia sheath forms at the perimeter of
the fibers. For example, TEM results by Nourbakshi? have shown that
2r0; is present at the fiber-matrix interface of intermetallic
composites produced by pressure casting. Figure 3 shows that the
fiber ends are not covared by an oxide film, thus allowing a
constant supply of oxygen to the reaction zone surrounding the

fibers. The diffusivity of oxygen in zirconia at 1070°C is




approximately eleven orders of magnitude faster than in aluminall.l4,
A previous study has shown that zirconium increases the oxygen
diffusivity in titanium!3. If Zr has the same effect in TiAl,
equation (1) indicates that a greater aluminum content will be
required to prevent internal oxidation along the fibers.

By incroasiné the aluminum content of the matrix, it should be
possible ta prevent the internal oxidation adja;ent to the fibers.
Two PRD166 composites were fab£icatod with 44% and 48% aluminum and
oxidized in air for 100 hours at 1070°C. The reaction was observed
in the sample containing 44% aluminum but not in the TiAl-PRD166
composite containing 48% aluminum,

3.3 Cyclic Oxidation

The results of cyclic oxidation experiments pe;formcd at
1070°Qare presenked in Figure 8. '!iii.cxfcr“--ﬁdﬁi‘tqmo‘ ¥t monolithic
TiAl is poor, as indicated by the spalling ahd subsequent rapid
waight gain. In.céntras;kjaonc‘pt ;hé composites exhibiéQd any
spalling.

Oxide adherence on Ti-Al alloys appears to be associated with
the ability to form a contiguous alumina film and the absence of a
thick external TiO- ;calo. The monoclithic TiAl formed a rutile
layer which spalled and cracked duriné“thermal cycling. However,
the oxide on the composites, which was similar to that produced
during isothermal oxidation, was adherent up to 120 hours.

Examination of spalled films indicates that oxide failure
typically occurs at the oxide-metal interface. A possible
explanation is that this interface has been weakened by Kirkendall
) voids, resulting from the outward diffusion of titanium. In any

case, precluding the formation of TiO- appears to improve oxide

adherence. Perkins-> showed that a continuous alumina layer,




promoted by chromium and vanadium additions, prevented the formation
of an external TiO» scale and improved the oxide adherence of the
alloy. The cyclic oxidation resistance of TiAl was .. znificantly
improved by promoting alumina formation with a low oxygen pressure
pre-treatmentl’.

Accgréiﬁb to_!.qugjs internal oxidation theory, the formation
of a cont{nucgg't;ip will occur at a critical volume fraction of
internal ptcgip@gihcgh‘g;g If the aldﬁ?ﬁiarcinfo:apmcnts act as
intofrfii‘%.oxpgt;cg;'tpin it may be peossible to form a continuous
Al;03 film at a lower aluminum content than without the
reinforcements. Thus, alumina fibers may inhibit outward titanium
diffusion by promoting a continuous scale of Al.0; and, thereby,
improve the cyclic oxidation resistance of TiAl composites.

4. Summary

TiAl reinforced with PRD166 fibers exhibited increased weight
gain during oxidation in air, as compared to monolithic TiAl.

Oxygen diffusion along the alumina reinforcement formed an Al;0;
layer along the perimeter of the fibers. It is postulated that
zirconium from the PRD166 fibers increases the oxygen diffusivity in
the matrix and promotes internal oxidation adjacent to the fibers:
this reaction may be suppressed by heat treating in vacuum or
increasing the aluminum content of the matrik.

The aéEZtion of PRD166 fibers significantly improves the oxide
adherence during cyclic.oxida:ion. One possible explanation is that
the fibers promote the formation of a continuous Al;03 film.

Further experiments are planned to determine i1f zZirconium is

necessary for the improved adherence.

Research supported by DARPA-ONR Contract No. NOQO14-86-K0770.
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Figurze 3 SEZM miczograzhs (a is a backscattered electron image and
b is a seccndacy electren image) of external oxide
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Figure S Schematic model for the oxidation of Tial at 1070°C.
(a) initial TiAl surface, (b) formation of Al,0; £ilm,
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external TiQ; formation.

Figure 6

Back scatctered electzon microgzaph of alumina layer on

the parireser of the PRD166 fibers afzer oxidation for
100 houzs a= 197Q°C. (a- location neax the surface of
the ccmccsite, b- location at the cexter of the
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Figure 7 Microstructure of TiAl-30% PRD166 after 100 hrs. at
1070°C. (a- air, b~ vacuum encapsulated in quartz,

= 10-7 torrx).
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OXIDATION OF POWDER PROCESSED NbAlj MATRIX COMPOSITES

PAUL S. KORINKO AND D.J. DUQUETTE
Rensselaer Polytechnic Institute, Materials Engineering Department, Troy,
Nev York 12180-3590

ABSTRACT

Niobium aluminide based composites fabricated by powder metallurgy
techniques were tested for oxidation resistance between 1000 and 1400°C.
The oxidation rate of these materials was improved over conventionally
cast or pack aluminized NbAlj. The inclusion of oxide dispersoids de-
creased the rate constant by an order of magnitude at 1000°C compared to
monolithic NbAl3 and to a value of the same order of magnitude as NiAl at
1170°C. The most heavily reinforced material studied had a rate constant
an order of magnitude greater than NiAl at 1400°C. The oxide scale vas
generally adherent and compact but contained oxide nodules.

INTRODUCTION

Intermetallic compounds are being considered as structural components
for che next generation of aircraft. In these applications it will bde
necessary for the components to exhibit superior physical, mechanical and
chemical properties, including resistance to oxidation at elevated tempera-
tures.

It has been shown that, of the niobium aluminides, the intermetallic
compound NbAlj has the best oxidation resistance [l1]. However, even with
75 atomic percent aluminum, NbAlj does not form a compact, << - mt, and
thus protective, scale. A number of efforts have been made :: 1.y rove the
oxidation resistance of NbAlj by alloying. For example, Perkins et al.
added elements vwhich were intended to decrease oxygean solubility and
diffusivity, and to increase the aluminum diffusivity, in an effort to
affect the transition from internal to external oxidation [2]. Hebsur et
al. [3] showed that chromium additions reduced the parabolic rate constant
by a factor of 2.5 and that chromium and yttrium together reduced the rate
constant by a factor of S.

Oxide dispersions have also been shown to decrease the oxidation rates
of nickel and cobalt based alumina and chromia forming alloys. Reactive
elements, for example, Hf, Sc, Y, 2r, vhich were preoxidized at a low partial
pressure of oxygen to form internal oxides prior to thermal exposure were
shown to decrease the rate comstants (4]. In particular, 0.05% Hf decreased
the weight gain by & factor of 8 in a Co-10Cr-11Al1 alloy after exposure for
100 hours at 1100°C. In another study a 1% addition of preoxidized Hf in the
same alloy showed a decreass in weight gain by a factor of 4 {5]. Oxide
dispersions included by mechanically alloying Ni-20Cr with 3 volume percent
either Y303 or Ce0; shoved s decrease in specific weight gain vhen
compared to similar alloys without the oxide dispersions [6].

In cthis study the effacts of randomly oriented fibers and oxide dis-
persions were investigated in NbAlj/Al207 composites manufactured by powder
processing techniques.

EXPERIMENTAL

Two powder metallurgy processing sethods were used to fsbricate the
msterials; conventional hot pressing, (EP), and reactive hot isostatic
pressing, (RHIP). The hot pressed samples were formed by vacuum hot
preassing prealloyed NbAlj powders at 21 MPa and 1500°C in & 30 mm diameter
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graphite die for 2 hours. The resultant compact contained predominately
NbAlj, a small fraction of NbpAl (<1%), and 5% Al;03 (determined by quan-
titative metallography) due to powder contamination. Samples of this com-
position will be referred to as alloy A.

Reactive hot isostatic pressing was performed by mixing elemental
povders of aluminum and niobium in the stoichiometric NbAlj racio. The
povder was divided into two batches; one batch was used to produce a mono-
lithic compound and & second batch was used to produce the reinforced
material. Fifteen volume percent Saffil™ fibers (96-97% A1503, bal. S10;)
of diameter Jum vas added to one batch of powder by mesns of an ethanol
slurry (fibers + ethanol) in order to disperse the fibers. Ethanol vas
added to the other bstch as a control. The powder slurries were mixed for
1 hour in a turbula type mixer. The ethanol was then evaporated at 130°C
for 10 hours under vacuum. The loose powders were degassed at 500°C for
ten hours and then cold isostatically pressed at 270 MPa in a 13 mm dia-
meter polyurethsne die. The green compacts were placed in niobium foil
lined welded 304 stajiuless steel cans, and vacuum encapsulated. The sealed
containers were placed in a HIP, which was heated and pressurized to 1200°C
and 173 MPa and held for 2 hours {7]. The RHIP sampie intended as a mono-
lithic material contained 3-4% Al;03 from oxygen contamination of the pow-
der, and a small fraction of elemental niobium, and vill be referred to as
alloy B. The matrix of the fiber reinforced RHIP material slso had 3-42%
Al203 present. The reinforced alloy is designated as alloy C.

Oxidation samples vere electro-discharge machined from the compscts.
Samples of alloy A consisted of rectangular slabs, 1.8 sm thick with a
surface area of 1.5 cm?; samples of alloys B and C consisted of disks,

0.7-1 am thick with s surface area of 0.7 cm2. The RHIP samples vere

etched in concentrated HC1 + 10% Hy0; to eliminate contamination from the

HIP can. All of the samples wvere metallographically polished to 0.3um

Al1203. The samples veres measured, ultrasonically cleaned in an alcohol-

50% acetone solution, and weighed on an analytical balance prior to ex-
posure. The specimens were then placed in metallurgical grade alumins
combustion boats and loaded into preheated tube furnaces in flowing, dry
bottled air (19-22% 07) at 50 CCM. Single samples were removed sfter 6.25,
25, and 100 hours and weighed. The sample and any spall vhich resulted from
the thermal cycling vere included in the gravimetry. The samples were mounted
in epoxy and polished to lum diamond. All the samples were evaluated optically
and select samples were examined with a JEOL 733 microprobe or a JEOL 840 SEM
in the backscattered electron mode.

The weight gain data vas fitted to a parabolic equation of the form:

(aW/A)2 = Kp(time) + C )

Where K, is the parabolic rate constant, C is an integration constant, AW
is the weight change and A is the surface area.

RESULTS AND DISCUSSION

The data from the isothermal oxidation tests for alloy A are shown in
Figure 1. The rate constant was calculated using equation (1).

A micrograph of the sample exposed for 6.25 hours at 1170°C is shown
in Pigure 2. A generally compact oxide scale was forsed, although a number
of subsurface cracks were present. These cracks appear along the scale/
substrate interface and vere present parallel to the interface but further
into the substrate. In some areas oxide nodules were formed, as shown in
Figure 3. A possible explanation for these sites of severe oxidation is

TMgaffil ia a registered trademark of laperial Chemical Iadustries
PLC, for alumina fibers.
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Fig. 2. Backscatterred electron image
(BE1) showing oxide scale on alloy A
after exposure for 6 hrs. at 1170°C.
Crack is parallel to surface at arrow.

Fig. 3. BEI showing an oxide nodule
formed on alloy A after exposure for
25 hrs. at 1170°C. Oxidation occurred
along prior particle boundaries. Cracks
vere also present parallel to the sur-
face, indicated by the arrow.
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Fig. 4. BRI showing a layered oxide
structure formed on alloy A after
exposure for 25 hrs. at 1400°C. Dark
band in oxide at (a) is Al;03, lighter
oxide at (b) is NbAlO;, and subsurface
vhite band (c) is NbzAl.




preferential oxidazion of the prior particle boundaries leading to debond-
ing of the particle.

A cross-section of the oxide after 25 hours of exposure at 1400°C is
shown in Figure 4. Oxidation is much more severe than at the lower temper-
atures and the oxide scale is thicker. The oxide is layered and consists
of NbAlO, and Alz03, immediately belcw the oxide is NbjAl.

The oxidation data for alloy B s:x shown in Figure 5. A macrograph
in Figure 6 shows the cross-section of the sample exposed for 100 hours
at 1400°C. Almost all of this sample vas consumed in this exposure, and
only a small unaffected core remained.

The oxide formed at 1000 and 1170°C was generally compact and adherent,
but with areas of preferential oxidation. These areas consist of alternat-
ing layers of NbAlO; and Al03, a structure similar to the layered
oxide shown in Figure 4. Cracking vas also present in this alloy. These
cracks tended to be paralle! to and within the oxide/substrate interface,
but not as deep within the subytrate as those of alloy A.

The specific weight zain data for alloy C are shown in Figure 7. In
contrast to alleoys A and B sxposed at 1400°C, the surface of alloy C appeared
vwhite and feathery. A cross-sectior of the sample exposed for 25 hours ac
1170°C is shown in Figure 8. In addition to the dense and compact oxide
shown here; other samples contained regions of enhanced oxidation similar
to those found in alloy B. Figure 9 shows a typical region of preferential
oxidation of a sample exposed at 1170°C for 6.25 hours. This sample shows a
large oxide nodule with a morphology unlike that observed on alloys A and B,
shown in Pigure 4.
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Fig. 6. Macrophotograph of alloy B
after 1400°C exposure for 100 hrs.

The vhite {s oxide and the shiny core,
at arrow, is all that remains of the
substrate.
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Fig. 7. lsothermal oxidation data for
alloy C, the composite containing
15 volume percent Saffi1™ and 3-41
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Fig. 8. BEI showing the oxide scale on
alloy C after exposure for 25 hrs. at
1170°C. Oxide is shown by (a),

fibers by (b) and NbzAl by (c¢).
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Fig. 10. Arrhenius type plot of rate
constants for the materials investi-
gated in this study.

An Arrhenius plot for the rate constants is shown in Figure 10. The
apparent change in slope, and the change in oxide morphology, suggest that
the oxidation mechanism changes as a function of temperature.

Monolithic NbAlj produced by pack aluminizing (2] by casting (3] and
by reactive sintering [8] form an oxide consisting of alternate layers of
Al,03 and NbAlO;,. The alloys in the present study showed improved oxide
adherence and less propensity to form the alternating layered structure,
although the oxide product was nonuniform. This general improvement may
be due to the oxide dispersions or fibers contained in the ssmples. A
possible explanation for the improvement due to compositing is suggested
from studies on nickel based alloys containing oxides and reactive elements.

The reasons for the improved oxide adherence due to both oxide disper-
sions and resctive element additions in nickel based alloy systems which
fora alumina and chromis have been extensively reviewed. For example,
Kofstad, compiled the following list of possible mechanisms: (a) improved
mechanical properties of the scale/substrate interface; (b) establishment
of a graded seal between the main scale and the substrate by formation of
a complete layer of a compound of the oxygen active element with favorable
thermal expansion characteristics; (c) dispersed oxide particles serve as
vacancy sinks and therby reduce or eliminate void formation and loss of
oxide adherence; (d) oxide keying or pegging obtained by incresased internal
and intergranular oxidation due to the presence of the oxygen active ele-
ments; (e) an improved chemical bond at the alloy/scale interface by the
presence of the oxygen active slement (9).

None of the alloys tested in this study contained active elements,
thus effectively eliminating (b), (d4), and (e). The possibility of im-
proved mechanical properties at the scale/substrate interface is doubtful
based on the severity of the cracking found in several of the specimens.
From those suggestions, then, the concept of dispersoids acting as vacancy




sinks remains a possibility. Another possibility is that the oxide
particles which intersect the surface act as nucleation sites for the
external oxide {5], which leads to the formation of the steady state
oxide configuration more rapidly. However, a specific mechanisa for
the decrease in oxidation rate cannot b¢ identified.

SUMMARY

The oxide dispersoids contained in the samples due to processing
lead to an improved oxidation resistance in powder metallurgy produced
NbAljy. This improvement wvas even greater for samples that contained
randomly dispersed fibers. The fibrous composite exhibited a parabolic
rate constant similar to NbAlj alloyed with Cr and Y. The reasons for
the improvement in oxidation resistance are not fully understood.
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OXIDATION OF PONDER PROCESSED NIAL AND NIAL/TIB, COMPOSITES

P.S. Korinko, D.E. Alman, N.S. Stoloff, and D.J. Duquette —
Rensselaer Polytechnic Institute, Materials Research Center, Troy, NY 12180 .

NiAl and NiAl/TiB, camposites were tested in air at 800, 1000, and -
1200°C. The oxidation resistance of the camposites depends on the falri- _—
cation route, and subsequently on the reinforcement phase morphology and -
distribution. The axidation resistance of NiAl reinfarced with large TiB, —
particles was fourd to decrease with increasing TiB, content. NiAl --
reinforced with large TiB, particles was completely axidized at 1200°C after
a 100 hour exposure.

P

Intermetallic matrix composites have emerged as potential next gener-
ation high temperature structural camposites, as evidenced by this .
conference and the MRS conference of 1990 [1]. Features such as high -
melting temperatures, low densities, and excellent oxidation resistance make -
intermetallic campounds attractive for high temperature applications, .
especially for the aerospace industry. However, these materials have poor
Creep resistance arnd poor room temperature toughness. Compositing may
improve these material properties and consequently make intermetallics
useful structural materials.

The intermetallic compound NiAl, reinforced with TiB, particles,
displays a mmber of properties that make it attractive for use at elevated
temperatures. For exagple, NiAl has a high melting temperature, 1640°C, a
low density, 5.86 g/am’, ard excellent oxidation resistance [2]. In
addition, the inclusion of TiB, particles has been shown to improve the
mechanical behavior of NiAl. For instance, the creep resistance of
NiAl/10 vols TiB, is markedly improved campared to monolithic NiAl (3],
large increases in the roam temperature strength of NiAl/TiB, composites
have been reported [4]. Finally, it has been experimentally determined
that NiAl and TiB, are thermodynamically campatible at elevated temperatures

(51.

Most research efforts have centered on determining the‘macramechanical
properties of NiAl/TiB, camposites [6],{7]). Little work has been
reported on the chemical stability of NiAl/TiB, alloys when exposed to an
oxidizing envirorment, such as air at elevated temperatures, although the
oxidation behavior of binary nickel-alumimm alloys, as a function of
alumimum content, has been extensively studied and is reasonably well
understood {8],[9]. For example, it is well known that a minimm of
17 wt% Al is required to exclusively form a continuous alumina scale on
binary nickel-alumiram alloy (10].

NiAl axidized at 900°C has a minimm oxidation rate constant at 42aty
Al [11]. This minimm is attributed to the manner in which the activity
of the dissolved Al varies with camposition. More recent work {2] did not
show the same campositional dependence of the rate constants, but this work
was corducted at higher temperatures at which an alpha Al,0; forms rather
than the theta Al,0, axide that forms below 1000°.

Rurther, the oxide formed on near stoichiametric NiAl has been
observed to spall readily on cooling [12],{13]. Spalling can be

oyjuyi0y




diminished or prevented by appropriate alloymg, [2) typically with reactive _
elemente.
In the arxrrent wrk, thewdatxmrsa.stameofbmarymhmc
NiAl and NiAl/TiB, cmpositscmtamingmardzo vols Tigzproducedvia
padermst:allurgylusbemdetermmdbetmensoomuoo

MATERIALS FABRICATION

Far this study, NiAl/TJ.stanplesmpmdwedbj powder
mballm:giczlamroadxes Reactive synthesis (RS) oglNl, and TiB, powders
and conventional hot iscstatic pressing (HIP) of XD synthesized NiAl/TiB, .
powder blends.

Reactive synthesis of NiAl/TiB,

Reactive synthesis involves producing alloys or campourds from
elemental constituents. mmmmammm“
the lowest liquidus temperature in the desired system (640°C in the Ni-Al _
system), a transient liquid forms. The liguid phase enhances both diffusion _
and densification via capillary forces. The high thermodynamic stability _
(i.e. large heat of formation) provides the driving force for the reaction. .
'nnhighﬂmmlstabilityottheformimmdmﬂtestsitselfbyths

!Inll,n'lill_lll!

of a dilutant phase (up to 15 wt%eitherprenllcyednihlorahighmltuq
temperatire secord phase) was necessary to prevent melting of the container
and sample Awring the synthesis and pressureless densification stages.

The procedure for the fabrication of reactive synthesized material is
as follows: Elemental Ni and Al powders were mixed to a camposition
correspording to 51 at$ Ni (70 wt Ni). To decrease the peak temperature
and cantrol the reaction 10 wi prealloyed NiAl was added to the elemental
powder mixture. Either 0, 10,or20vol&TiBzwasttmbla'ﬂedw1thmeN1,
Al, and NiAl mixture. Mixing was performed in a turbula type mixer for 60
m.i.nm:es Table I lists the characteristics of the powders used in this
study. Cylindrical compacts (31.7 mm diameter by 75 mm long) were produced
by cold iscstatic pressing the powder to approximately 70% thearetical
density. ‘mecmpactsmreexmps.ﬂ.atedin3o45tamlesssteelmcans
while attached to a vacuum system the cans we-e heated to 700°C to allow the
Ni and Al to react and densify. The samples were then sealed and HIPed at
1250°C, 172 MPa for either 1 or 2 hours, deperding on the sample chemistry,
to remove residual porosity. Figures la-1c shows the starting
microstructures of the RS HIP materials.

Table I. Characteristics of the starting materials.
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Powder Size Shape Exocess
Al 3 m spherical gas atamized
Ni 3=7 1m spikey surface carbonyl
NiAl =325 mesh angqular -—
TiB, 3 iam -— -—
HIP of D™ Svnthesized Powder ™

™ is a proprietary process developed by Martin Marietta Corporation, ~




Baltimore, MD, in which fine (1-3 um) TiB, particles are dispersed in a

variety of matrices. Details of the process have been described in various _
patents (14],(15]. Composite NiAl/10 vol$ TiB, powder obtained fram ~
Martin Marietta was pressed directly into 304 stainless steel HIP cans (12.5 _
mn diameter) and vacuum degassed at 300°C for several hours and then _

vacuum encapsulated. The HIP conditions were 1250°C, 172 MPa for 2 houwrs. _

Figure 1d shows the microstructure of the XD sample. Note the fine TiB, _

dispersoids campared to the coarser TiB, dispersoids found in the -

RS-10 vol%

TiB, sample shown in Figure 1b. -
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Figure 1 showing the initial e microstructures of the samples used in
this study. (a) RS-monolithic NiAl (b) RS-10TiB, (c) RS-20TiB, (d) XD~10
TiB,. Etchant: Kallings Reagent.

OXIDATION SAMPLE PREPARATION

2 Oxidation samples were prepared by cutting disks of approximately 1
cn® of the HIPed material with a diamond saw. The sanples were
metallographically polished to 0.3 um alumina on all sides. After
polishing, the samples were ultrasonically cleaned in alcohol/50% acetone,
measured, and weighed. The samples were placed in alumina cambustion boats
and inserted into a preheated furnace. Dry, compressed air was passed
through the furnace tube at 50 cc/min. Thermal exposure was conducted by
placing a single sample in the furnace and removing it after 6.25, 25 or 100
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hours. 'mesanplewasoooledtoroantapmb.memgbedaxﬂthen -

- retirned to the furmace until the next interval. The tests were conducted -
at 800, 1000, and 1200°C. Any loocse ar lightly adherent oaxide was removed
- befare the sample was weighed. _—
: The samples were examined with optical microscopy, scanning electron
microscopy -(SEM)-, me:gyda.sperszvespectzosocpy(ﬂﬁ), and x-ray
diffraction (XRD). Standardless semiquantitative (SSQ) analysis was used J.n
conjunction with the EDS. .

RESULTS AND DISCUSSION -

The results of the iscthermal exposure at 800°C are shown in Figure 2. _
These results show that the monolithic NiAl (RS~0) initially axidized —
slightly and that the weight gain remained nearly constant after the first _
few hours., The oxide on the sample was so thin that it only showed a slight _
- red-gold heat tint after the 100 hour exposure. -
Figure 2 also shows that the inclusion of 10 vol$ TiB, in to the NiAl, _
- either through the RS process, or the XD process, resulted only.-a small
-reduction of the oxidation resistance campared to the monolithic alloy. _
However, increasing the TiB, content to 20 vol% resulted in an increase of _.
the weight qain of approximately 250%. —

The camposites had a grayish surface when examined at 10X -
magnification, however, at 100X magnifications the surface showed islands .
of grey axide with a heat tinted oxide on the balance of the surface.
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i g-o —— RS-}’O —8— RS-0 —@—RS-10
—a— XD-10 —e—RS-20 —a— XD-10 —&— RS-20

Figure 2 Isothermal oxidation data Figure 3 Isothermal oxidation data for
for NiAl and camposites at 800°C.  NiAl and camposites at 1000°C.

X-ray diffraction of the camposite samples' surfaces showed predaminately
NiAl and TiB,, but also included peaks for Al,0; and TiO,. The X-ray
diffraction pattern fram the monolithic samples showed only NiAl, with the
mdepeaksatabwtthesammtensmyasttnbadc;ram

~ The results of the isothermal exposure at 1000°C are shown in Fiqure
3. The XD-10 sample shows improved oxidation resistance campared to the RS
processed materials. This is possibly due differences in alloy composition
or marphology of the reinforcing phase. EDS of the axides on the 10 TiB,
samples showed that there is a small amount of Ti in the oxide on the XD
material but not in the RS material. The RS-0 sample has better oxidation
resistance than any of the RS processed camposites, and the weight qains
increase with increasing volume fraction of TiB,.

ojqutIoy




@ . e T HON s

Figure 4 oOxides farmed on NiAl/10TiB, (a) XD processed (b) RS processed SEM _

backscatter electron images (BEI). -

Figures 4a and 4b show the oxide scale farmed on the 10 vol$ TiB,
camposites after a 100 hour exposure at 1000°C. Figure 4a shows the oxide
on the XD processed sample. The oxide is generally planar and campact,
campared to the oxide formed on the RS sample which terds to be thicker with
scme axide intrusions along the TiB, particles. This difference in reaction
product morphology can most likely be attributed to the difference in
reinforcement morphology shown in Figures 1b and 1d. Figure 5 shows the
isothermal exposure data for the NiAl/TiB, camposites exposed at 1200°C.
These data show that the monolithic RS sample is more oxidation resistant
than any of the composites, although it spalled after the 25 hour exposure
ard the test was terminated. The XD-10 sample is more oxidation resistant
than the RS-10; in fact, the RS-10 sample was nearly consumed during the
testing and only small islands of unoxidized matrix remained, whereas the XD
sample retained most of its original characteristics. The RS sample did not

Mass Change (mg/cm?)

0] 20 40 60 80 100 120
Time (hours)

—8— RS-0 —@—RS-10
—#*— XD-10 —e— RS-20

Figqure 5 Isothermal oxidation data Figure 6 Photomicrograph of a cross-

for NiAl and camposites at 1200°C. section of NiAl/20 TiB, exposed at
1200°C for 25 hours; note the four
distinct zones. Kalling's reagent
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spall despite the extent of the oxidation.

The RS-20 sample readily spalled after the first cycle. The weight
gain for the RS-20 between 6.25 and 25 hours is due to the rapid oxidation
and lack of spalling on this thermal cycle. This test was aborted after 25
hours because of the sample's poar performance. Several very interesting  _
reactions ocarrred during the oxidation testing of this sample. Figure 6a
shows a cross section of the RS-20 sample with cracks parallel to the .
substrate and large areas of internal oxidation. Four distinct recions can
also be seen, points A-D. These areas were examined in the SEM using EDS
and SSQ; campositions are given in atomic percent. Point A indicates the
unaffected base alloy, 8 NiAl, with 49.6 Ni and 50.4 Al. Point B indicates
a narrow dealloyed zone, still g NiAl, with 56.7 Ni and 43.3 Al. Point C
indicates a large band with precipitates, y', with 74.4 Ni and 25.6 Al. And
PgintDirﬂi@tsintarmlprecipitata, y', with 74.8 Ni, 21.2 Al, ard 4
Ti.

The oxide also shows variable campositions. These variations are
indicated by points E-G in Figure 7, a backscattered electron image (BEI) of
the RS-20 sample after a 25 hour exposure at 1200°C. Point E shows a dark
continuous phase; presumably Al,O; since anly Al was detected. Point F shows
alight:greyprecipitateintheuzo,,mostlﬂcely TiO,, since only Ti was
detected. Point G shows a white dispersed phase which consisted of 86.25
Ni, 9 Al, and 4.75 Ti.

Table II shows the weight changes after the 100 hour exposure. The
specific mass change increases with increasing volume fraction of TiB, for
the RS processed material. - . -
Table II. Massd‘xan;saf&:erloom',"-

exposure (mg/cm”).

Sample 800°¢c 1000°c  1200°C
oy b

RS-0 .17 .57 -.42%

XD~10 .21 .46 2.40

RS~10 .22 .66 27.55 N

RS~20 .48 .91 12.60%+

) Figure 7 Backscattered electron
*testwagt_:e;mlnatadafterzshans image of the oxide on NiAl/20 Ti
+ sample initially spalled exposed at 1200°C for 25 hours; note

the three distinct phases.

SUMMARY AND COONCLIOSIONS

1. At 800, 1000, and 1200°C the oxidation resistance of RS NiAl rein-
forced with TiB, decreases with increasing volume fraction reinfarcement.

2. The reinforcing phase morphology affects the oxidation resistance with
small particles being less detrimental to the oxidation resistance than

large ones.

3. NiAl reinforced with large TiB, particles is campletely oxidized at
temperatures in excess of 1000°C, fortunately, the mechanical

limitation for NiAl with large TiB, particles also seems to be 1000°C
(4],(16].

4. . XD-NiAl/10TiB, has superior oxidation resistance to the RS-NiAl/10TiB,
at 1000 and 1200°C.
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